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Abstract 

The structural and electrical properties of Mo thin films with thicknesses between 3 and 50 nm, deposited by physical vapor 

deposition, have been evaluated in order to assess the potential of Mo as an alternative to Cu for nano-interconnect applications. 

Mo films deposited on SiO2/Si were polycrystalline with randomly oriented grains close to the interface and the progressive 

formation of a (110) texture above 5 nm film thickness. Adhesion between Mo and low-κ dielectrics was strong with an 

adhesion energy above 5 J/m2. The Mo resistivity showed a weaker thickness dependence than Cu, which rendered Mo 

competitive with conventional TaN/Cu/TaN metallization below metal thicknesses of 8 nm. Semiclassical resistivity modeling 

found that the thin film resistivity was limited by grain boundary scattering. Furthermore, the effects of Mo deposition on 

different dielectric and metallic substrates and of post-deposition annealing up to 950ºC were investigated. Crystallinity, 

impurity concentration, and resistivity were all affected by the substrate. Post-deposition annealing in H2 led to continuous 

grain growth, followed by recrystallization at 860ºC. By contrast, annealing in H2/N2 led to the incorporation of N in the films 

and ultimately to Ta nitride formation above 500ºC. The results indicate that Mo can be a promising candidate for advanced 

interconnect metallization schemes if surface oxidation as well as impurity incorporation can be kept under control. 
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1. Introduction 

In recent technology nodes, the performance of large-scale integrated circuits has become 

progressively limited by their interconnects due to strongly increasing line and via resistances 

as well as to deteriorating reliability [1–8]. Besides unavoidable geometrical effects when line 

and via cross-sections are reduced, the increase of line and via resistances can be attributed to 

two root causes: it is known for decades that the resistivity of thin metallic films or nanowires 

strongly increases at the nanoscale because of increased scattering at rough surfaces or 

interfaces [9,10] as well as, in polycrystalline metals, by grain boundaries [11,12]. These 
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effects become dominant for line or via dimensions comparable to the mean free path (MFP) 

of the conductor, which is on the order of (10s of) nm. Since Cu possesses a rather long MFP 

of around 40 nm [13], these finite size effects are aggravated at current interconnect dimensions 

around 15 nm and thus recently alternative metals have been intensively researched to identify 

potential alternatives to Cu with a much lower MFP and thus much lower sensitivity of the 

resistivity to grain boundary or interface scattering [8,14–16]. 

Moreover, Cu interconnects require barrier (typically TaN) and liner (typically Ta or Co) 

layers for reliable operation [4,6,7,17–20]. The thickness of these layers cannot be scaled below 

certain limits to guarantee their function and therefore, they further reduce the cross-sectional 

area available for Cu in an interconnect line or via. Barrier and liner layers do not contribute 

much to the overall conductance due to their relatively high resistance, which further 

exacerbates the strong line and via resistance increase at reduced dimensions. Consequently, 

this has led to research on metals that do not require barrier and liner layers for reliable 

interconnect operation. 

For these reasons, alternatives to Cu metallization have been intensively researched in the 

recent past. An ideal interconnect metal combines low bulk resistivity and a short MFP with a 

high melting point that can serve as a proxy for reliability, i.e., for the resistance to 

electromigration and the need for diffusion barriers [21,22]. Hence, recent research has focused 

on elemental refractory metals with short MFPs, such as Co [23,24] which has recently been 

introduced into commercial circuits [25,26]. Additional work has addressed the prospects of 

Pt-group metals [27], especially of Ru [28–33].  

    In this paper, we present a comprehensive study of Mo thin films from a point of view of an 

application as alternative metallization in advanced interconnects. Mo is a refractory metal 

(Tmelt = 2620°C) with a low coefficient of thermal expansion (α = 4.8×10-6 K-1), a low bulk 

resistivity at room temperature (53.4 nΩm), and an MFP of 11 nm [13], much shorter than the 
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Cu MFP of 40 nm. Hence, Mo can be considered as a prospective metal for advanced 

interconnects beyond Cu. Mo thin films have been studied in detail for applications in, e.g., 

Mo/Si multilayers for soft x-ray optics [34,35], or as electrodes in solar cells [36,37]. However, 

a comprehensive assessment of Mo for interconnect metallization applications is still lacking. 

This work attempts to fill this gap by assessing the relevant structural, mechanical, and 

electrical properties of Mo thin films with thicknesses between 3 and 50 nm that can be used 

as a proxy for the behavior in scaled interconnect lines and vias. The results indicate that Mo 

is a promising alternative to replace Cu in interconnect applications if the chemical sensitivity 

of Mo to its environment can be controlled. 

2. Experimental and computational methods 

All Mo films were deposited by physical vapor deposition (PVD) on 300 mm Si (100) 

wafers using a Mo target with a purity of 5N. Prior to PVD, a 100 nm thick thermal SiO2 was 

grown to provide electrical insulation. In some cases, when the effect of the substrate on the 

Mo thin film properties was studied (Sec. 3.3), additional 5 to 8 nm thick layers (TaN, TiN, 

HfO2, ZrO2, Al2O3) were deposited onto SiO2. HfO2, ZrO2, Al2O3, TiN, and TaN were 

deposited by atomic layer deposition using HfCl4/H2O, ZrCl4/H2O, Al(CH3)3/H2O, TiCl4/NH3, 

and TaCl5/NH3 respectively. In some annealing studies, Mo was capped by 3 nm of Ru or TaN, 

as well as 5 nm of SiN or SiCN. Ru, TaN, and SiN capping layers were deposited by (reactive) 

PVD, whereas SiCN was deposited by plasma-enhanced chemical vapor deposition. Post-

deposition annealing was carried out on 300 mm wafers in an ASM A412 vertical furnace up 

to temperatures of 600ºC in H2 or N2/H2, as indicated in the text. Additional annealing at higher 

temperatures in N2/H2 was performed on coupons in an AG Heatpulse I RTA rapid thermal 

annealing chamber. 
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The crystal structure and the thicknesses of the Mo films were determined by 2θ-ω x-ray 

diffraction (XRD) and grazing-incidence x-ray diffraction (GIXRD, ω = 0.3°) and x-ray 

reflectance (XRR), respectively, in a Bruker JVX7300 diffractometer using Cu Kα radiation. 

Additional information about crystallinity, grain size, and thickness, was obtained by 

transmission electron microscopy (TEM) using a FEI Titan G2 60-300 operating at 120 kV in 

the dark-field scanning mode. The room-temperature resistivity of the films was assessed by 

measuring the sheet resistance (Rs) using a KLA RS100 four-point probe sheet resistance 

mapper in combination with the XRR film thickness, corrected for the thickness of the surface 

oxide (assumed to be insulating). The resistivity at cryogenic temperatures was obtained in a 

Quantum Design Physical Property Measurement System using patterned Hall bars. Atomic 

force microscopy (AFM) was performed on a Bruker ICON microscope in tapping mode. The 

film stress was determined from wafer bow measurements using a KLA Aleris 8510 Thin Film 

Metrology System. Rutherford backscattering spectrometry (RBS) was performed using 1.52 

He+ ions at a backscatter angle of 170º. Time-of-flight secondary-ion mass spectrometry (ToF-

SIMS) profiles were obtained with an ION-TOF TOF-SIMS V instrument. Both positive and 

negative ion profiles were measured in a dual beam configuration using a Bi+ (15 keV) gun for 

analysis and a Cs+ (350 eV) gun for sputtering. X-ray photoelectron spectroscopy (XPS) 

measurements were carried out in angle-resolved mode using a Theta300 system from Thermo 

Instruments using a monochromatized Al K x-ray source (1486.6 eV) and a measurement 

spot size of 400 µm.  

The Fermi surface of Mo has been obtained by ab initio calculations using the DFT 

Quantum espresso package [38] using a Monkhorst–Pack sampling scheme with a k-point 

density of 60×60×60. The valence electrons are described using the GBRV pseudopotentials 

[39] within the Perdew–Burke–Ernzerhof generalized gradient approximation [40] with a cut-

off of the kinetic energy of 60 Ry, which ensures a convergence within 10–12 eV of the total 
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energy. Based on the Fermi surface, the 𝜆 × 𝜌0 product was calculated using the semiclassical 

transport approach outlined in Refs. [13,27,41]. 

3. Results and discussion  

The paper is organized as follows. First, the properties of as-deposited ultrathin Mo films 

on thermally grown SiO2/Si (100) as a reference substrate are discussed. This section includes 

the film thickness dependence of the Mo resistivity down to 3 nm and its analysis using 

semiclassical transport modeling. Next, the effect of different substrates commonly used in 

semiconductor device applications on the Mo thin film properties is addressed. The third part 

of the paper then details the effects of post-deposition annealing, including the effect of the 

annealing ambient. This work thus provides a comprehensive perspective for Mo metallization 

in advanced semiconductor devices. 

3.1. Microstructural and morphological properties of as deposited Mo films on SiO2  

All Mo thin films deposited in this work were polycrystalline. Figures 1a and 1b show the 

2θ-ω XRD and GIXRD patterns, respectively, of thin Mo films with thicknesses between 5 and 

30 nm deposited on SiO2. In all cases, the patterns are consistent with the stable bcc phase of 

Mo. The 2θ-ω patterns in Fig. 1a are dominated by a strong (110) reflection with an intensity 

that rapidly increased with thickness. By contrast, the GIXRD patterns in Fig. 1b show both 

(110) and (200) reflections with intensities that depend only weakly on the film thickness, 

somewhat similar to previous reports [42,43]. The thickness dependence of the Mo (110) peak 

intensities (normalized to the peak intensity for 5 nm film thickness) measured both by GIXRD 

and 2θ-ω XRD is represented in Fig. 1c. These data quantify the above observations and 

confirm that the GIXRD (110) peak intensity is nearly independent of thickness whereas the 

2θ-ω XRD (110) peak intensity increases over tenfold from 5 nm to 30 nm. The 2θ-ω intensity 
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increase is much larger than the increase of the scattering volume and can therefore be 

attributed to an increase in the overall crystallinity (order) of the Mo films. 

These observations can be explained by the coexistence of a randomly oriented (rather 

disordered) minority phase with a highly (110) textured majority phase [44]. In the 2θ-ω XRD 

scans, only crystallographic planes perpendicular to the surface normal contribute to the 

diffracted x-ray intensity. By contrast, GIXRD patterns (with ω ≪ 2θ) correspond to 

crystallographic planes that are inclined by an angle of δ ≈ 90° −
2θ

2
  with respect to the 

surface. Hence, 2θ-ω XRD provides information about planes oriented parallel to the surface, 

while GIXRD characterizes typically randomly oriented grains since δ does in general not 

correspond to any specific crystallographic direction for textured films for a given 2θ. The 

thickness-independent GIXRD intensity suggests that the randomly oriented minority phase is 

formed during initial film nucleation and located at the interface with the SiO2 substrate. 

Further deposition leads then to the formation of a strongly (110) oriented textured film, in 

keeping with the strong dependence of the intensity of the (110) reflection in the 2θ-ω XRD 

patterns on the film thickness.  

This behavior is confirmed by an analysis of the thickness dependence of the Scherrer grain 

size deduced from both the GIXRD and 2θ-ω XRD patterns. While the grain size of the 

randomly oriented minority phase deduced from GIXRD is small and rather thickness 

independent, the Scherrer grain size deduced from 2θ-ω XRD monotonously increases with 

thickness. This reinforces the picture that the nucleation occurs via randomly oriented grains, 

followed by texture formation and grain growth, corresponding to the transitional Zone T in 

the structure zone model [45–48]. In this zone, the growth mode is determined by considerably 

fast surface diffusion with little bulk or grain boundary diffusion active [46]. Growth starts by 

initial random nucleation followed by grain coarsening and the successive development of a 

textured columnar grain structure due to competitive grain growth [48]. It is possible that initial 
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grain growth is blocked by the incorporation of surface impurities (e.g., O, adventitious C) 

[46], leading to the highly disordered Mo interface layer evidenced by GIXRD. This will be 

discussed further in Sec. 3.3. 

Figures 2a to 2d show AFM images of as deposited Mo films on SiO2 with thicknesses 

between 5 and 50 nm, as indicated. The extracted rms roughness is shown as a function of the 

film thickness in Fig. 2e. In general, the films were smooth and the rms roughness varied from 

0.35 ± 0.04 nm for the 5 nm thick Mo film to 0.63 ± 0.04 nm for the thickest film of 50 nm. 

Note that the initial SiO2 rms roughness was around 0.3 nm and hence the thinnest films showed 

little to no additional roughening with respect to the substrate. Further insight in the evolution 

of the surface roughness with film thickness could be obtained from the AFM images by 

determining the lateral correlation length through the autocorrelation function. The results in 

Fig. 2f indicate some coarsening of the surface structure for thicker films since the lateral 

correlation length increases from about 10 nm for Mo films below 10 nm (essentially identical 

to the lateral correlation length of the SiO2 substrate) to about 20 nm for the 50 nm thick films. 

This coarsening can be linked to lateral grain growth (see below) in structure Zone T including 

texture formation and is consistent with the increase of the Scherrer grain size deduced from 

2θ-ω XRD (Fig. 1c).  

The surface roughness was also determined by XRR (Fig. 3a). XRR confirmed the increase 

in surface roughness with increasing thickness observed by AFM. Values for the rms surface 

roughness extracted from XRR (Fig. 3b) were in reasonable agreement with those determined 

by AFM; small differences can be explained by the different spectral response of AFM and 

XRR, especially for deviations from Gaussian surface roughness [49]. XRR further revealed 

that the density of the Mo films was 95% ± 3% of the bulk Mo density of 10.3 g/cm3 for all 

film thicknesses. The density was confirmed by measuring the Mo area density using RBS. 
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Combining RBS results with the XRR film thickness (Fig. 4), led to a density of 9.7 ± 0.1 

g/cm3, about 94% of the bulk Mo density.  

XRR also revealed the presence of a surface oxide with a thickness of about 2 nm after 

exposure to air (Fig. 3c). To study the surface oxidation kinetics of Mo, the sheet resistance of 

a 15 nm thick Mo films was measured as a function of air exposure time at ambient conditions. 

Assuming that the resistivity does not change with film thickness—which is valid for the small 

observed thickness changes—the reduction of the sheet resistance can be converted to a 

reduction of the thickness of the metallic (unoxidized) Mo film that carries the current. The 

results are shown in Fig. 5a. One can see that the metallic Mo thickness is reduced by about 

0.95 nm after a month (~2.6×106 s). The data also show that the oxidation during the first 24 h 

(~105 s) is limited to a metallic Mo loss of about 0.3 nm. This indicates that the Mo surface 

oxidation is a rather slow process. An analysis of the time dependence assuming a power law 

dependence ∝ 𝑡𝛾 (Fig. 5b) shows different kinetics for short times below a few hours 

(characterized by 𝛾 = 0.63 ± 0.03) and for longer times (characterized by 𝛾 = 0.35 ± 0.02). 

We speculate that this may be due to the formation of an increasingly closed surface oxide 

layer, which may modify the rate-limiting process from O absorption and surface reactions 

with Mo to processes including the outdiffusion of Mo to the surface. It should be noted, 

however, that both exponents differ from the value of 𝛾 = 0.5 expected for pure diffusion 

processes. 

The native oxide of Mo after oxidation in air for a month was analyzed by XPS. The Mo 3d 

XPS spectrum in Fig. 5c can be accounted for by three components that are attributed to 

metallic Mo0 (Mo 3d5/2 binding energy of 227.9 eV), Mo4+ (Mo 3d5/2 binding energy of 231.8 

eV), and Mo6+ (Mo 3d5/2 binding energy of 232.7 eV). The latter two components can be 

assigned to (different parts) of the surface oxide. Angle-dependence XPS measurements (not 

shown) suggested that the Mo6+ was predominantly found at the surface of the films, whereas 
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the Mo4+ component was situated rather at the interface with Mo0. The thickness of the native 

Mo oxide extracted from the XPS measurements by comparing the combined intensity of the 

Mo4+ and Mo6+ components to the Mo0 intensity was 2.7 ± 0.3 nm. This is about 2.8× the 

thickness of the metallic Mo loss deduced from sheet resistance measurements and can be 

explained by the volume expansion and the reduction of the Mo atomic density during 

oxidation. The volume expansion is in reasonable agreement with the atomic density of Mo in 

MoO3, which shows that the surface oxide was rather dense.  

The built-in stress in the Mo films was determined by wafer bow measurements. Results are 

depicted in Fig. 6. As deposited ~10 nm thick films showed large tensile stress of the order of 

1500 MPa. For thicker films, the stress decreased but still remained on the order of 500 MPa 

for 30 nm thick films. Large built-in tensile stresses in thin metal films deposited by PVD have 

typically been linked to the island coalescence process and the formation of grain boundaries 

at the early nucleation stages of the deposition [50,51]. This is consistent with the XRD results 

that indicate the formation of a thin nucleation layer with small and randomly oriented 

crystallites during the initial deposition. Further deposition leads then to the formation of a 

textured columnar microstructure, which generates incremental compressive stress and reduces 

tensile stress. This is again a commonly observed stress evolution for the deposition of metallic 

films and could be interpreted by the progressive incorporation of adatoms into grain 

boundaries [50–52]. However, the tensile stress remains relatively large, still exceeding 500 

MPa for a 30 nm thick film. 

Strong adhesion to the surrounding dielectrics is a crucial requirement for the integration of 

metals into scaled interconnects. Table 1 presents experimental adhesion energies determined 

using four-point bending on both SiO2 and dense low-κ organosilicate glass (OSG, κ = 3.0), 

which is commonly used as a dielectric in interconnects. The adhesion between Mo and the 

dielectrics was strong with adhesion energies > 5 J/m2 in all cases. Annealing at high 
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temperature (800°C) did not affect the adhesion on SiO2 within the experimental accuracy. 

Similar to the case of Ru [28], adding a 0.3 nm thick discontinuous TiN adhesion liner already 

increased the adhesion measurably. However, values of about 5 J/m2 are typically sufficient to 

allow for the integration in conventional damascene interconnect processing as well as 

packaging schemes and therefore no adhesion liners are expected to be required for Mo. This 

is different from more noble metals, such as, e.g., Pt-group metals (Ru, Ir), which show weak 

adhesion to dielectrics and typically require adhesion liners [28]. This is a clear advantage of 

more reactive base metals such as Mo, which may enable fully linerless metallization with 

associated advantages in line resistance. 

3.2. Resistivity scaling of Mo thin films on SiO2 

The resistivity of a metal at small interconnect line and via dimensions is a critical property 

that determines its promise for interconnect applications. However, the interconnect line and 

via resistances strongly depend on the detailed metallization scheme and the integration route 

and are therefore difficult to assess in general. By contrast, the resistivity scaling behavior of 

thin films is comparatively easy to assess and has thus been often used as a proxy for the 

“intrinsic” resistivity scaling prospects for interconnects [15,27]. We have therefore 

determined the thickness-dependent thin film resistivity of as deposited Mo films on SiO2. The 

results are shown in Fig. 7. For comparison, thickness-dependent resistivities of W, Ru, and 

TaN/Cu/TaN thin films [27] are also shown. The TaN/Cu/TaN (1.5 nm TaN/x nm Cu/1.5 nm 

TaN) can be considered as a simplified equivalent of the metallization scheme used in current 

interconnects. Prior to the resistivity measurements, the Cu and Ru samples were annealed at 

420ºC for 20 min in forming gas to mimic a typical thermal budget during interconnect 

processing. Annealing W under the same conditions had no measurable effect on the resistivity. 
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The annealing behavior of Mo and its impact on thin film resistivity will be discussed in more 

detail in Sec. 3.4 below. 

The data show that Mo outperforms W over the entire thickness range and TaN/Cu/TaN 

below about 8 nm total metal thickness. To shed further light on the resistivity scaling of Mo, 

the thickness dependence of the resistivity has been modeled within the semiclassical model 

developed by Mayadas and Shatzkes [12] that considers both surface as well as grain boundary 

scattering. In this model, the resistivity ρtf of a polycrystalline thin film with thickness h and 

linear intercept length between grain boundaries g is given by [12] 

 𝜌𝑡𝑓 = {
1

𝜌𝐺𝐵
−

6

𝜋𝑘0𝜌0
(1 − 𝑝) ∫ 𝑑𝜑 ∫ 𝑑𝑡

∞

1

cos2𝜑

𝐻2

𝜋

2
0

(
1

𝑡3 −
1

𝑡5)
1−𝑒−𝑘0𝑡𝐻

1−𝑝𝑒−𝑘0𝑡𝐻}
−1

,              (1) 

 

with 𝐻 = 1 + α (cos𝜑√(1 − 1 𝑡2⁄ ))⁄ , 𝑘0 = ℎ 𝜆⁄ , 𝛼 = (𝜆 𝑔⁄ ) × 2𝑅 (1 − 𝑅)⁄ , and 𝜌𝐺𝐵 =

𝜌0[1 − (3𝛼 2⁄ ) + 3𝛼2 − 3𝛼3ln(1 + 1 𝛼⁄ )]−1. Here, ρ0 denotes the bulk resistivity of the metal 

and λ the bulk mean free path of the charge carriers (due to electron-phonon scattering). Surface 

scattering is described via the phenomenological parameter 0 ≤ p ≤ 1. A value of p = 1 

corresponds to specular scattering at surfaces or interfaces, whereas p = 0 corresponds to fully 

diffuse scattering. By contrast, grain bounday scattering is characterized by the quantum-

mechanical reflection coefficient of the charge carriers from a grain boundary, 0 ≤ R ≤ 1. 

The mean free path of a metal can be determined from ab initio calculations of the electronic 

structure, as introduced by Gall [13]. It has be shown that, for bulk metals with the bulk 

resistivity determined by electron-phonon scattering, the product of the mean free path and the 

bulk resistivity, 𝜆 × 𝜌0, can be approximately written as a function of the Fermi surface 

morphology only and does not require calculations of electron-phonon relaxation rates. In this 

framework, the mean free path can then be obtained from ab initio calculations of the Fermi 

surface if the bulk resistivity is known (ρ0 = 53.4 nΩm for Mo). Following the approach 
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detailed in Dutta et al. [27], the analysis of the Mo Fermi surface (Fig. 8a) led to a mean free 

path of λ = 11.2 nm, in agreement with the results in [13]. We remark that the resistivity of bulk 

cubic Mo is anisotropic as is the mean free path in this framework [53]. The model further 

requires the knowledge of the film thickness dependence of the linear intercept length between 

grain boundaries (related to the grain size [54]). This was extracted from plan-view TEM 

images (Figs. 8b to 8e) of the films. Figure 8f shows the experimental resistivities as well as 

the result of the best fit of Eq. (1) to the data. Excellent agreement between the experiment and 

the model was obtained for fully diffuse surface scattering (p = 0) and a grain boundary 

reflection coefficient of R = 0.46 ± 0.03. The value of R is comparable to that of Ru (R = 0.43 

to 0.58) or Ir (R = 0.47 ± 0.03) [27], which supports modeling results suggesting that refractory 

metals are characterized by rather high grain boundary reflection coefficients on the order of R 

~ 0.5 [55]. We remark that R ~ 0.20 to 0.25 for Cu [3,27,56,57]. 

The above results pose the question whether the thin film resistivity is determined by surface 

or grain boundary scattering. Yet, Matthiessen’s rule does not apply to Eq. (1) and therefore 

surface and grain boundary scattering contributions cannot be quantitatively separated. 

Nonetheless, following the arguments in Ref. [27], some insight can be gained by considering 

the sum of squared residuals (SSR) of modelled and experimental resistivities as a function of 

model parameters p and R. The resulting graph is depicted in Fig. 8g and shows an elongated 

SSR minimum along the p direction. This behavior is reminiscent to that of Ru and Ir [27] and 

indicates that the contribution of surface scattering is rather weak as the variation of p only 

weakly affects the resistivity (and therefore the SSR). Consequently, the Mo thin film 

resistivity appears to be dominated by grain boundary scattering, very similar to the findings 

for Ru and Ir [27]. This suggests that the resistivity of thin films of refractory metals tends to 

be strongly determined by grain boundary scattering, presumably also due to their large grain 

boundary reflection coefficients, as well as potentially the difficulty to obtain large grains at 

that of Ru.  

Pt-group metals but weaker than Cu. 

▪ Lower resistivity (~1.5×) than W over 

entire thickness range. Crossover with 

TaN/Cu/TaN around 9 nm. 

▪ Annealing at 420°C in forming gas 

increases the resistivity by about 30%.  



 

 

13 

 

low thermal budgets. Again, for Cu, grain boundary scattering is weaker, and the contribution 

of surface scattering is therefore stronger for small film thicknesses [3,27,56]. Hence, achieving 

large grain sizes to reduce the resistivity is even of more paramount importance for refractory 

metals (such as Mo) than for Cu. Nonetheless, the thickness dependence of the Mo resistivity 

(as well as that of Ru and Ir) is weaker than that of Cu because of the much smaller mean free 

path of Mo with respect to Cu. 

3.2.1. Temperature dependence of the resistivity of thin Mo films 
 

Further insight into the relative impact of the different scattering mechanisms can be 

obtained from the temperature dependence of the resistivity [58,59]. The thin film resistivity 

model expressed by Eq. (1) is not explicitly temperature dependent but rather implicitly via the 

temperature dependence of the bulk resistivity and the mean free path. As mentioned above, 

the product of the mean free path and the bulk resistivity, λ×ρ0, is only a function of the Fermi 

surface morphology and, well below the Fermi temperature of the metal, can be typically 

assumed to be approximately independent of temperature T. Hence, 

𝜆(𝑇) × 𝜌0(𝑇) ≈ const            (2) 

For electron-phonon scattering, the temperature dependence of the resistivity is given by the 

Bloch-Grüneisen law 

𝜌0(𝑇) = 𝐶𝑇5 ∫
𝑥5

(𝑒𝑥 − 1)(1 − 𝑒−𝑥)
𝑑𝑥

ΘD
𝑇

0

,                                                 (3) 

with ΘD the Debye temperature of the metal and C a prefactor that can, e.g., be determined 

from the room temperature resistivity. This allows for the calculation of the temperature 

dependence of the mean free path. The temperature dependences of mean free path and bulk 

resistivity can then be combined with the semiclassical thin film resistivity in Eq. (1) to 

calculate its temperature dependence. Here, the surface and grain boundary scattering 

parameters, p and R, are assumed to be temperature independent. 
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Figure 8h shows the experimental temperature dependence of the resistivity of a 6 nm thin 

Mo film between T = 10 K and room temperature. Excellent agreement with the model (solid 

line, ΘD = 370 K) could be achieved over the entire temperature range using the parameters (p 

= 0, R = 0.46) obtained by modeling the thickness dependence of the resistivity and a linear 

intercept length between grain boundaries of 8.2 nm, in reasonable agreement with the 

experimental value of ~7 nm. 

 The above approach can also be used to determine the experimental temperature 

coefficient of the resistivity (TCR). The result is shown in Fig. 8i. The data indicates that the 

TCR of Mo is close to the bulk value of 0.23 nΩm/K [60], independent of thickness down to 

about 6 nm. For the thinnest film of 4 nm, a decrease by about 20% was observed. This behavior 

is very similar to that of Co and Ru reported before [59] and has been ascribed [within the 

semiclassical thin film resistivity model in Eqs. (1) to (3)] to dominant grain boundary 

scattering [59], in agreement with the above analysis of the thickness dependence. By contrast, 

the TCR is expected to increase with decreasing thickness when the resistivity is dominated by 

surface scattering. The TCR roll-off for the thinnest film has also been observed for Co and Ru 

[59] and has been ascribed to strongly increased disorder and the breakdown of Matthiessen’s 

rule [59,61,62]. We note that this is in qualitative agreement with the deposition model 

discussed above, in which the deposition of a randomly oriented nucleation layer (with 

presumably large disorder) is followed by the deposition of an increasingly crystalline textured 

film. We further note that the thickness-dependence of the residual resistivity ratio (RRR, Fig. 

8i) also corroborates this model. Absolute RRR values are rather small, which can be ascribed 

to the small grains and the large resulting disorder in the films. 
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3.3. Effects of the substrate on Mo thin film properties 

The Mo films reported in the previous section have all been deposited on SiO2 as a reference 

substrate. In many microelectronic applications, Mo films are however in contact with different 

dielectric or metallic substrates. We have therefore also studied the dependence of the Mo thin 

film properties on other representative dielectric and metallic substrates, such as Al2O3, HfO2, 

ZrO2, TiN, and TaN, in addition to SiO2 reported in the previous section. 

Figures 9a and 9b show 2θ-ω XRD and GIXRD patterns of 15 nm thick Mo films on the 

different substrates, as indicated. The data clearly show that the (110) peak intensities in the 

2θ-ω XRD and GIXRD pattern are correlated: strong 2θ-ω XRD intensities are found to 

correlate with weak GIXRD intensities and vice versa. This can be understood within the 

deposition model discussed above as well as the observation of a Zone T behavior and suggests 

that films on Al2O3, HfO2, and TaN are more crystalline (and more textured) and contain less 

disordered interface layers than films on SiO2, ZrO2, and TiN.  

The difference in crystallinity also has an impact on the Mo thin film resistivity. Figure 9c 

shows the resistivity of the 15 nm thick films on the different substrates. The resistivity 

followed in general the trends observed in the XRD pattern. The lowest resistivities were 

observed for Mo on Al2O3, HfO2, and TaN, whereas the resistivity of Mo on TiN was 

particularly high. To better understand the effect of the substrate on the resistivity, the impurity 

concentrations in the Mo films on different substrates were studied by ToF-SIMS. Figures 9d 

and 9e show the MoO˗ and C˗ secondary ion yield as a function of sputter time (depth). The 

data show that the resistivities are clearly correlated with the O and C contents in the bulk of 

the Mo film. Highest O and C concentrations were present in Mo/TiN, about 6× (for O) and 2× 

(for C) higher than in Mo/TaN. No other clear correlations between film properties and ToF-

SIMS yield (e.g., the N concentration) were observed.  



 

 

16 

 

The direct correlation between the O content and the resistivity is apparent in Fig. 9f, which 

shows a monotonous rapid increase of the resistivity as a function of MoO- secondary ion yield. 

Similar correlations were also observed between MoO- secondary ion yield and the 2θ-ω XRD 

and GIXRD Mo (110) peak intensities. High O content led to weaker 2θ-ω XRD and larger 

GIXRD Mo (110) peak intensity. It is challenging to link the increased resistivity directly to 

impurity scattering as the ToF-SIMS yield cannot be directly quantified. EDS and XPS (not 

shown) suggest that absolute O concentrations were on the order of the detection limit, i.e., 

around 1 at.%. It is therefore likely that the resistivity increase rather stems indirectly from the 

reduced crystallinity and small grain size indicated by the XRD and GIXRD patterns, as it has 

been shown in the previous section that the Mo thin film resistivity is strongly affected by grain 

boundary scattering.  

Where do the O and C contaminations come from? All Mo films were deposited with the 

same high purity target (5N) and therefore the contaminants cannot be incorporated directly 

due to the deposition itself. By contrast, especially the presence of C suggests that the 

contaminants originate from adventitious surface layers, for example sorbed H2O or 

adventitious C that is always present on surfaces exposed to air. As also discussed in the next 

section, Mo is a reactive metal, and it is therefore likely that weakly bonded atoms on the initial 

substrate surface can be incorporated into the film. Moreover, Mo may reduce the surface oxide 

of the substrate layers, especially the surface oxide of TiN. These observations are consistent 

with the above discussion that the Zone T growth behavior, especially the transition between 

random nucleation and texture formation, can be affected by the presence of impurities. Such 

impurities may block grain boundary movement in the first stages of film deposition and lead 

to a disordered randomly oriented layer at the interface with the substrate. It is plausible that 

larger impurity concentrations may defer the transition and lead to thicker disordered layers, in 

agreement with the experimental results.  
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Besides the resistivity, the substrate also strongly affected the stress in the films, as shown 

in Fig. 9g. As reported above, the built-in stress in Mo/SiO2 was strongly tensile around 1000 

MPa, depending on the film thickness. By contrast, much lower tensile stress was found for 

Mo/Al2O3, and the stress even became (strongly) compressive on HfO2 and TiN. While the 

substrate affects nucleation and nuclei coalescence and thus the residual stress formation in the 

films, the strong compressive stress may also be attributed to impurity incorporation [63–65]. 

The separation of these direct (impurities) and indirect (microstructure) influences on residual 

stress in Mo thin films will however require further research. 

3.4. Effects of annealing on the properties of Mo thin films 

The experimental results in the previous subsections were all obtained on as deposited films. 

Below, we will address the effect of a post-deposition anneal (PDA) on the properties of Mo 

thin films. Annealing is a typical step in metallization processing as it tends to increase grain 

sizes by recrystallization or grain growth [66,67] and typically reduces the resistivity 

[27,68,69]. It is therefore of great interest to understand the effect of PDAs with different 

thermal budgets on the microstructure and resistivity of Mo films. A special focus in this work 

will be on the behavior of annealing temperatures around 420°C since they are relevant for 

interconnect processing in microelectronic logic applications, although higher annealing 

temperatures may be allowed when Mo is integrated in (non-volatile) memory applications. 

3.4.1. Annealing in N2/H2 and Mo nitridation 

A typical step in semiconductor processing is the sintering of the structures at temperatures 

around 420°C in N2/H2 (forming gas). Therefore, in a first step, Mo/SiO2 films were annealed 

under these conditions (420°C in 80:20 N2/H2, atmospheric pressure) and both structural and 

electrical properties were determined. Somewhat surprisingly, the resistivity was observed to 

increase by about 25% upon annealing, rather independently of the film thickness (Fig. 10a). 
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This could be attributed to the incorporation of N into Mo during the anneal, as revealed by 

ToF-SIMS (Fig. 10b) and indicates a high sensitivity of Mo to nitridation even at relatively 

low temperatures. This will be further discussed below. Note that ToF-SIMS confirmed that 

the O level in Mo (Fig. 10b) does not increase during annealing (e.g., due to O diffusion from 

the surface oxide). Hence, the increase in resistivity cannot be attributed to O incorporation.  

By contrast, the microstructure of the Mo films and the surface morphology were scarcely 

affected by the PDA at 420°C in N2/H2. Figure 10c shows 2θ-ω XRD pattern of Mo films with 

different thicknesses between 5 and 30 nm both as deposited and after the PDA. The data 

indicate that the peak intensities as well as the peak width were not significantly modified. A 

small downshift of the Mo (110) 2θ peak angle by about 500 arcsec can be attributed to stress 

relaxation or N incorporation during annealing. Similar results were obtained by GIXRD (data 

not shown). Moreover, the atomic force micrograph of a 10 nm Mo film in Fig. 10d indicates 

that the surface morphology was not influenced by the PDA, in keeping with the XRR results 

(data not shown). The rms roughness deduced to be 0.3 nm and thus identical within 

experimental accuracy to the value of the as deposited film (see Fig. 2).  

While annealing at 420°C did not lead to a phase change of the films, annealing at a higher 

temperature of 650°C led to the nitridation of the films and the formation of cubic γ-Mo2N 

[70,71], as evidenced by the GIXRD pattern in Fig. 10e. The formation of γ-Mo2N has been 

observed by ammonolysis in the same temperature range [72,73]. MoxN films have also been 

deposited by reactive sputtering of Mo in an N2-containing atmosphere [74,75], i.e., under 

plasma conditions. However, the reaction of Mo with N2 is thermodynamically favorable and 

our results show that γ-Mo2N can occur by the reaction of Mo in N2/H2 at relatively low 

temperatures. 

The above results indicate that the annealing of open Mo films in atmospheres containing 

N2 (even reducing) should be avoided, even at relatively low temperatures around 400°C, 
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which are common during interconnect processing. Figure 10f shows the evolution of the Mo 

thin film resistivity as a function of PDA temperature in an N2/H2 ambient. The data indicate 

that the Mo resistivity starts to increase slightly at temperatures around 400°C, followed by a 

sharp rise around 550°C that can be attributed to the formation of γ-Mo2N, in keeping with 

previous observations of large thin film resistivities of γ-Mo2N (bulk resistivity about 200 

nΩm) [71].  

Yet, the data also show that the formation can be avoided by suitable 3 nm thick capping 

layers that preclude Mo nitridation (see Fig. 10f for 3 nm thick capping layers), either by 

preventing N indiffusion or Mo outdiffusion towards the surface. The most suitable capping 

layer appears to be 3 nm of SiN that inhibits nitridation up to 800°C, was well as TaN (up to 

700°C). By contrast, Ru does not seem to be a suitable capping layer since it does not delay 

the onset of the resistivity increase. A decrease in resistivity above 600°C can be attributed to 

a solid-state reaction and the formation of a Mo-Ru-N intermetallic compound. We note that 

the resistivity of the SiN and TaN capped samples decreases slowly with annealing temperature 

due to grain growth, as discussed further below. This is also evidenced by the TEM images in 

Figs 10g and 10h. A comparison of grain sizes between a 20 nm thick as-deposited (Fig. 10g) 

and a TaN capped and annealed (at 650°C, Fig10h) sample demonstrates that the grain size 

indeed increases by annealing. However, the grain growth is limited when compared to an 

uncapped sample (see next section), which suggests that the capping layer hinders grain 

growth, e.g., by restricting the movement of grain boundaries.  

3.4.2. Microstructural evolution of Mo thin films upon post-deposition annealing 

 

To study the intrinsic annealing behavior of Mo, it is thus mandatory to anneal in an N-free 

ambient. In order to assess the microstructural evolution of Mo, IS-XRD (Fig. 11a) was 

performed on a 20 nm thick film (on SiO2) in an H2/He atmosphere. Additional measurements 
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for other film thicknesses between 5 and 30 nm did not show a significantly different behavior 

and the results below can therefore be assumed to be independent of the Mo thin film thickness 

(at least within the studied range). The measurements indicated a weak and slow increase of 

the XRD intensity (which can be linked to an increase of the overall crystallinity and the grain 

size) in Fig. 11b up to a temperature of around 800°C, followed by a sharp intensity rise that 

can be linked to a recrystallization process [66,67]. Here, the recrystallization temperature was 

around 860°C. Such a high recrystallization temperature is consistent with the high melting 

temperature and large cohesive energy of Mo [66,67]. We note that a similar recrystallization 

process has been observed for thin Ru films [76], albeit at much lower temperatures around 

470°C. Hence, Ru (and more generally Pt-group metals [76]) show much lower 

recrystallization temperatures than Mo, despite similar melting temperatures, which renders 

them more susceptible to an increased grain size and a reduced resistivity after PDAs at 

temperatures compatible with interconnect processing. 

The Scherrer grain size in Fig. 11c confirms the above behavior, indicating steady grain 

growth below 800°C with signs of saturation, followed by a second grain size increase during 

the recrystallization process up to values close to the film thickness. The grain growth during 

the first stage of annealing below 800°C was corroborated by the TEM images in Fig. 11d and 

11e, that indicated an increase of the average grain size after annealing at 650°C in H2. Note 

that the grain size of the annealed (uncapped) sample (at 650°C) is markedly larger than that 

for the TaN capped sample (annealed at the same temperature) in Fig. 10h, which confirms that 

the presence of the cap reduces grain growth during annealing. We remark that the resistivity 

of a 20 nm Mo film after annealing at 650°C in H2 was 116 ± 5 nΩm and therefore slightly 

lower than of the TaN-capped samples (128 ± 5 nΩm at 650°C in H2, further reduced to 120 ± 

5 nΩm at 800°C) annealed at a much higher temperature of 800°C. An as-deposited uncapped 

20 nm thick Mo film had a resistivity of 136 ± 6 nΩm. 
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Finally, Fig. 11f present the variation of the out-of-plane lattice parameter c (with respect 

to the room temperature bulk Mo lattice parameter c0) of a 20 nm thick Mo film during ramp 

annealing/cooling up to 950°C and back to room temperature. The data are consistent with the 

large tensile strain (~500MPa to 1 GPa) observed by wafer bow measurements (Fig. 6). 

Overall, the out-of-plane lattice parameter increased steadily with temperature due to thermal 

expansion of the Mo film (and the Si) substrate. Yet, two deviations from the thermal expansion 

trendline were observed: first, a deviation towards larger values (more compressive stress) 

around 470°C and a second deviation back towards more tensile stress around 600°C, as 

evidenced by drastic dc/dT slope changes. This behavior is consistent with wafer bow 

measurements after cooldown (Fig. 6). A PDA at an intermediate temperature of 420°C led to 

the formation of strong compressive stress of up to -500 GPa. At an even higher annealing 

temperature of 650°C, the stress changed back again to tensile, in agreement with the IS-XRD 

analysis. The data in Fig. 11f further indicate that the cooldown did not introduce any further 

stress relaxation or change, since the out-of-plane lattice parameter followed the thermal 

expansion trend line. While the data in Figs. 6 and 11f are qualitatively consistent, the absolute 

critical temperatures for the stress relaxation mechanisms appear to deviate somewhat. Yet, 

Fig. 11f represents data obtained during ramp annealing, whereas Fig. 6 was obtained after an 

extended PDA, which may explain differences in the exact temperature behavior by kinetic 

effects. This, as well as the underlying stress relaxation processes, requires further study to 

fully understand the thermal stress behavior of Mo thin films. 

4. Conclusions 

In conclusion, we have investigated the structural, mechanical, and electrical properties of 

PVD Mo thin films with thicknesses between 3 and 50 nm for the potential use of Mo as a 

metal in advanced microelectronic interconnects. The data indicate that Mo is a promising 
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metal to replace W and even Cu in future interconnect nodes. Due to its short mean free path 

of the charge carriers (11 nm), the Mo resistivity shows a much weaker thickness dependence 

than Cu (mean free path of 40 nm). As a result, the Mo resistivity can rival with that of Cu at 

scaled dimensions (film thicknesses in this work), in particular if Mo does not require barrier 

and liner layers for reliable operation. Cu metallization schemes require both diffusion barrier 

and liner layers to prevent from Cu diffusion in the surrounding dielectrics as well as 

electromigration issues. Since the thickness of barrier and liner layers cannot be reduced below 

certain limits without losing their function, barrierless metallization schemes can use larger 

volumes for the conductor metal and therefore provide lower line and via resistances than 

possible for Cu metallization [15]. In this work, this is mimicked by comparing Mo to 

TaN/Cu/TaN stacks as proxies of current interconnect metallization and demonstrates that Mo 

has indeed the potential to replace such stacks with gains in line and via resistance. 

The main challenge of Mo as an interconnect metal is its reactivity and its sensitivity to the 

environment. Mo oxidizes readily in air, leading to insulating surface oxides that can reduce 

the current-carrying volume in integrated interconnects fabricated by subtractive etch schemes 

[33]. Annealing in N2-containing atmospheres can lead to nitridation and resistivity increase 

even at comparatively low temperatures. The incorporation of surface contaminants can lead 

to a strong dependence of the Mo properties on the surrounding materials and the substrate for 

deposition. Hence, Mo metallization schemes need to carefully consider such potential issues 

to avoid contamination and enable high purity Mo metallization in the interconnect structures. 

It is instructive to compare Mo to more noble metals, such as Ru or Ir, from an interconnect 

performance viewpoint. Both Mo and Ru possess a small mean free path and show a rather 

similar resistivity scaling behavior due to short mean free paths of the charge carriers. All 

metals are refractory and can be expected to show excellent reliability behavior in scaled 

interconnect lines. Ru recrystallizes at a much lower temperature than Mo and thus the Ru 
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resistivity can be reduced by PDAs, leading to low resistivities especially for Ru metallization 

by atomic layer deposition [28]. Noble Ru (and Ir) is much more inert than Mo, leading to a 

much-reduced sensitivity to further processing steps as well as the surrounding materials. 

However, the relative inertness of Ru and Ir leads to weak adhesion with adjacent dielectrics. 

While this can be mitigated for Ru by a rather thin TiN adhesion liner that leads only to a small 

reduction of the available volume for Ru [28], this is much more of an issue for Ir. As shown 

above, the more reactive nature of Mo results in strong adhesion and therefore adhesion liners 

are not required. While the above considerations clearly show the relevant trade-offs for 

different metals in terms of materials properties and resulting interconnect performance, other 

factors such as cost and process maturity will also strongly affect the choice of the interconnect 

metal beyond Cu. This is however beyond the scope of the current paper. 
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Table 1: Adhesion energies from four-point bending measurements of Mo thin films on SiO2 

and OSG 3.0 low-κ substrates for different liners and annealing conditions. 

 

Substrate Adhesion liner PDA conditions Adhesion energy (J/m2) 

SiO2 none none 6.9 ± 0.5 

SiO2 none 800°C 6.6 ± 0.7 

SiO2 0.3 nm TiN none 10.1 ± 3.7 

OSG 3.0 none none 5.1 ± 0.5 
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Figure 1: Microstructure of thin Mo films: (a) 2θ-ω XRD and (b) GIXRD patterns of as-

deposited Mo films with thicknesses between 5 and 30 nm as indicated. (c) 2θ-ω XRD and 

GIXRD Mo (110) peak intensity (normalized to the intensity for the 5 nm thick film) as well 

as Scherrer grain size as a function of Mo film thickness.  
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Figure 2: Surface morphology of Mo films: (a) to (d): Atomic force micrographs of as 

deposited Mo thin films on SiO2/Si with thicknesses as specified. (e) RMS surface roughness 

and (f) lateral correlation length deduced from the atomic force micrographs. 
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Figure 3: (a) X-ray reflectivity (XRR, black dots) and best fits to the data (green lines) of Mo 

films with thicknesses as specified. The data are offset for clarity. (b) RMS roughness deduced 

from the XRR data. (c) Density profile extracted from XRR of a 10 nm thick Mo film deposited 

on 10 nm SiO2/Si.  
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Figure 4: XRR film thickness as a function of the Mo area density measured by RBS. The 

slope corresponds to a density of 9.7 ± 0.1 g/cm3, 94% of the bulk Mo density of 10.3 g/cm3. 

Error bars are below the size of the symbols. 
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Figure 5: Mo surface oxidation in air: (a) Metallic Mo film thickness loss due to surface 

oxidation deduced from changes of the sheet resistance with air exposure time. (b) Double-

logarithmic plot of the Mo loss as a function of time indicating two different kinetic regimes. 

(c) Mo 3d XPS spectrum of the Mo surface oxide. 
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Figure 6: Stress in Mo thin films as a function of their thickness, both as deposited as well as 

after annealing at 420ºC and 650ºC in H2, as indicated. 
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Figure 7: Thickness dependence of the resistivity of as deposited Mo films. As a reference, 

data are also shown for W, Ru, as well as 1.5 nm TaN/x nm Cu/1.5 nm TaN stacks [27]. The 

TaN/Cu/TaN and Ru films have been annealed at 420ºC in N2/H2. Error bars are below the size 

of the symbols. 
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Figure 8: Charge transport in thin Mo films: (a) Calculated Fermi surface of bcc Mo. The color 

scheme represents the Fermi velocity vF. (b) to (e) Plan view dark-field transmission electron 

micrographs of as deposited Mo films with thicknesses as indicated. (f) Experimental as well 

as modelled thickness dependence of the Mo thin film resistivity. The parameters used in the 

semiclassical Mayadas-Shatzkes model are discussed in the text. (g) Sum of squared residuals 

(SSR, logarithmic color scale) of the model in (f) as a function of surface scattering parameter 

p and grain boundary scattering parameter R. The position of the best fit in (𝑝, 𝑅) parameter 

space is marked by a white circle. (h) Temperature dependence of the resistivity of a 6 nm 

thick Mo film (dots). The solid line indicates the result of the temperature-dependent Mayadas-

Shatzkes model. (i) Temperature coefficient of the resistivity (TCR) and residual resistance 

ratio (RRR) of Mo films as a function of their thickness. 
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Figure 9: Effect of the substrate on Mo film properties: (a) 2θ-ω XRD and (b) GIXRD patterns 

of 15 nm thick as-deposited Mo films on different substrates, as indicated. (c) Resistivity of 

the 15 nm thick Mo films on the different substrates. (d) MoO− and (e) C− (square root of the 

C2
− signal) ToF-SIMS yield for 15 nm thick as-deposited Mo films on different substrates, as 

indicated. (f) Resistivity and (g) (110) XRD as well as GIXRD peak intensity as a function of 

MoO− ToF-SIMS yield for the samples in (d). The O content (MoO− ToF-SIMS yield) is 

clearly correlated to resistivity as well as crystallinity. (h) Stress in 15 nm thick Mo films on 

different substrates, as indicated. 
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Figure 10: Annealing in N2/H2: (a) Mo resistivity vs. film thickness both as deposited and after 

annealing at 420°C in N2/H2. (b) O− and N ([CN−]/[C−]) ToF-SIMS yields in 20 nm thick Mo 

films both as deposited and after a 420°C PDA in N2/H2. Error bars are below the size of the 

symbols. (c) 2θ-ω XRD patterns of Mo films with thicknesses as indicated, both pre and post 

annealing at 420°C in N2/H2. (d) Atomic force micrograph of a 10 nm thick Mo films after a 

420°C PDA in N2/H2. (e) 2θ-ω XRD pattern of a 20 nm Mo film after a 650°C PDA in N2/H2. 

(f) Resistivity of 20 nm thick Mo films as a function of annealing temperature in N2/H2 for Mo 

without and with capping layers as indicated. (g) and (h) Plan view dark-field transmission 

electron micrographs of 20 nm Mo films (g) as deposited and (h) with a 3 nm TaN capping 

after annealing at 650°C in N2/H2.  
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Figure 11: Microstructural evolution during Mo annealing: (a) In situ 2θ-ω XRD pattern of a 

20 nm thick Mo film during ramp annealing in H2/He between room temperature and 950°C. 

(b) Variation of the Mo (110) XRD intensity and (c) of the Scherrer grain size during ramp 

annealing up to 950°C in H2/He. (d) and (e) Plan view dark-field transmission electron 

micrographs of 20 nm Mo films (d) as deposited and (e) after annealing at 650°C in H2. (f) 

Variation of the out-of-plane lattice constant c (with respect to the room temperature bulk value 

c0) during ramp annealing. Dark brown dots indicate the variation during heating whereas light 

brown dots correspond to the variation during cooling. 


