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Abstract

Transition-metal dichalcogenides such as MoS;or WS, are
semiconducting materials with a layered structure. One single layer consists
of'a plane of metal atoms terminated on the top and bottom by the chalcogen
atoms sulfur, selenium, or tellurium. These layers show strong in-plane
covalent bonding, whereas the Van-der-Waals bonds in between adjacent
layers are weak. Those weak bonds allow the microcleavage and extraction
of a monolayer. Transistors built on such monolayer nanosheets are
promising due to high electrostatic controllability in comparison to a bulk
semiconductor. This is important for fast switching speed and low-power
consumption in the OFF-state. Nonetheless, prototypes of such nanosheet
transistors show non-idealities due to the fabrication process. Closed films
on a large area cannot be obtained by mechanical exfoliation from mm-sized
crystals. For wafer-level processing, synthetic growth methods are needed.
It is a challenge to obtain a few layer thick crystals with large lateral grains
or even without grain boundaries with synthetic growth techniques. This
requires pre-conditioned monocrystalline substrates, high-temperature
deposition, and polymer-assisted transfer to other target substrates after the
growth. Such transfer is a source of cracks in the film and degrades the
layers’ promising properties by residual polymer from the bond material.
Apart from transfer, patterning of the stacked 2D layers is necessary to build
devices. The patterning of a 2D material itself or another material on top of
it is challenging. The integration of the nanosheets into miniaturized devices
cannot be done by conventional continuous-wave dry etching techniques
due to the absence of etch stop layers and the vulnerability of these thin
layers. To eliminate these issues in growth and integration, we explored the
deposition methods on wafer-level and low-damage integration schemes.

To this end, we studied the growth of MoS, by a hybrid physical-
chemical vapor deposition for which metal layers were deposited and
subsequently sulfurized in H,S to obtain large area 2D layers. The impact of
sulfurization temperature, time, and partial H,S pressure on the
stoichiometry, crystallinity, and roughness were explored. Furthermore, a
selective low-temperature deposition and conversion process at 450 °C for
WS, by the precursors WFg, H»S, and Si was considered. Si was used as a
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reducing agent for WF¢ to deposit thin W films and H,S sulfurized this film
in situ. The impact of the reducing agent amount, its surface condition, the
temperature window, and the necessary time for the conversion of Si into W
and W into WS, were studied. Further quality improvement strategies on the
WS, were implemented by using extra capping layers in combination with
annealing. Capping layers such as Ni and Co for metal-induced
crystallization were compared to dielectric capping layers. The impact of
the metal capping layer and its thickness on the recrystallization was
evaluated. The dielectric capping layer’s property to suppress sulfur loss
under high temperature was explored. The annealings, which were done by
rapid thermal annealing and nanosecond laser annealing, were discussed.

Eventually, the fabrication of a heterostack with a MoS, base layer
and selectively grown WS, was studied. Atomic layer etching was identified
as attractive technique to remove the solid precursor Si from MoS; in a
layer-by-layer fashion. The in-situ removal of native SiO, and the impact
towards MoS; was determined. The created patterned Si on MoS, was then
converted into patterned WS, on MoS, by the selective WF¢/H>S process
developed earlier. This procedure offers an attractive, scalable way to enable
the fabrication of 2D devices with CMOS-compatible processes and
contributes essential progress in the field 2D materials technology.

VI



Beknopte Samenvatting

Transitie-metaal dichalcogeniden zoals MoS, of WS, zijn
halfgeleidende materialen met een gelaagde structuur. Eén enkele laag
bestaat uit een vlak van metaalatomen dat aan de boven- en onderkant wordt
afgesloten door de zwavel, seleen of tellurium chalcogeenatomen. Deze
lagen vertonen een sterke covalente binding in het vlak, terwijl de Van-der-
Waals-bindingen tussen aangrenzende lagen zwak zijn. Die zwakke
bindingen maken microsplitsing en extractie van een monolaag mogelijk.
Transistors gebouwd op dergelijke monolagennanosheets zijn veelbelovend
vanwege de hoge elektrostatische controle in vergelijking met een bulk
halfgeleider. Dit is belangrijk voor een hoge schakelsnelheid en een laag
stroomverbruik in de OFF-toestand. Toch vertonen prototypen van
dergelijke nanoschijftransistoren defecten vanwege het fabricageproces.
Gesloten films over een groot oppervlak kunnen niet verkregen worden door
mechanische splitsing van millimetersgrote kristallen. Voor verwerking op
wafer-niveau zijn synthetische groeimethoden nodig. Het is een uitdaging
om met synthetische groeitechnieken enkele lagen te verkrijgen met grote
laterale kristallen of zelfs zonder korrelgrenzen. Dit vereist vooraf
geconditioneerde monokristallijne substraten, afzetting op hoge temperatuur
en polymeerondersteunde overdracht naar andere beoogde substraten.
Dergelijke overdracht leidt tot scheuren in de film en het resterend polymeer
uit het bindmateriaal degradeert de veelbelovende eigenschappen van de
lagen. Afgezien van de overdracht is het vormen van gestapelde 2D-
laagpatronen noodzakelijk om elektrische geintegreerde schakelingen te
maken. De vormgeving van een 2D-materiaal, of een ander materiaal
erboven, is een uitdaging. De integratie van de nanosheets in
geminiaturiseerde schakelingen kan niet worden verwezenlijkt met
conventionele  droge etstechnieken, met radiofrequent, vanwege de
afwezigheid van etsstoplagen en de kwetsbaarheid van de dunne lagen. Om
deze problemen in groei en integratie te elimineren, hebben we de
depositiemethoden onderzocht op wafer-niveau en lage-schade
integratieschema's.
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Daarom hebben we de groei van MoS; bestudeerd met een hybride
fysisch-chemische dampdepositie waarvoor metaallagen werden afgezet en
vervolgens in H»S werden verzwaveld om 2D-lagen met een groot
oppervlak te verkrijgen. De invloed van de verzwavelingstemperatuur, tijd,
gedeeltelijke H>S-druk en H,-toevoeging op de stoichiometrie, kristalliniteit
en ruwheid werden onderzocht. Verder werd een selectieve lage
temperatuurafzetting-en-conversieproces geanalyseerd bij 450 °C voor WS,
groei met WFg, H,S en Si als precursors. Si werd gebruikt als een reductant
voor WFs om dunne W-films af te zetten en H»S converteerde deze film in
situ. De impact van de hoeveelheid reductant, de oppervlaktetoestand ervan,
het temperatuurvenster en de benodigde tijd voor de omzetting van Si in W
en W in WS, werden bestudeerd. Verdere kwaliteitsverbeteringsstrategieén
op WS, werden geimplementeerd door extra afdeklagen te gebruiken in
combinatie met gloeien. Afdeklagen zoals Ni en Co voor metaal-
geinduceerde kristallisatie werden vergeleken met di€lektrische afdeklagen.
De impact van de metalen afdeklaag, en de dikte ervan, op de
herkristallisatie werd geévalueerd. De eigenschap van de diélektrische
afdeklaag om zwavelverlies onder hoge temperatuur te onderdrukken, werd
onderzocht. De uitstookstappen, die werden uitgevoerd door snelle
thermische gloeiing en nanoseconde lasergloeiing, werden besproken.

Uiteindelijk werd de fabricage van een heterostack met een MoS,-
basislaag en selectief gegroeide WS, bestudeerd. Atoomlaagetsen werd
geidentificeerd als een aantrekkelijke techniek om de vaste precursor, Si,
van het MoS; laag-voor-laag te verwijderen. Het in situ verwijderen van
natuurlijk groeiend SiO, en de impact op MoS, werd bepaald. Het
gecre€erde Si op MoS,-patroon werd vervolgens omgezet in een WS, op
MoS;-patroon door het eerder ontwikkelde selectieve WFs/H2S-proces.
Door zijn zelflimiterende karakter biedt deze procedure een aantrekkelijke,
schaalbare manier om het vervaardigen van 2D-apparaten met CMOS-
compatibele processen mogelijk te maken en draagt deze bij tot essenti€le
vooruitgang op het gebied van 2D-materiaaltechnologie.
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AES Auger electron spectroscopy
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AHM Ammonium heptamolybdate, (NH4)sM07024
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1 Introduction and goals

Transistor scaling has been driven over decades by Moore’s law,
predicting the doubling of integrated circuit (IC) complexity every two
years.!!! The continuous trend of reducing the size of the transistors resulted
in higher functional density, higher reliability, lower power consumption,
increased speed, and eventually in lower cost per transistor. This enabled
the increased use of electronic devices in our everyday life to enhance
quality. The shrinking has been a result of tremendous developments in
processing technologies in the areas of deposition, lithography, and etching.
The so-called lateral scaling aimed to reduce the critical dimension in
patterned nanostructures on the lateral scale, which are still built on bulk Si
wafers nowadays. However, transistors in bulk semiconductors are limited
in their performance due to parasitic effects in sub-100 nm transistor
(23] New architectures are necessary to confine the charge carriers
in a small volume for precise electrostatic control and to switch the transistor

channels.

fast and properly between the OFF-state with the lowest possible current and
the ON-state with the highest possible current.”*! Besides new Si-based
architectures such as fully-depleted silicon-on-insulator (FDSOI), FinFETs,
or nanowires, ultrathin transition-metal dichalcogenide (TMD) layers with
a thickness of a few atoms were identified as promising channel materials.]
They can be integrated using planar techniques, avoiding the increased
processing complexity for extending into the third dimension. Their intrinsic
properties and ultrathin body promise a superior short channel behavior for
ultra-narrow channel sizes with comparable mobilities as silicon.[®
Transition-metal dichalcogenides such as MoS,; or WS, have a lower
dielectric constant than Si, which is expected to positively influence the
short-channel behavior and enable high Ion/Iorr current ratios.[®! The sulfur
termination of the basal planes determines the absence of dangling bonds
and therefore they are predicted to show reduced charge carrier scattering in
devices built on TMDs.I"! At least since the exfoliation of graphene, the
principle of a stable monolayer film and its use in electronics is
demonstrated. But graphene’s absent intrinsic bandgap hinders its use as
channel material for transistors. The semiconducting TMDs are superior
channel materials due to their bandgap. In contrast to graphene, TMDs



possess appreciable layer-thickness-dependent bandgaps in the range of
1.3eV to 2.2 eV and thus, they can be used to build transistors.’®) The
ultimate thickness limit of a monolayer as a channel material in a transistor
is attractive, since this gives an ideal electrostatic control for switching in
contrast to a bulk semiconductor.

Nonetheless, a monolayer material itself is very vulnerable since
every atomic defect influences the property of this material. To integrate
such a material with the conventional CMOS techniques requires a careful
study of their impacts. The domains of growth, quality improvement of the
material, patterning as well as the co-integration of different 2D materials
on a Si platform are studied in this work.

1.1 Problem statement

Over the last decades, transistors were scaled to smaller dimensions
to increase the chips’ functional density. The development of advanced
processing, mainly in the areas of lithography and etching, resulted in
decreasing critical dimensions and enabled smaller transistors. The
traditional lateral scaling of transistors was continuously accompanied by
the vertical scaling to keep electrical fields ideally constant according to
Dennard.”! However, when device sizes reached the sub-100 nm scale, the
device performance degrades due to short channel effects (SCE)". To
improve the controllability of the transistors, new device architectures were
established. So-called fully depleted ultra-thin body transistors, which are
based on thin silicon layers on an insulator, are an extension of conventional
Si-technology. An important criterion for scaling of a device is its so-called
characteristic length A:

* Short channel effect: when depletion zone and transistor channel length are in a
comparable size, the threshold voltage is reduced, the charge carrier velocity
becomes non-linear, mobility is reduced by surface scattering, and hot electrons can
punch through the oxide



with the permittivity & of the semiconducting channel and oxide,
respectively, as well as the channel thickness t; and the oxide thickness tox.
If A is significantly smaller than the physical gate length of a transistor, the
undesired SCEs can be considered small.[®! It shows that the reduction of the
transistor channel’s thickness is a parameter to enable smaller devices. The
ultimate thickness limit is the monolayer of a material. Graphene is such a
monolayer made of a hexagonal carbon lattice with mobilities higher than
200000 cm? V-1s1 1% However, graphene lacks an intrinsic bandgap and is
therefore as a semimetal not appropriate as a replacement for silicon in logic
circuits. Layered transition-metal dichalcogenides (TMD) are considered as
appropriate candidates, since they are semiconducting with a reasonable
bandgap and show smaller dielectric constants in comparison to other
semiconductors. Conventional semiconductors as silicon as monolayer in
the form of silicene have been considered, but their integration is
challenging due to quick oxidation.!'!] The TMD layers are in-plane strongly
bonded, but out-of-plane they show only weak Van-der-Waals bonds in
between individual layers. Those weak Van-der-Waals bonds enable the
mechanical exfoliation of individual monolayer flakes from a natural crystal
and by this, the demonstration of transistors with an ultrathin body.
However, exfoliated flakes are after transfer randomly distributed on the
target substrate with undefined size, thickness, and location. In addition,
mechanical transfers by a polymer transfer layer leaves organic residues on
the exfoliated flakes, which influences the properties of each flake and
induces variations. Exfoliation cannot serve as a wafer-scaled deposition
growth method for ICs.

Synthetic growth methods are necessary. However, at the start of
this research work in 2013, the available methods to grow 2D films were
limited. Conventional TMD growth by chemical vapor transport (CVT)
yielded only thick crystals, which were not appropriate to investigate low-
dimensional films. In addition, these growth techniques required high
temperatures of 800 °C and above to form TMDs. These high temperatures



can lead to compatibility issues with common substrates for integrated
circuit (IC) technology due to the limited temperature budget of the
substrates. The high melting point of solid metal-oxide precursors such as
WO:s is an issue as well, since the delivery in very defined amounts above a
large area is difficult to control. To date, another disadvantage of the
available growth techniques is the use of growth promoters such as
diethylzinc or alkali halides, which are known to degrade the reliability in
Si devices due to their high diffusion of the alkali elements. Further, some
growth techniques of TMDs utilize carbon-containing precursors, which
contain the risk to incorporate C in the deposited 2D films and degrade their
properties as well. Attempts to grow thinner films resulted in small grain
sizes, spiral crystal growth as pyramid, and deposition without control over
the location. Attempts to lower the temperature of the growth, resulted in
amorphous film formation without the typical 2D film properties.

Besides the challenges in the growth of low-dimensional films,
there are also technological challenges. For fabricating devices, the so-
called lift-off technique is used nowadays. To this end, a polymer resist layer
is patterned by lithography, metal is deposited in the developed trenches and
on top of the resist, and then the metal film is removed in the region where
it is undesired by lifting off the resist and metal film in solvent. This
technique leaves often rough edges, ears, and redeposition of material,
which hinders its use for ultra-scaled device fabrication.

Wet chemical etching for patterning or contact formation is often
accompanied by the delamination of the TMD films due to their weak
adhesion to the substrate, resulting in failure as well. To pattern such small
dimensions, anisotropic dry etching is inevitable. However, conventional
continuous-wave (CW) radio-frequent (RF) plasmas without any pulsing
damage with their high ion energy TMDs easily by breaking the bond
between the chalcogen and the metal atom. This simplifies the removal of a
2D material from a dielectric substrate, but it cannot be used to pattern a 2D
material on top of another one, because the bottom 2D material would be
removed as well due to the lack of selectivity with CW plasmas.



In summary, there are manifold challenges for the growth of the
individual TMD films and for the integration to achieve patterned and
stacked TMD films. Here we will address the growth by a high temperature
and a low temperature process without transfer, the quality improvement of
the films by additional treatments, and the patterning of a film on top of a
2D material by atomic layer etching (ALEt) to achieve eventually
heterostructures two different TMDs.

1.2 Research goals

The previous section addressed the issues which are related to films
exfoliated or transferred by polymers. Therefore, we define the high quality
and large area growth of TMDs directly on its target substrate as a main goal
for this thesis. In the first approach, large-area MoS, films should be
obtained by a high-temperature process. The films should have a defined
thickness of four to ten layers. The basal planes of the films should be
aligned horizontally to the surface of the underlying substrate. The
stoichiometric films should have the sulfur/metal ratio 2. The topology
should be smooth, ideally with roughness far below the monolayer thickness
of 7 A over areas of a few square centimeters. The material should be
deposited directly on the target substrate, which is a dielectric-covered Si-
wafer. The growth precursors used for this investigation are carbon-, zinc-,
and alkali-free to ensure Si-compatibility. The goal is to maximize the lateral
grain size and determine the necessary growth parameters to fulfill the
requirements mentioned above. The MoS, should be obtained by
sulfurization of a pre-deposited metal or metal-oxide film in a closed H,S
environment. This process was chosen since the pre-deposition of the metal
precursor on the target substrate can be well controlled with respect to its
thickness and the inhomogeneous gas transport of the conventionally used
metal precursors with high melting point is circumvented.

A further goal is the deposition of a second TMD, WS, at lower
temperature than the sulfurization temperature. For this approach, the gas
phase precursors WF¢ and H,S and growth-promoting Si layers are used to
cover large wafers with 300 mm diameter. The impact of the Si amount, the



presence of native oxide layers, deposition temperature, and selectivity to
the underlaying substrate material had to be explored. The understanding of
the mechanisms occurring between the gas phase precursors and the silicon
layer is crucial. The motivation for choosing this technique is its relatively
low deposition temperature and fast conversion through the hefty reaction
of WFs and Si in absence of undesired growth promoters such as DEZ. This
process is free of carbon-containing precursors and it can be used directly
on the growth substrate without a transfer process.

Since such low temperature processes yield often small grain sizes
for high-melting compounds, additional strategies for improving the quality
of the as-deposited films are also required. To this end, the nanosecond laser
annealing and the combination of rapid thermal annealing with dielectric or
metallic capping layers was studied. The understanding of the anneal
parameters on the material quality in terms of their crystalline quality had to
be developed. Eventually the surface-sensitive nanosecond laser annealing
was compared with conventional rapid thermal annealing (RTA) as a
technique to consider substrates’ thermal budget to a reasonable range.

The second main goal of this thesis was to proof a concept for
realizing patterned heterostructures of MoS, and WS,, combining the
previously investigated growth techniques and advanced plasma
technologies. Here, the application of atomic layer etching (ALEt) as a
technique to remove material in a layer-by-layer fashion was chosen. The
removal of a material from another underlying TMD and its impact to the
TMD on atomic scale was explored. Eventually, the combination of the
processes sulfurization, ALEt, selective conversion, and crystal quality
improvement had to be demonstrated as a proof-of-concept study to realize
the desired heterostructure.



2 State-of-the-art

The following chapter describes the properties and state-of-the-art
in deposition of thin TMDs and summarizes the literature on deposition and
dry, low-damage patterning methods for TMDs. Large area deposition as
well as selective deposition methods are described. The application of
plasma processes for the patterning and controlled thinning of TMDs are
explained. A brief introduction to thermodynamics and kinetics is given.

2.1 Properties of transition-metal dichalcogenides

TMDs are described with the general formula MXs, in which the M
is transition metal and the X a chalcogen. Depending on the combination of
the transition metal and chalcogen, the MX, material can be insulating,
metallic, or semiconducting. MoS, and WS, are such semiconducting
TMDs. They all have a hexagonal structure.['?! Depending on the stacking
of the X-M-X layers, they appear in different polytypes. The most common
polytypes for MoS, are trigonal prismatic (2H) or octahedral (1T). The
polytype is also related to the electronic properties, namely the 2H phase is
semiconducting and the 1T phase metallic. Their typical thickness is 6-7 A
and the M-X bonds are covalent with a M-M bond length between 3.15 A
and 4.03 A. The layers are terminated by the sulfur and hence, they do not
show dangling bonds which makes them resistant against environmental
influences.®! The adjacent MX; layers are bound by weak Van-der-Waals
forces easing the microcleavage of layers. The bandgap of the TMDs
depends on their thickness and increases for MoS, towards 1.8 eV for a
monolayer.["3] This shift is accompanied by a transition from indirect to a
direct bandgap.

2.2 Growth of transition-metal dichalcogenides
2.2.1 Exfoliation

Exfoliation is a technique to obtain few-layered nanosheets of
TMDs. To this end, a thick MoS; crystal is separated into nanosheets by
peeling it several times with Scotch tape.[>'*'"l Due to the weak Van-der-
Waals forces between the layers, they are detaching by the microcleavage



as it is outlined in Figure 2-1. The figure shows the different possibilities to
separate layered materials, either by mechanically separating a layer from
the bulk material, separating them by laser irradiation, a peel-off, or by
intercalating other elements, which weaken the forces between the layers
further so that the single layers can be separated in a solution. With the
mechanical exfoliation by repeating microcleavage several times, it is
possible to obtain sheets being only one layer thick. This layer can be
pressed with the tape onto the target substrate. The transferred layers are
contaminated by carbon compounds from the transfer material, which

18,191 Besides the undesired

induces variable properties to the 2D material.!
surface residues, the exact position, lateral size, and thickness of the flakes
cannot be controlled and they will be randomly distributed on the substrate.
Similar disadvantages hold for films from liquid exfoliation, in which TMD
crystals are sonicated in solvent blends and the suspension is then sprayed
201 A similar approach with random flake
distribution is the liquid exfoliation by intercalation of lithium in between

the layers.?!]

onto the target substrate.!

Since the nanosheet originates directly from a natural crystal, this
procedure yields flakes with a superior intrinsic quality. However, this
approach can only yield flakes of a few um size and only in random
locations being not appropriate for reproducible IC fabrication. A growth
technique for larger crystals is necessary.
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Figure 2-1: Schematics of exfoliation techniques with a) mechanical exfoliation by scotch
tape, b) laser beam exfoliation, and c) the exfoliation by Li-intercalation and isolation.
Reproduced from doi:10.1039/C5NR06121K.

2.2.2 Chemical vapor growth processes

The vapor phase growth techniques can be distinguished into chemical
vapor transport (CVT), chemical vapor deposition (CVD), and atomic layer
deposition (ALD).

Chemical Vapor Transport (CVT)

CVT is a growth technique for solids in which the source materials
as a powder, such as Mo and S, are sealed together with a reducing transport



agent, such as I, Bra, SeCls, or TeCls in high vacuum in a quartz ampoule
as shown in Figure 2-2A and B.[?>?*! The figure shows a schematic, how
the precursors in its powder form are sealed together with the reducing agent
and how the crystals are formed in zones of different temperatures. The
electron microscopy image shows the layered structure of the obtained
crystals. The ampoule is then annealed under a temperature gradient and the
transport agent carries the transition metal in the gas phase from the high
temperature zone and condensates them as chalcogenide in the low
temperature zone according to Schifer’s transfer mechanism.?**! The
advantage of this technique is the good controllability of the precursor
transport rate, the relatively low growth temperature, and the versatility for
a large range of TMDs. The individual crystal can reach mm size. However,
CVT is limited to small substrates due to its ampoule setup and does not
offer any control about the deposition location. In addition, the inclusion of
the transport agent into the TMD film was reported to be a source of
defects.[*]

Source Intermediate Growth
area area area

1000 pm
—

1000 um

Figure 2-2:4) shows the schematic of chemical vapor transport in a glass tube and B) photo
of a glass tube after CVT process. C) Shows a crystal obtained from CVT. Reproduced from
doi:10.5772/55547 and doi:10.1016/j.jcrysgro.2012.10.026.
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Chemical vapor deposition (CVD)

In CVD the precursors are decomposed in the gas phase and react
on the heated sample surface. The first CVD of MoS; used the precursors
MoCls or MoFs and H»S.?7?°! Many efforts went into the synthesis of
inorganic nanotubes, filled fullerene-like nanoparticles, and nanoflowers?”’,
The horizontal structure, the so-called type-II structures being parallel to the
substrate were investigated only later, originally foreseen for solar cells.!-3]
In 2012, right upon the fabrication of the first single MoS, monolayer
transistor, many efforts were spent on the CVD with MoOs and S as
precursors. The principle is depicted in Figure 2-3. The image shows a
heated tube furnace in which the metal-oxide and the sulfur precursor are
brought in proximity to the substrate and in which the mass transport is

controlled as well by a carrier gas flow, here N».

This approach is conducted in a quartz furnace, in which the sample
and the precursors in boats are placed in a carrier gas flow. The growth
sample is typically placed at a location with a temperature around 750 °C.*
361 Perylene-3,4,9,10-tetracarboxylic acid tetra potassium salt (PTAS,
PTCTA) were used as seeding layer and promoted the growth of large 2D
crystals.®>37 Similar effect was also shown by the promoter Copper
hexadecafluorophthalocyanine (FisCuPc).*8! Monolayer triangles of a few
tens of micrometer size could be grown by this technique. Further

modification of the CVD process based on the solid precursors were

Vi %)

Figure 2-3: Concept of solid precursor evaporation with a carrier gas in a tube furnace.
Reproduced from doi: 10.1149/05006.0061ecst.
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Figure 2-4: A) & B) CVD with the addition of alkali-salts as growth promoter or inhibitor.
Reproduced from doi:10.1002/smll.201701232 and doi:10.1088/1361-6528/aa8f15.

achieved by combining the function of halide-containing compounds,
namely NaCl or KI. Those compounds can be added directly or indirectly to
the precursor as shown in Figure 2-4A and B and form higher volatile
chloride compounds during the CVD resulting in large single grains.?%# In
the first approach, the precursor in form of MX, powder is mixed together
in a crucible with NaCl. Through the formation of volatile MCl, compounds
and sulfur, the precursors can be delivered to the substrate easily. The
second figure in B shows the addition of NaCl into reactor for a process with
carbon-containing precursors (dimethyl sulfide). Due to the catalytic effect
of the NaCl, the carbon impurities in the deposited M X, films are lower than
without NaCl. Such higher purity results also in better charge carrier
mobility in the films.[*¥ The NaCl vaporizes, adsorbs on the substrate and
reacts with the sulfur to form Na,Sx. This Na,Sy reacts then with the MoCls
precursor to form MoS, and vaporizes afterwards as NaCl again. In contrast
to the enhanced growth, alkali metal halides have also been shown to
decrease the nucleation density when the surface is pre-treated with the
alkali metal halides before growth. For smaller nucleation density, there are
less centers from which the lateral growth starts, thus this provides more
space for the lateral growth before touching another crystal, resulting in
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larger grains.*!] In case of hindering the lateral growth e.g. by another
crystal, undesired spiral 3D growth can occur.[*?! Instead of hindering or
growing on top of each other, it is desired that the crystals merge into a
boundary-free crystal.

There are also plasma-enhanced CVD (PECVD) processes in which
H,S plasma is used to sulfurize thin Mo films. PECVD can be conducted at
low temperatures of 150 °C and allowed even the processing on
polyimide foils as shown in Figure 2-5.%! The figure shows a heated
polyimide substrate with a metallic Mo layer in an H>S/Ar plasma. The
plasma dissociates the gas and positive charged ions are accelerated through
the plasma sheath towards the sample surface. The temperature from heating
and the ion bombardment enable the sulfurization of the surface film at the
low temperature being appropriate for polymer substrates.
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Figure 2-5: PECVD utilizing H>S plasma for sulfurization; reproduced from
doi:10.1002/adma.201501678.
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Metal-organic chemical vapor deposition (MOCVD)

The previous described techniques require an elevated temperature
above 700 °C to sublimate the MoO; precursor. Alternative ways to
evaporate the precursors at lower temperatures utilize metal-organic
precursors such as Mo(CO)s or W(CO)s and dimethyl- or diethyl

chalcogenide during the CVD process.[*+#]

Large samples have been
covered with this technique and good quality films have been achieved,
although the growth time of 26 h for a monolayer is slow.*) MOCVD is
also used in pulsed mode to produce polycrystalline films within a short time
frame of 90 s for a few layers at a relatively low deposition temperature of
591 °C.*"] Carbon impurities in the films can be incorporated into the film
and influence the properties in an undesired way.*”*! Low temperature
approaches yield only amorphous MX, films, which would also require

further annealing to recrystallize.[>"

Sulfurization / hybrid physical-chemical vapor deposition

Sulfurization is a chemical reaction of the metal-containing film
with the sulfur-containing precursor directly on the target substrate. To this
end, samples were dipped in (NH4)>MoS4 with the subsequent annealing in
Ar/H; at 500 °C for 1 hand Ar/ S at 1000 °C for 1 h as shown in Figure 2-6.
The figure shows how a metal-containing precursor is brought on a samples
such as sapphire by dip-coating and which was then annealed in two steps.
The first step in Ho/Ar mixture decomposes the precursor and the second
step at 1000 °C in sulfur-containing environment yielded then the highly
crystalline MoS,. MoS; can be also prepared by sulfurization of a Mo film
deposited by physical vapor deposition.’'*¥) The advantage is the
accurately controlled material distribution over the sample by the pre-

dip-coating 1st anneal 2nd anneal
Ar MoS;
ArlHz or Ar+S @
1 Torr 500 Torr transfer 4
— —_ —
500°C 1000°C -
1hr 30 min Tem
'S> M 0 _ fem
(NHg)2MoS4
solution on sapphire  on Si0,/Si on SlOzlSl

Figure 2-6: Dip-coating of the Mo precursor with the subsequent sulfurization; reproduced
from doi: 10.1021/nl12043612.
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deposition of the metal or metal-oxide material. Given the fact that this can
be achieved with conventional tools, this route was investigated closer
within this thesis. The quality of the films is mainly depending on the
sulfurization temperature and higher sulfurization temperature increases the
quality and thereby the carrier mobility of the MoS,.** The sulfurization
approach can also be tuned by oxidation of the pre-deposited metal at high
temperature before sulfurization and post-crystallization in N, at 1000 °C

after sulfurization directly grown on SiQ,.3?!

Atomic layer deposition (ALD)

ALD can be used to deposit 2D materials. Scharf et al. deposited
WS; on Al,O3 by means of WFg and H»S and diethylzinc (DEZ) as reducing
agent at a moderate temperature of 300 °C for the use as solid lubricant in
MEMS devices.’>71 The ALD is typically done at temperatures below
500 °C.1%8-6% The precursors MoCls and H,S were used by Tan et al.!l Jin
et al. used Mo(CO)s and DMDS.[*?! But due to the low crystallinity reached
at such temperatures, additional high temperature annealing to improve the
quality is necessary to obtain measurable mobility values. Song et al. used
an approach in which a metal oxide layer was deposited by ALD for
achieving a defined thickness and sulfurized afterwards at high temperature
to MX> compound as shown in Figure 2-7A .[5860:63-66] The figure shows the
approach where the desired thickness was determined by the number of
ALD cycles and the WS, material was obtained by the sulfurization of the
oxides. A specific 2D material growth, which does not fit in the typical ALD
growth, is the so-called self-limiting synthesis (SLS). Similarly, to ALD, the
precursors are pulsed in cycles, but there is no typical ALD regime in which
the growth rate is constant. Here the final thickness depends dominantly on
the deposition temperature rather than the cycles as depicted in Figure
2-7B.11 The graph shows the peak distance of the Raman peaks relating
directly to the layer thickness in the few-layer regime. At a certain
temperature, there is only a maximum thickness which is not exceeded even
for exaggerated number of cycles, indicating that the adsorption equilibrium
depended only on the temperature in this process. It is believed that this is
due to the lack of dangling bonds and the screening effect of the MoS,
surface. So this is totally different than conventional ALD. Ultra-low
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Figure 2-7: A) Sulfurization of ALD-grown WQOs, B) Self-limiting synthesis of ALD-grown
films for which the thickness rather depends on the temperature than on the number of cycles;
C) iALD shows fully crystalline films in comparison to conventional ALD (cALD) or
activator-utilizing ALD (aALD); D) PEALD based on WFs, H> plasma, and HJS as
precursors. Reproduced from A) doi:10.1021/nn405194e, B) doi: 10.1038/srep18754, C)
doi: 10.1002/adma.201703031, D) doi: 10.1021/acs.chemmater.6b05214.

temperature ALD at 60 °C was achieved by using Mo(NMe:)s and HsS,
although those films are also amorphous.!®® The best performing as-grown
ALD MoS: films to date were prepared with inhibitor-utilizing ALD (iALD)
as it is illustrated in Figure 2-7C. The image shows the comparison of the
process results for conventional ALD, an activator-utilizing ALD enhancing
the initial growth, and the inhibitor-utilizing ALD slowing down the initial
nucleation. Inhibitor-utilizing means that the surface is pre-treated with
inhibitor molecules controlling the chemisorption of the metal precursor.[*”]
Diethyl sulfide (DES) was used as surface pre-treatment and engineered the
surface properties to control the Mo adsorption resulting in a grain size
> 70 nm. ]

Our group developed a PEALD process, in which an H, plasma
pulse is used to reduce the WFs precursor and enables the oxidation reaction
by sulfur to WS, (see Figure 2-7D)."%"!) The figure shows the applied
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PEALD cycle in which the target substrate was exposed first to WFs, then
purged with N, then activated by a H, plasma, purged, and exposed the
sulfurizing H»S. This technique resulted in horizontally aligned layers with
a crystal grain size up to 200 nm.[? PEALD for MoS, was demonstrated in
a wide temperature range of 150 to 450 °C.["*]
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2.2.3 Selective deposition and seeded growth

The large area growth of TMDs has the disadvantages that the
nucleation site is random. When grains start to grow from these nucleation
sites, they will be randomly distributed, some of the grains will grow
together with faster and others slower, resulting in a broad distribution of
grain sizes. The grain boundaries in between will induce strong variation in
the electronic properties of transistors potentially being integrated on such a
grain boundary. Therefore, the control of nucleation and by this the control
over the deposition of a grain is attractive, since it can be matched with the
advantageous geometry of the devices. A selective deposition method can
ensure that the grains nucleate and grow from a defined point and can avoid
that the nucleation and overgrowth occur randomly. One possibility to the
TMD growth in a specific location is the pre-patterning of the metal
precursor. To this end, ammonium heptamolybdate (AHM) or MoQO; were
lithographically pre-patterned, annealed, and sulfurized as depicted in
Figure 2-8A.Y The image shows the flow for creating MoS; islands in
specific locations. To this end, the metal-containing precursor is deposited
by lift-off technique on the substrate, then annealed, which forms beads in
the deposited location, and then sulfurized forming the triangles in the
specified location. This yields MoS; crystals around the pre-patterned area.
In contrast to the “activation” of a certain area for nucleation, there are also
paths to deactivate areas. Organic layers could be used as well to control the
growth. Polymer functional layers (PFL) were derived from
photolithography: resist layers were patterned by a O, / He plasma and upon
wet stripping of the photoresist, a 1 — 2 nm thick polymer residual layer
remains. During the CVD on those prepared substrates, the MoS, grows
only in the regions which were treated with the plasma and growth is
inhibited in the areas where the polymer layer is left as shown in Figure
2-8B.11 This figure shows the flow as described above to form functional
polymer layers in which the growth is inhibited and nucleation occurs only
in the regions which were cleaned or etched by the plasma.
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Figure 2-8: A) Seeded growth with pre-deposited and patterned MoOs islands,
B) Seeded growth with confinement within a region surrounded by a polymer
functional layer (PFL), C) Selective growth of MoS: on pre-patterned
graphene.  Reproduced  from A)  doi:10.1038/ncomms7128,  B)
doi:10.1088/2053-1583/aa6beb, C) 10.1039/C7RA07772F.
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Graphene was shown as preferred nucleation site for TMD as
illustrated in Figure 2-8C.U"") This figure shows a flow how MoS, can be
selectively deposited on graphene. To this end, graphene is transferred and
patterned by photolithography and etch. During the CVD, the MoS;
nucleates predominantly on the graphene. there is also the possibility to

modify the surface to improve the adsorption of the growth precursors.
Regions for growth can be activated by focused ion beam (FIB). To this end,
a first 2D layer was pre-patterned by FIB - the edges of the pre-patterned
structure acted as preferred nucleation sites and enabled the in-plane

confined growth within the pre-patterned area (Figure 2-9).[7¢]

Stepl: CVD Growth of TMDCs

Step2: FIB patterning

Step 3: CVD Heterostructure Growth

Figure 2-9: Selective growth in focused ion beam (FIB) pre-
patterned 2D  islands.  Reproduced  from  doi:
10.1021/acsnano.6b06496.
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The Figure 2-9
shows the flow for this
lateral  heterostructure
formation: After CVD
growth of triangles,
patterns were created by
FIB in those triangles,
which were the
preferred nucleation site
for the subsequent CVD
of a second TMD.

Also the
substrate itself could be
patterned and the edge
of the pre-patterned
substrate, e.g. Si0», will
be the preferred
nucleation site (Figure
2-10A&B).I"8 The
figure shows the process
flow creating such a pre-
patterned substrate in
Si0,. A Cr layer is used
as hardmask to etch



holes in the SiO.. Upon the following CVD, the nucleation of the MoS;
triangles occurs directly next to the holes as it can be seen also in the light

microscopy images.
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Figure 2-10: A) Schematic of seeded growth on pre-patterned substrates and B)the
accompanying microscopy image, C) Selective growth on O: plasma-treated SiO:.
Reproduced from A) and B) doi:10.1038/ncomms7128, C) doi:10.1038/srep18754



The nucleation of MoS, on SiO; could also be controlled by plasma
treatment: O, plasma applied in regions not being covered by a metal
hardmask could make the surface super hydrophilic and make these areas
susceptible for preferred nucleation as shown in Figure 2-10C."*8% The
image shows that a bilayer could be grown and that the contact angle
indicates the hydrophilicity of in the MoS; regions before the growth.

Chemical conversion of layers and lateral epitaxy to create heterostructures

Laser-assisted conversion processes can be used to convert specific
regions under light radiation from sulfides to selenides under gas ambient
containing the desired chalcogen.®!! The disadvantage of this technique is
the limited spot size of the laser beam.

In-plane heterostructures could also be achieved by tuning the
growth to a lateral growth mode and apply then sequential edge epitaxy by
changing the gas ratios to form the desired Mo- or WSe; layers.*?! Although
this could provide laterally alternating in-plane deposition, it is unlikely to
realize desired device geometries with this technique, since it will always
grow in a triangle shape. In addition, this technique cannot aid in obtaining
vertical heterostructures.

2.2.4 Impact of the growth substrate on the epitaxy

To date, the films with the highest charge carrier mobilities are
grown on substrates with a hexagonal lattice such as c-face sapphire, mica,
or SrTiOs;. The TMD can form a continuous film with grains being aligned
to the lattice of this substrate.[*>%! The smooth surface reduces the number
of nucleation sites and allow the grain to grow laterally. This contrasts with
the growth on amorphous substrate on which the MX, grains are rarely
aligned to each other. The (0001) plane of sapphire coincides with the
hexagonal structure of the MX; and it was proven that 50x50 pm? large WS,
grains could be grown on it.®”) Despite the large lattice mismatches of 30 %
(lattice constants: MX, ~ 0.331 nm, ALO3; ~ 0.476 nm) and the thereby
induced strains, the MX, grow epitaxially on sapphire.®! It has been found
that the grains grow parallel to step-edges in the sapphire, which enables the

84,85

alignment of grains towards each other.®*%5 It was shown that the most
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common orientations of the MX, are 0° and 60° on sapphire.® The
mobilities of MoS, achieved on sapphire and mica are typically around
30 cm?/ Vs Nonetheless, it was also shown that WS, in monolayer form
can also be grown on SiO substrate as large single triangle, but due to
missing alignment this cannot be used for large area films in wafer size.”!
Epitaxial aligned MoS, layers were also grown on SrTiO;.?! Also the
epitaxy on hBN is promising.[**!

2.2.5 Assessment of growth parameters

The explained growth techniques yield TMD layers of different
quality. The criteria influencing the quality are systemized in Table 2-1. A
result of the quality is the charge carrier mobility of the film achieved with
the respective deposition technique. It is related to the crystal size, because
grain boundaries contribute to charge carrier scattering. The size of a crystal
is in many deposition methods determined by the temperature, since a higher
temperature increases the crystallization. The precursors must be
transported to each location on the substrate in a comparable amount.
Control of nucleation and the orientation are other criteria, since grains can
only merge if the epitaxy is aligned. At the beginning of this research work
the impact of the substrate crystallinity was not set in focus, since there was
a low correlation expected due to the low interlayer bonds. Nowadays, it is
known that not only the roughness, but also the crystallinity of the substrate
itself is crucial especially for merged grains due to their orientation and for
multilayer systems. The substrate crystallinity was not specifically reviewed
here, since it was not part of this research study. For future research this
needs to be taken stronger into account. The scalability of the distinct
process is given by the applicability to a certain substrate size.

Table 2-1 shows a summary of experimentally achieved properties
of MoS; deposited by different techniques. Although exfoliation yields the
best mobilities, there is no control about the size and location of the
nanosheets. CVT offers the deposition of large crystals, but with limited
control about size and thickness and the restriction to small glass ampoules.
CVD films show a reasonable mobility, but they are often restricted to tube
furnaces and the solid precursor delivery through the gas phase cannot be
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well controlled. The sulfurization approaches of pre-deposited metal offer
the possibility to coat large substrates with multilayer 2D material with a
grain size up to 1 pm, which is very attractive to deposit TMD on larger
substrates without the difficulty to transport high-melting precursors such as
MoOs or WOs through the gas phase. More controlled gas phase transport is
achieved by MOCVD, although the carbon-containing precursor contains
the risk of carbon incorporation into the MoS, film especially at high
temperature larger 950 °C and high pressures > 100 hPa. Carbon-free
precursors such as WFs and H»S are here the preferred choice.[! They are
gaseous at room temperature and thus, can be easily delivered to the wafer
surface.

The low-temperature approaches for MoS, and WS, such as ALD
or PECVD yield only small grain sizes and are inferior in their quality in
comparison to layers deposited at high temperature.
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Table 2-1: Summary of 2D deposition techniques and the relation to temperature, substrate, and contacts

Method

Exfoliation

Exfoliation

Chemical vapor transport (CVT)

Sulfurization of dip-coated
samples
Mo sulfurization on SiO,

Mo sulfurization on sapphire
(Reduced & sulfurized)
CVD with growth promoter

Sulfurization of pre-sputtered
MoS. 2

Sulfurization of pre-annealed
MoO; with post-crystallization in
N;

MOCVD

iALD

PECVD with H,S plasma

Mobility
Jem Vs
10

184

10

6

0.04

0.8

17

25

80

Crystal
size
Flake size

Flake size
50 pm
>160 nm
0.03 pm
Not
specified
20pm
Not
specified
Not
specified
(1-10) pm

(10— 70)
nm

4-10
nm)

Temperature
750 °C -
1250 °C?
750 °C -
1250 °C?
300 °C-600 °C
650 °C

750 °C

1000 °C

700 °C-
1100 °C

700 °C

1000 °C

550 °C

250 °C

150 °C -
300 °C

Precursors
MoS; crystal
MoS; crystal
MoO;, S, I,
MoOs, S, N, Ar
Mo, S, N,
MoOs, S, H; Ar
MoO;, S, Ar
MoS,, S, Ar
Mo, O,, S, N,
Mo(CO)s,
(CHs),S, H,, Ar
Mo(CO)s,
C,HeS;

Mo, H,S, Ar

Measurement
Au contacts

Sc contact
Cr/Au contacts,
vacuum

Ti/Au

Ti/Au

Ti/Au

Cr/Pd

Ag paste, Hall-
measurement
Ti/Au

Ti/Au

Ti/Au

Hall-mobility

Substrate / further
information

Monolayer on SiO,

10 nm multilayer on SiO,
Monolayer on mica, then
transfer

sapphire

Si0,, transferred
Sapphire, transferred
Si0,

Si0,

3 -5 layers, SiO,

3 layers, SiO,

Si0,, post deposition
annealing 400°C, 30s, Ar in
RTP

6 layer, PI

Ref.

[96]
[22]
[971
[531
[511
331
[98]

[32]

[46]

[69]

[43]

2 Formation temperature of the crystal to be exfoliated was probably typical magma temperature or at least hydrothermal solution

25






2.3 Plasma patterning of TMDs for 2D device fabrication

If selective deposition is not possible, then the grown TMD films
must be patterned to achieve functional devices and especially
heterostructures. Plasma technology can be used to achieve the necessary
film modifications. The TMD films can be etched away, thinned down,
modified for improved capping layer growth, doped, or its structural phase
can be changed from the trigonal prismatic (2H) to the octahedral (1T) phase
by plasma.

The simple TMD removal is done in O»- or Fo-containing plasma as

well as by purely physical sputtering in Ar plasmas.”>~1* Etching is applied

A)
MoS.
Wet etching
[Ater HCI etch | Afer HCl etch Ater HCI efch|
2
t A ]
| \ |
. I\ 4 3
N | | 3 "
/ s
3 A L g | = g e E——
g = PO S—— T e s e . — [l e ———
§ AterO, plasme | § AterO_pasma| § ARer O_plasmal
s | | E s 1
£ t £ 015g :
L o 34, | |
| Mo M, . . { $2p,,
13 w' 1 } s, 1
[ e —— = R — MO ThM— |
kel b, ] |7 % 260 " %5 %3 m £S5 ] a1 51 9
Binding Energy (eV) Binding Energy (eV) Binding Energy (eV)
B)
0, Plasma Etching Re-sulfurization
B|-Layer MoS, Oxidized MoS, ' q °q Single-Layer MoS,

‘\

Sapphire ™ O,Plasma ° S MoS, MoO,

Figure 2-11: A) Oxidation of a monolayer MoS: by O: plasma and the subsequent removal
by wet etching of the oxidized layer by HCI; B) Etching of a monolayer MoS: by a soft O:
plasma and damage of the bottom layer, which is afterwards repaired by re-sulfurization;
Reproduced from 4) 10.1088/2053-1583/aa75a7 and B) 10.7567/APEX.10.035201.
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to shape the 2D material after exfoliation or deposition to define the
geometry of the device. The edges can be coated by metal to form a so-
called side-contact. Such side-contacts show lower contact resistances than
top contacts through the basal plane of the 2D material due to in-plane
current injection into the 2D films.[195-107]

Besides the shaping of material, thinning is as well important. Often
multilayers are formed during the growth of large area TMDs, although only
few or one layer are desired. Thus, a gentle thinning technique is necessary.
A layer-by-layer thinning of MoS; can be achieved by the combination of a
plasma process and a wet process. The plasma process can oxidize the top
layer, which can be dissolved in HCI as depicted in Figure 2-11A.1%]
However, wet processing is critical for the yield of 2D devices, since large
parts of the material tend to delaminate in liquids. Therefore, pure dry etch
processes would be preferred.

For a controlled thinning of a multilayer TMD structure, continuous
wave (CW) plasmas® with a high bias towards the material’s surface are
inappropriate. CW plasmas contain ions, electrons, radicals, and emit light.
The electrons follow the RF electrical field, but the heavy positive ions
cannot follow as fast. Due to the electrons’ mobility, the cathode is charging
negatively and a plasma sheath with a high quasi-DC field is building up. In
this sheath, the ions are accelerated toward the sample placed on the cathode.
These ions are accelerated with a certain DC bias voltage determining the
kinetic energy of the impinging ions on the surface. This bombardment can
destroy bonds and induce damage in the material, or it can provide the
activation energy for reactive ion etching. The kinetic energy of the
impinging ions is typically high so that the Mo-S bond can break. The
transition metals can form quickly volatile species in halide-containing
plasmas. Hence, there is no control or selectivity in these CW processes.

3 The phrase continuous-wave plasma is used in the plasma community as
a description for non-interrupted operation of a radio-frequent plasma in contrast to
pulsed plasmas
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The TMD layer could only be thinned down in a layer-by-layer fashion to
obtain a defined number of MX; layers.

Jeon et al. claimed the layer-by-layer etching of MoS, layers in a
CF4 plasma.l'®! By applying only an inductively coupled power to the
plasmas (ICP) and grounding the substrate, they thinned a six layers MoS»
to a monolayer within 120 s after an incubation time of 20 s (for removing
the MoOx on the surface). Another controllable thinning of MX, was
achieved by Xiao et al., using a low-energetic SF¢/N, plasma.l''y To this
end, they used a low-frequency (0.5 MHz) ICP plasma source in E-mode, in
which the plasma is capacitively coupled towards the coil and no detrimental
ions reached the substrate. With the chosen settings, they achieved etch rates
of one layer in 180 s in slow mode or one layer in 12 s in the fast etching
mode [110.111]

A purely physical sputtering approach was followed by Liu et al.,
who employed a pure Ar plasma with low energy.[''?! The controllable
removal rate they achieved with this plasma was one layer per 115 s. O-
based ALEt by soft etching of the first layer and re-sulfurization for healing
the defects of the second layer was done by Chen’s group by applying only

(1131 The O, plasma was used to

a 20 W plasma as shown in Figure 2-11B.
oxidize the first layer and sputter it away, but simultaneously the underlying
layer was damaged as well and had to be re-sulfurized for healing the film.
The removal process induces such damage and they are only time-
controlled, which limits the controllability. Variations in the film, but also
in the etch equipment impede a precise removal of a defined number of

layers.

Cyclic approaches such as ALEt could achieve a true layer-by-layer

removal.[114-116

I ALEt consist of the reverse mechanism to ALD, namely the
adsorption of a reactant for chemical modification without ion exposure.
Then a purge removes all non-bound reactants and an activation step in

which the modified surface layer is removed under soft ion bombardment.

Such ALEt processes were also investigated on MoS,. Kim et al.
use a Cl-radical adsorption mechanism in a chamber with a metal mesh to
filter out all ions and a subsequent low-energetic Ar-ion pulse in another
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chamber, which can be precisely controlled with a dual grid.l''”-!"8) This
setup allows to precisely select the ion energy for the removal step, but
requires the in situ sample change from the chlorination to the removal
chamber after each cycle. Mercado et al. established a chlorine-based ALEt
process in an inductively coupled plasma chamber equipped with fast-
switching valves. This tool enabled the reproducible layer-by-layer etch of
MoS,.['"I The advantage is that the cycles of dosing, purging, and activation
can be controlled in one chamber.l'?”) This tool was also used for the
experiments presented in this thesis and is described in chapter 6.2.

2.4 Example of a transistor flow

To integrate 2D materials in a functional device with a TMD A
overlapping with another TMD B, a metal contact to each layer, and a
covering dielectric layer, several process steps are necessary. This section
explains how such a process flow could look like on the example of a TFET.
Two examples will be shown here: at first the conventional fabrication as it
is done in a lab based on exfoliation or transfer techniques are explained. At
first, a target substrate needs to be prepared. A SiO, gate dielectric layer
must be deposited on highly doped silicon substrates acting as a so-called
back gate. On such substrates, a first lithographic mask is developed, and
zero markers are either deposited by the lift-off technique or etched into the
substrate. Then, TMD A is either exfoliated from natural crystals or from
another growth template to the SiO,. Then, a second lithographic mask is
developed to define the active structure of the TMD A. The second TMD B
is then again exfoliated or transferred from another growth substrate on top
of the TMD A’s active area. TMD B would also require shaping as well, but
this is not possible with conventional etching techniques due to the lack of
selective etching techniques. The underlying TMD A would be destroyed as
well. Hence, the second TMD B needs to stay in an irregular shape. Then,
images must be taken to find the locations, where an appropriate overlap of
TMD A and B exists and then an individual mask for the contacts must be
developed and written by e-beam lithography. Similar action is necessary to
define a gate on top of this structure. This procedure shows already, that this
can only be a path for a few single devices and cannot be used for a parallel
processing with transistors in a repeatable pattern.
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Other paths must be considered to enable a parallel fabrication of
many transistors in defined locations with an acceptable yield. As an
example, a possible integration flow for a tunneling field effect transistor is
outlined. Such a flow could start with a substrate and the growth of a
TMD A, for instance by sulfurization as it was done for MoS, within this
thesis and depicted in Figure 2-12. In such a layer, the active area can be
defined by lithography and etching. Ideally, the TMD B should be
selectively deposited in areas overlapping with TMD A. To this end, a
bottom-up growth, seeded growth, or a selective conversion process as
developed within this research project, can be used. The advantage of the
latter one, is that a sacrificial layer is patterned first with a technique
inducing no or low damage on TMD A. The sacrificial layer can then be
converted into another TMD B, which is not affecting TMD A. After active
areas are defined for TMD A and B, the semiconducting layers can be
embedded in a dielectric, the contacts can be defined by another lithography
and etching, and eventually, a conventional gate process can be used to form
an electrode above the overlapping area of TMD A and TMD B.
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TMD A

. Growth of first TMD A
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T Contact formation and gate

Figure 2-12: Example of a transistor flow containing two TMDs on the example of a TFET.

2.5 Considerations on the thermodynamics and reaction
kinetics

An essential part of this thesis investigates the growth of a TMD
multilayer film using hybrid physical deposition methods and the
combination with a chemical conversion. Further, the quality improvement
by thermal annealing processes is studied. All these processes have different
thermodynamics and kinetics. Thermodynamic calculations were done,
where appropriate, by the software HSC Chemistry to calculate the change

[98]
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in Gibbs free energies based on the enthalpy and entropy change. Negative
(exergonic) changes indicate that a reaction is spontaneous in forward
direction and positive (endergonic) changes indicate reactions being only
spontaneous in reverse direction. However, the observed process, be it
conversion or decomposition can only proceed once the activation energy
Ea is provided to overcome the energy barrier. The activation energy is
related to the kinetics of a process. The reaction rate depends on the rate
constant and the concentrations of the base substances. The rate constant
depends temperature and its relation is described by the activation energy.
For the majority of reactions the activation energy is positive, meaning that
the rate constant increase with increasing temperature.

The experiments designed within research project were not
designed to quantitatively study the kinetics due to different practical
boundaries — it would require observation of short and longer processes,
which is not achievable with the used thermal treatment systems. Therefore,
only qualitative statements could be made.

Activation energies in literature for W sulfurization is 150 kJ/mol,
Mo sulfurization it is 103 kJ/mol to 147 kJ/mol.'*!] The activation energy

[122

for S removal is estimated at 334 kJ/mol.'??! More values for pure or

oxidized base material could not be found.
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3 Global research approach and methods

3.1 Approach and thesis structure

The deposition of high-quality, ultrathin layers with only a few
layers thickness over large areas was investigated. Due to the restriction in
transport capabilities of evaporated metal- or metal oxides with a melting
point of a few hundreds of °C, alternative routes had to be explored. A
hybrid physical-chemical chemical vapor deposition process was studied,
here referred as sulfurization and is described in section 4.1. Metal or metal-
oxide films were deposited ex-situ by techniques allowing a low-rate
deposition for accurate thickness control, such as physical vapor deposition
(PVD) or electron-beam evaporation. The sulfurization with the gas-phase
precursor H>S mixed with H, was studied. The influence of the partial H,S
pressure, the processing temperature, and time to achieve layered MoS,, and
basal planes being parallel aligned to the substrate was studied. The
sulfurization mechanism of metal-oxide versus metallic base material was
compared.

As an alternative to MoS; sulfurization, the deposition of the TMD
WS, from gas phase precursors WFs and H»S was investigated. The role of
the starting substrate and the provision of reducing agents in conjunction
with an appropriate temperature window in the range of typical CVD
temperatures was studied and described in section 4.2. The composition and
structure of the resulting films were correlated to the reaction conditions and
base materials as metals or the metal-oxides MoOyx and WOy. The impact of
different sulfurization temperatures was studied to determine the necessary
temperature window.

Low temperature growth results in low crystallinity. Therefore,
rapid thermal annealing (RTA) processes in sulfur-rich and in inert
environments was studied to improve the crystallinity. To address the
impact of the heating source and the temperature/time profile, RTA was
compared to excimer laser annealing (ELA) with ultrashort pulses to heat
the material locally. The impact of capping layers on the recrystallization
kinetics was evaluated. The principle of metal-induced crystallization (MIC)
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was applied to the TMD with low crystallinity. In the MIC mechanism, the
additional metal catalyzes the atomic diffusion of chalcogen and metal
atoms on a stable substrate and is capable to lower the recrystallization
temperature far below the melting point of the compound. Dielectric
capping layers were used to recrystallize amorphous or low-crystalline WS,
to a highly ordered phase by confining the crystallization volume and by
avoiding chalcogen loss and the formation of sub-stoichiometric films. This
quality improvement of 2D films by capped rapid thermal annealing and by
nanosecond laser is described in section 5.

The WFg reaction with reducing agent Si and the sulfur-containing
precursor H,S were investigated. The hypothesis was that the manipulation
of the reducing agent as essential reaction partner could enhance or inhibit
the growth of TMD, here specifically WS,, and enable the selective growth
of a material in a specific location. In this thesis, we followed the approach
to pattern a few nm thick Si films as the reducing agent on top of an insulator
to understand the impact of this reducing agent and to verify a possible
selectivity to the substrate as described in section 6.1.

Eventually the formed TMD films had to be integrated as
heterostructures using a plasma patterning approach which can stop
accurately on a low-dimensional film with minimal damage to the
underlayer. Due to the aggressive nature of conventional CW plasmas, ALEt
as low-damage plasma was investigated and the damage to underlying layers
was evaluated. Furthermore, ion velocity distributions of the ALEt process
were determined to explain the plasma-surface interactions on 2D materials.
The combined approach to selectively etch Si by ALEt from MoS; with
minimal damage and conversion of the patterned stack it into a heterostack
with WS, and MoS: is explained in 6.2.

Chapter 7 concludes the obtained results and chapter 8 provides an
outline for further research to advance the investigated techniques to obtain
functional 2D devices on wafer-level.
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3.2 Methods

Spectroscopic and image techniques were used to study the
composition and quality of the modified films. The base substrate for
material growth as well as etching experiments were silicon wafers coated
with one or two dielectric layers. These dielectric layers enabled the
visibility of mono or few-layer nanosheets and avoided the reaction of the
precursors with the Si substrate. For the sulfurization part in this study, only
SiO, was used as dielectric interlayer. The base substrate for all the
investigations following the chapter about Si-to-W conversion included an
additional ALD-deposited Al,O; top layer, which was stabilized against HF
by a 1000 °C O, annealing. This provided a stable surface against additional
wet removal steps for native oxides and mimics the surface of widely used
sapphire substrates.

The impact of the treatments was measured by Raman spectroscopy.
In Raman spectroscopy, the sample is exposed to monochromatic laser light.
The light interacts with the vibrational modes through inelastic scattering by
an incoming photon with the electrons in the molecule. The molecule is
excited to a virtual energy state and the scattered photon has an energy being

Intensity (a.u.)

150 200 250 300 350 400
Wavenumber (cm™)

Figure 3-1: Example of a Raman spectrum taken from WSz. Arrows indicate the frequency
shift for decreasing number of layer for the E & A peak and a reduction in case of less
defectivity in the LA(M) peak.
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different than the excitation energy due to different energy state of the
molecule. The allowed transitions are following the selection rules for
electronic transitions. A polarizability change is required for Raman
scattering. The symbols can be found in the character table: In E'5,, E stands
for doubly degenerate or two-dimensional, prime/superscript ! means
symmetric with respect to on (reflection in horizontal plane); subscript »
means anti-symmetric with respect to the C, principle axis, if no
perpendicular axis, then it is with respect to oy; subscript ; symmetric with
respect to the inverse. The oy, is the reflection of the molecule horizontally
compared to the horizontal highest fold axis; o, is reflection of the molecule
vertically compared to the horizontal highest fold axis and C, is with 2t/n=
number of turns in one circle on the main axis without changing the look of
a molecule (rotation of the molecule).l'?*]

Each material has characteristic modes, which can be identified and
are shown for the example of WS, in Figure 3-1. The most prominent peaks
for WS, and equivalent materials are the in-plane E';, and out-of-plane A,
modes. Their frequency shift can be used to identify the thickness below

[124] The arrows for these two modes in

four layers down to the monolayer.
the figure indicate the shift of decreasing number of layers: the intensity
would decrease since less modes are present and a frequency shift
corresponds to the thickness change. Another figure of merit is the ratio
between the longitudinal acoustic LA(M) mode, which is a defect-related
peak, and the E'5, mode. This ratio could be used to compare the quality of

a 2D film with a certain thickness.I'"”

I'In case of higher quality MX>, the
LA(M) peak would decrease in relation to the E'5; peak. If the quality of a
film is repeatable, e.g. at a fixed synthesis temperature, the intensity of these
peaks can be used to quantify the amount corresponding to the certain
vibrational modes, which correlates then to the thickness. Vice versa, it is
possible to determine the quality of the film, which is correlated to the
crystallization degree under the assumption that the thickness and topology
is similar for films of different quality. A combination of the Raman
spectroscopy with an imaging technique such as atomic force microscopy
(AFM) or top view scanning electron microscopy (SEM) is inevitable to
obtain the correct conclusion from Raman spectroscopy measurements. An
additional feature of the Raman spectroscopy is the simultaneous
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measurement of Raman shift and photoluminescence (PL) of a film in the
same tool. Photoluminescence can be interpreted as a quality feature, which
is observed already in thin flakes with a weak intensity and which is shifting
to higher energies with very high intensity due to a shift from indirect to
direct bandgap semiconductor when approaching the thickness of a
monolayer. Nevertheless, the photoluminescence needs to be interpreted
with care, since particularly edges of 2D crystals show an enhanced PL and
should not be interpreted wrongly as an overall quality increase. The
characteristic PL peaks are originating from the A and B excitons at 1.85 eV
and 1.98 eV for MoS,, 1.95¢eV and 2.05eV for WS,, respectively. The
Raman spectroscopy and the PL measurements were done with a Horiba
LabRAM HR system.

Rutherford backscatter spectrometry (RBS) is another powerful
technique to quantify the number of atoms per area in the monolayer range,
which corresponds to approximately 1E15 at/cm?. For this measurement,
charged He particles (1.5 MeV) are accelerated with a high energy towards
the sample surface and undergo elastic collisions with the sample

1251 The backscattered ions can be detected, and the energy-

material.l
resolved spectrum is a function of the amount and depth of the present
elements. Through an appropriate fitting procedure, the number of atoms
per area can be extracted and delivers for heavy elements such as Mo or W
uncertainties of 0.1E15 at/cm?, hence values in the sub-monolayer range,
and for the lighter chalcogens slightly higher uncertainties of 0.3E15 at/cm?.

The stoichiometry can be determined from those absolute values.

The characterization of the grown or plasma-treated film were
further complemented by X-ray photoelectron spectroscopy (XPS) for
which the sample is irradiated by X-ray beams and emits photoelectrons.
The energy distribution of the detected photoelectrons corresponds to the
elements and the chemical state on the sample’s surface. The oxidation state
of differently bound atoms can be distinguished by high resolution scans.
For Mo and W, the sulfide-bonds and the higher oxidation state, i.e. for
MoOs and WOs, can be clearly observed by doublets at different peak
position. The system used for the analysis of the samples within this thesis
was a Theta300 from Thermolnstruments, using a monochromatized Al K,
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X-ray source (1486.6 V). For more surface-sensitive probing, Auger-
electron-spectroscopy (AES) was applied, when necessary.

Roughness analysis was done by a Bruker ICON PT AFM in
tapping mode within a scanning area of 1 pm?.

Although the composition and the surface topology are helpful to
assess the modifications, more insight had to be obtained by transmission
electron microscopy (TEM). Even though this technique provides only local
information, it provides insight on the nanoscale about the alignment of the
individual layers, grain size, and defects. For image acquisition either a FEI
Tecnai F30 ST or a Titan3 G2 60-300 was used. FIB-cuts were prepared
using a Helios 450HP.

The combination of the above described techniques allows to
investigate the impact of the growth techniques or the plasma modifications
on the films and to derive conclusions to obtain novel insight into the science
of 2D materials.

The experimental approaches of sample preparation and procedures
are described in each of the following chapters separately.
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4 The growth of MoS; and WS;
4.1 Multilayer MoS; growth by metal and metal oxide

sulfurization

This chapter describes the sulfurization of Mo or MoOx by the
precursor mixture H,S / H,. The goal was to form a high quality MoS; film
with horizontal grain orientation. To this end, PVD deposited Mo and MoOy
films of different nm-thicknesses were sulfurized with H,S at different
sulfurization temperatures, different H,S partial pressure, and for different
duration.

This is a hybrid physical-chemical vapor deposition, since it
combines the accurate location distribution of the metal precursor with high
melting point on the growth substrate by a physical deposition method and
the conversion into a chalcogenide by the volatile sulfur gas phase precursor
H,S at elevated temperature and pressure.

We found that the sulfurization of MoOsj is thermodynamically
favorable in comparison to the direct sulfurization of metal and that the
sulfurization of the oxide starts already at a lower temperature than the metal
sulfurization. It was found that the low partial H,S pressure slowed down
the sulfurization of metallic Mo, The best sulfurization result was obtained
using the highest applicable, tool-limited temperature of 800 °C without any
H,. The obtained film showed a good surface coverage with only a few
delamination spots. The films were hydrophobic/mildly hydrophilic and
were predominantly sulfur-terminated. Nevertheless, the sulfur-metal ratio
was 1.8, thus slightly below 2, which indicates that there are vacancies at
the surface or at reactive grain boundaries. The sulfurized films showed
photoluminescence representing a decent quality. Nevertheless, the obtained
film is polycrystalline and needs further improvement to be used in devices.
As a consequence, both alternative WS, growth (chapter 4.2) and layer
improvement concepts (chapter 5) were pursued.
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Abstract

We investigated the deposition of MoS, multilayers on large area
substrates. The pre-deposition of metal or metal oxide with subsequent
sulfurization is a promising technique to achieve layered films. We
distinguish a different reaction behavior in metal oxide and metallic films
and investigate the effect of the temperature, the H>S/H> gas mixture
composition, and the role of the underlying substrate on the material quality.
The results of the experiments suggest a MoS; growth mechanism consisting
of two subsequent process steps. At first, the reaction of the sulfur precursor
with the metal or metal oxide occurs, requiring higher temperatures in the
case of metallic film compared to metal oxide. At this stage, the basal planes
assemble towards the diffusion direction of the reaction educts and products.
After the sulfurization reaction, the material recrystallizes and the basal
planes rearrange parallel to the substrate to minimize the surface energy and
coalesce. Therefore, substrates with low roughness show basal plane
assembly parallel to the substrate. These results indicate that the substrate
properties have significant impact on the assembly of low-dimensional
MoS; films.
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4.1.1 Introduction

Transition-metal dichalcogenides (TMD) such as MoS, or WS, are
interesting materials for future transistor applications, but their large-area
deposition is challenging. First transistor devices based on TMDs were
demonstrated on mechanically exfoliated flakes®'?. The mechanical
exfoliation allows only the deposition of sheets up to a few um? size, which
makes this process inappropriate for high device densities on large areas. In
addition exfoliated flakes which are considered as best material quality at
this juncture, show spatial variations in their propertiest!?’~'?°, TMD films
have been deposited by chemical vapor deposition!!**132 on substrates up
to a few cm?. This deposition can be achieved by the vaporization of solid
MoOs and S in a furnace under inert carrier gas flow. However, this
technique is very sensitive to the amount of the precursor, the carrier gas
flow in the furnace, and the substrate temperature itself, and therefore it is
difficult to scale to larger substrate dimensions. To decrease the vaporization
influence of the metal precursor, it is possible to pre-deposit a transition-
metal (TM) or transition-metal oxide (TMO) on a substrate with subsequent

el*133°13¢ The homogeneous S supply can also

sulfurization from a S sourc
be achieved by using a gaseous precursor such as H,S!¥ 144 The present
paper elucidates the mechanisms of MoS, multilayer synthesis by the
sulfurization technique. The influence of the process temperature, annealing
time, and ramp rate is studied, as well as the nature of the pre-deposited
layers MoOs, metallic Mo, and the nature of the substrate. The synthesis
ambient was compared for mixtures of H>S/H, vs. pure H,S. The grown
films were characterized by various optical, morphological, and structural
techniques. The highest quality MX, films have been only demonstrated on
atomically flat substrates such as graphene or other exfoliated M X, substrate

145.146] "but the deposition on amorphous substrates is desirable due to

layers!
their availability for large area substrates such as 300 mm wafer. This paper
establishes guidelines for the synthesis of horizontally aligned transition-

metal dichalcogenide multilayer thin films on SiOs.
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4.1.2 Experimental
4.1.2.1 TM and TMO deposition

The Mo-based TM and TMO films were prepared by physical vapor
deposition on top of thermal or native silicon oxide substrates. To deposit
TMO, oxygen was added as reactive component in the PVD deposition. We
studied a thick 5 nm Mo-film on 270 nm wet thermal silicon oxide (stack
A), a thin 2 nm Mo-film on 270 nm wet thermal silicon oxide (stack B), and
a 5 nm reactively sputtered MoOy on thin native silicon oxide (stack C).

4.1.2.2 Sulfurization of the TM and TMO films

The samples were sulfurized ex-situ in a 6-inch rapid thermal
processing (RTP) chamber ANNEALSYS-ONE-150 equipped with H, and
H>S gas supply. For this purpose, the samples were placed on top of a SiC-
coated graphite susceptor in the annealing chamber. The chamber was
pumped to vacuum and then the temperature was increased to the target
temperature 400 °C, 600 °C, or 800 °C. The gas mixture of 10 % or 100 %
H>S in H, was injected until the pressure reached 100 mbar and kept under
static conditions for the process duration of 5 min to 30 min. Afterwards,
the heating was stopped, the chamber was cooled down and pumped to
vacuum again for 20 min.

4.1.2.3 Characterization of the films

The films were analyzed by Rutherford backscattering spectrometry
(RBS) to determine the amount of Mo and S after the sulfurization. The
accelerator at imec is a 6SDH Pelletron accelerator from the National
Electrostatics Corporation (NEC). To this end, a He-beam with an energy of
1.523 MeV and a beam currents of 20 nA to 40 nA were used. The scattering
angle was 170° and the tilt angle was 11°. The used goniometer is described
in literature!!'4”). Before the measurement, the incident beam was calibrated
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Figure 4-1: RBS spectrum of a MoS: film sulfurized from a stack of 2 nm Mo /270 nm SiO:
/ Si substrate.

to a reference material of an AIW/TiN/Si substrate. A representative
spectrum of MoS; can be found in Figure 4-1.

Raman spectroscopy with a LabRAM HR tool was used to
characterize the films’ quality using an excitation wavelength of 532 nm and
a grating of 1800 grooves/mm, yielding a theoretical resolution of 0.3 cm™.
A scanning electron microscope (SEM) FEI Nova 200 was used to
investigate the surface morphology. Transmission electron microscopy
(TEM) cross-section images were obtained with a FEI Tecnai F30 ST at
200 kV and plan-view images with Titan® 60-300 at 60 kV. The surface
roughness was determined by an atomic force microscope (AFM)
Dimension-Icon PT. Angle-resolved x-ray photoelectron spectra (ARXPS)
were measured with a Theta 300 system from Thermolnstruments. X-ray
diffraction characterization was done with Panalytical X’PERT.
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Figure 4-2: ARXPS on stacks A, B, and C before sulfurization showing oxidation of the layers
and buried metallic Mo on stack A.

4.1.3 Results
4.1.3.1 PartI: Growth parameter study
4.1.3.1.1  Analysis of the pre-deposited material

TM and TMO films were deposited on 270 nm wet thermal silicon
oxide substrates. The 5 nm (stack A) and 2 nm (stack B) metallic films
oxidized partially or fully as soon as they were exposed to ambient. SEM
images showed continuous films upon deposition. A third test specimen
with 5 nm MoOx (stack C) on thin native silicon oxide was prepared by
reactive sputtering. To determine the level of surface oxidation, stacks A, B,
and C were analyzed by angle-resolved X-ray photoelectron spectroscopy
(ARXPS). Information about the oxidation state was gained from the energy
shift of the Mo 3d peak!!*®'¥l  Figure 4-2 shows the all-integrated,
normalized Mo 3d peaks in the XPS spectra for the three different stacks
and the angle-resolved Mo 3d peak for stack A.

46



At 78°, the spectra for all three samples overlap, showing no
metallic contribution, therefore indicating that all samples, TM and TMO,
have an oxidized surface. By probing deeper under the surface, i.e. 21 °
angle, it was found that only stack A shows a peak at the lower binding
energy around 228 eV. The spectra for stacks B and C appear similar and
they do not show this peak at low binding energy.

4.1.3.1.2 Sulfurization process

Starting from a typical 10 % H>S/H; mixture as it is used in the
MoS$; catalyst preparation!'>%], the temperature window between 400 °C and
800 °C was investigated. Afterwards, the influence of the H,S partial
pressure on the deposited film was explored. We subsequently tested the
impact of the sulfurization time and finally compared the influence of the

underlying film on the growth conditions.

4.1.3.1.3 Influence of the processing temperature

The sulfurization of the stacks A,B, and C was carried out at
temperatures of 400 °C, 600 °C, and 800 °C. The chamber was heated in
vacuum until the target temperature was reached, and subsequently the H>S
gas was introduced and kept in the chamber for 5 min under static
conditions. Afterwards, the chamber was evacuated and cooled down
passively. The samples were characterized by Rutherford backscattering
spectrometry (RBS) and the ratio of the atomic areal density of S and Mo
was calculated. The resulting S/Mo ratios are shown in Figure 4-3. The
uncertainties shown in this graph originate from the uncertainty of the sulfur,
since it is higher than the uncertainty of the molybdenum amount. The
surface element analysis of the areal density were delivered with a relative
uncertainty.

After sulfurization at 400 °C, the S/Mo ratio did not exceed 0.5 in
any of the samples, increasing to the range 0.6 - 1.0 for the 600 °C-treated
samples and up to a range 0.6 - 1.9 for the 800 °C-treated samples. At
800 °C, the sulfurization in stack C was higher than in stack B at 800 °C,
while in contrast, stack A could not be fully sulfurized in the H>S/H, mixture
even at 800 °C within the 5 min processing time in the H,S/H» mixture. In

47



2.0+
1 Nominal pre deposited layer

189 | 5 nm Mo (stack A)

11 [_]2 nm Mo (stack B)

1.6
Il 5 nm MoOx (stack C)

1.4

1.2

0.8

0.6 -
0.4

0.2+

400 600 800

Temperature [°C]
Figure 4-3: S/Mo ratio of different stacks after 5 min sulfurization at different temperatures
in a 10 % H>S/H> mixture as determined by RBS.

the next paragraph, the influence of the hydrogen fraction in the gas mixture
is described.

4.1.3.1.4 Influence of the H,S partial pressure in the sulfurization
process

Samples of stack A, B, and C were heated to 600 °C and the 10 %
H>S/H; mixture or pure 100 % H»S was injected in the chamber and kept
under static conditions for five minutes. Afterwards, the samples were
characterized by RBS and the S/Mo ratio was calculated. Stack A had a
relatively low S/Mo ratio of below 0.8 for both annealing conditions (Figure
4-4). In contrast, stacks B and C showed significant differences with the
10 % mixture showing a S/Mo ratio of only 0.8 to 1.0 after 5 min, whereas
the pure H,S resulted in a ratio of about 2. The Raman spectra taken after
sulfurization in 10 % and 100 % H>S are depicted in Figure 4-5. The samples
annealed in pure H»S showed higher MoS;-related peak intensity than in
diluted H»S, further confirming the results from RBS.
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We also investigated the time-dependence for TM/TMO film
conversion. To this end, the stacks A, B, and C were sulfurized either in
10 % or 100 % H,S for different times, and the S/Mo ratio was determined

by RBS as shown in Figure 4-4.
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Figure 4-4: S/Mo ratios as calculated from the RBS atomic areal density, for sulfurization of
TM and TMO at 600 °C in H>-diluted and pure H>S.
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Figure 4-5: Raman spectra of a stack B sample annealed for 5 min at 600 °C in H>-diluted
and pure H>S.



Stack A of the 5 nm Mo shows a slow ratio increase and was not
reaching the target value of S/Mo = 2 within 30 min, while in the case of H»
dilution, the sulfurization was even slower on the metallic Mo. So the Ea
seems to be high for the sulfurization of pure metallic Mo. In contrast, stacks
B and C show significant time-dependent sulfurization under H, dilution
and even immediate sulfurization with ratios about 2 already after 5 minutes
processing time in the case of pure H»S. Hence, the sulfurization of MoOx
must have a lower activation energy than the metal sulfurization. The
sulfurization under H, dilution was slower than in pure H,S in all cases
studied due to the difference in partial pressure. Nonetheless, the results
show some non-idealities: in principle, such an experiment would require
the analysis in a larger time window — for very short times as well as very
long time with the simultaneous analysis on the log-scale, then more
information could be gathered about kinetics. The use of the rapid thermal
annealing system, which is not designed for long-lasting experiments,
restricted this analysis. Despite the fact that nowadays RTP systems using
light with strong intensity in the infrared range and good excellent
temperature control, the lab system especially in conjunction with the toxic
gas is not the appropriate setup for studying kinetics.

In addition, some ratios showed values above two, which could
indicated that traces of another element binding S was present possibly to
insufficient chamber cleaning.
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Annealing with best conditions

Promising sulfurization conditions were achieved at 800 °C
according to Figure 4-3 and the pure H»S as concluded from Figure 4-4 on
stack A within 30 min. These conditions were applied to different initial
thicknesses of deposited Mo on SiO» and characterized by RBS after the
sulfurization process. Figure 4-6 shows that the S/Mo ratio as calculated
from Mo and S amount is between 1.8 and 2. Layers of initially 5 nm
metallic Mo resulted in approximately 25 nm MoS: films. Nonetheless, the
S/Mo ratio was despite the optimized conditions below 2.0. This indicates
that a large fraction of the Mo was sulfurized, however, there is a
considerable amount of sulfur missing, which must appear as vacancies,
grain boundaries, and other defects deteriorating the electronic grade of this
material.
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Figure 4-6: Coverage of Mo and S and the S/Mo ratio after 800 °C sulfurization in 100 %
H:>S for 30 min as a function of the initial sputtered Mo thickness determined by RBS.
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4.1.3.2 Partll: MoS; plane orientation

4.1.3.2.1 Effect of ramp rate and interlayer oxide

The surface topology of the stacks B and C was compared by
scanning electron microscopy (SEM) and atomic force microscopy (AFM)
after annealing without H»S and after the sulfurization process with 100 %
H>S. The results are illustrated in Table 4-1.

Table 4-1: Comparison of the surface roughness of different stacks after sulfurization at 800
°C in 100 % H:S for 30 min. The scanned area was 2x2 um?’.

B C

pristine

After H>S
annealing

400.0 nm 400.0 nm

The as-deposited metal and metal-oxide films had an initial RMS
roughness of 0.3 nm to 0.4 nm. Neither holes nor agglomeration was
observed before the annealing. After annealing in vacuum, the samples of
stack B roughened. Annealing in 100 % H>S increased the surface roughness
even more. The arithmetic roughness parameter Ra of the H»>S annealed
stack B was Ra =2 nm.

In contrast, stack C with the TMO on the native oxide showed less
roughening than stack B in vacuum as well as in H>S. The roughness of stack
C was only Ra= 1.5 nm. Hence, the samples with the wet-grown silicon
oxide underneath roughened to a larger extent than the samples grown on
native silicon oxide.
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A smooth surface is important for potential integration of planar
electronic devices. To investigate this, the samples of stack B and C were
measured before and after the sulfurization process.

Significant roughening can be seen after the MoS, synthesis process
on both sample surfaces and hillocks appeared on the surface. The sulfurized
stack B showed a larger density of these hillocks than stack C, and these
bumps were higher than 20 nm after sulfurization. The TEM image in Figure
4-7 shows that a delamination occurred at the interface between MoS; and
Si0O, substrate. Stack B showed more delamination sites than stack C and
hence, MoS; on wet thermal oxide formed more hillocks than on native
Si0,. This delamination could have its origin in the surface energies, for
which the systems tries to minimize the contact.

50 nm

Figure 4-7: TEM image showing delamination of the MoS: film (dark) from the
SiO: substrate (bright).
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4.1.3.2.2 Underlying substrate

The role of the underlying substrate on the basal plane
arrangement will be studied in this section. To this end, stacks B and
C were sulfurized at 600 °C and 800 °C in pure H>S. The TEM cross
section images are shown in Table 4-2.

Table 4-2: TEM images of the stacks sulfurized in 100 % H)S for 30 min at different
temperature.

Sulfurized Stack B at 600 °C in H>S:
MoS: on thick SiO>

Sulfurized Stack C at 600 °C in H>S:
MoS: on thin SiO>

Sulfurized Stack B at 800 °C in H>S:
MoS: on thick SiO»

Stack B reveals two preferential layer orientations after the 600 °C
sulfurization. While the surface layers appear rather horizontal, the bulk
material is oriented more vertical to the substrate. The layered structure can
be seen in the whole film and thus, the H»S precursor is diffusing throughout
the whole film, even at 600 °C.
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However, stack C revealed a horizontally layered structure over the
full thickness after the 600 °C sulfurization. At the same time, the interface
oxide of 3 — 4 nm was thicker than the usual native oxide of around 1 nm,
meaning that the oxide thickness has increased during the high temperature
step despite the reducing atmosphere. Since stack C is MoOy, there might
be an oxygen-sulfur exchange reaction. A similar horizontal assembling like
in stack B could only be reached at a higher temperature of 800 °C within
the given timeframe, leading us to conclude that the interfacial oxide
thickness and substrate type result in an interplay with different sulfurization
temperatures to different basal plane assemblies. On thin silicon oxide, the
horizontal alignment took place at lower temperature than on thick SiO,.

The lattice spacing derived from the cross-section TEM images in
Table 4-2 are between 0.60 nm and 0.65 nm. The accuracy is low due to the
thin layer and irregular oriented planes. The range of the spacing correspond
to the expected 0.61 nm for the stoichiometric MoS; in 2H phase.

4.1.3.3  Partlll: MoS; quality
4.1.3.3.1 Hydrophobicity and crystallinity

Ideal horizontally layered MoS; is expected to be hydrophobic due
to the sulfur surface termination. The hydrophobicity of the surface is
determined by its surface energy. Low surface energy results in hydrophobic
properties with high water contact angle. The surface energy consist of a
dispersive and polar (electrostatic) part. The Mo — S bond itself is a dipolar
covalent bond, partially ionic metal-chalcogen bond, but it was found that
the surface energy of the MoS; basal plane is mainly determined by the

1511 This is because of the evenly distributed polar bonds in

dispersive part.!
which the molecule can be still non-polar. In contrast, the edges of the
nanolayers and defects in the basal plane contribute to hydrophilicity due to
their polar, electrostatic nature. Note that the contact angle of pristine MoS»
is at 69°, but heavily adsorbs airborne contamination to reduce its surface
energy further resulting in contact angles 89° after already one day.[">*
Table 4-3 shows a contact angle of 93° for the MoS, deposited at 800 °C,
which demonstrates the hydrophobic character as compared to SiO or

MoOs surface. After the sulfurization with the process of the best results
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within the possible process window (800 °C for 30 min in 100 % H>S), the
sample was characterized by glancing-incidence XRD (GIXRD). The film
showed the characteristic MoS; (0 0 2) peak around 14.3° as can be seen
from Figure 4-8.[153:154]

Table 4-3: Contact angles on a SiO: substrate, a molybdenum oxide sample, and an 800 °C
sulfurized MoS:2 sample.

SiO»2 MoO3 MoS:

reoni

20° 40° 93°

800

600

Intensity (a.u.)

400

200 +

T T
11.0 11.512.0 12.5 13.0 13.5 14.0 14.5 15.0 15.5 16.0 16.5 17.0
20 (°)

Figure 4-8: GIXRD spectrum of the MoS: (0 0 2)-related peak synthesized from stack C at
800 °C in 100 % H>S during 30 min.
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4.1.3.3.2 Plan-view TEM images

Besides the qualitative and quantitative analysis of the MoS; crystal
structure, the determination of the crystal grain size is essential since grain
boundaries act as defects for charge transport, negatively impacting the
mobility of these materials. To determine the grain size, the MoS; had to be
transferred to a thin e-beam-transparent membrane suitable for TEM
imaging. To this purpose, the samples were immersed in water and the films
peeled off from the substrates!!*™. Subsequently the films could be
transferred to a thin Si3Ns membrane which is nearly transparent for the
electron beam. The image in Figure 4-9 shows grain sizes in the 10 to 25 nm
range. Due to varying orientation of the crystal planes as can be seen on the
cross-sectional TEM images in Table 4-2 and the electron scattering on the
underlying Si3N4, an atomic pattern was barely observable on the plan-view
images. Electron diffraction and Fast-Fourier transformed images in Figure
4-10 show that the MoS:; is nearly oriented along [0001] with random in-
plane orientation of the grains and probably fully in the 2H phase.

Figure 4-9: TEM image from stack C annealed at 800 °C in dark field mode indicating crystal
sizes in the 10-25 nm range.
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Figure 4-10: Electron diffraction pattern of a MoS: film, which was grown on stack C and
annealed at 800 °C for 30 min in pure H2S and then transferred on a TEM specimen holder.

4.1.3.3.3 Surface chemical analysis

The XPS spectra of the Mo 3d peak are depicted in Figure 4-11.
After the sulfurization at 800 °C, a peak shift to lower binding energies
characteristic for MoS,, can be seen. The peak appearing around 227 eV is
related to the S 2s region.
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Figure 4-11: Mo 3d peak in XPS spectra for pristine samples and 800 °C in 100 % H2S
sulfurized samples.

4.1.3.3.4 Photoluminescence

A quality feature of thin layers of TMD materials is the
photoluminescence (PL) appearing due to the direct bandgap transition
as shown in Figure 4-12.['3615% [n the intensity change in the direct
excitonic transitions Al and B1 for different starting Mo thicknesses
is plotted, showing a higher PL for thinner sulfurized layers. This
evidences the band gap opening towards thinner layers and proves an
acceptable material quality.
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4.1.4 Discussion
4.1.4.1 Partl: Growth parameter study

4.1.4.1.1  Analysis of deposited material

Only the thick stack A shows a Mo photoelectron peak at lower
binding energy indicating a metallic contribution. Together with the angle-
resolved measurements, this revealed that the surface was oxidized in air
and only the bottom part of the layer at the interface with the substrate was
metallic. In contrast, similar spectra for stacks B and C indicated that the
chemical state was uniform throughout the entire film, i.e. stack B oxidized
completely in air. The formed oxides appear in the XPS as a doublet at
relatively high binding energy close to the one of MoOs; at 233.1 eV.
Therefore, the synthetic as well as the native oxides can be assumed to have
the trioxide structure. Thus, the TMO of stack B and C was comparable and
differed mainly in the underlayer, being a thick thermal oxide in stack B and
a thin native oxide in stack C. No major difference could be observed, since
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Figure 4-12: Photoluminescence measured on samples synthesized at 800 °C in 100 % H>S
for 30 min from different starting thicknesses.
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both oxides were formed at room temperature. Other suboxides could be
possibly deposited by heated substrate or further variation in the deposition
conditions.

The root-mean-square (RMS) roughness in the range of 0.2 to
0.3 nm was slightly higher than expected on a polished Si surface (0.1 nm),
but still reasonable for an oxidized substrate covered with a PVD metallic
film. The stack roughness of 0.3 nm was acceptable considering a MoS»
monolayer thickness of 0.7 nm.

4.1.4.1.2  Sulfurization process optimization

Temperature

Higher temperature resulted in a higher sulfurization degree. Stacks
B and C could be sulfurized almost stoichiometrically at 800 °C in the
H,S/H> mixture, while lower temperatures only resulted in a partial
sulfurization. Stack A containing the metallic Mo could not be sulfurized in
the mixture with the timeframe of 30 min. This indicates that the necessary
activation energy for the metal sulfurization must be higher than for the
oxide sulfurization..

The absolute sulfur content in the sulfurized stack A was compared
with the Mo amount in stacks B and C. Stack B represented a metallic film
being completely oxidized in air. Thus, the thicker stack A could be assumed
to be a double stack of native top Mo-oxide comparable to stack B and C
and a metallic part underneath. The ratio of the amount of sulfur to the
amount of oxidized Mo was 0.2, 1.4, and 1.6 for 400 °C, 600 °C, and
800 °C, respectively, as shown in Figure 4-3. This is comparable to the S/Mo
ratios for stacks B and C, indicating that at 600 °C mainly the oxidized part
was sulfurized, but not the metallic part. From these observations, it appears
that the sulfurization of MoO; proceeds faster at a given temperature than
the sulfurization of metallic Mo. Another explanation could be also the
formation of a closed MoS, layer on top, which screens then the bottom
metallic film from being sulfurized due to impermeability. For an
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investigation of the process kinetics, the experiments would have required
another design to specifically analyze the rates. This would have required
shorter as well as longer time scales and analysis on the log-scale, but this
was difficult to analyze in such used RTP system due to time restriction and
the thermal inertia of the system.

The involved reactions are the following:
MoO3e) + 3 HaS(g) = MoSxs) + 3 HaO(g) + Ss) 4.1)
Mogs) + 2 HaS(g) & MoSa) + 2 Ha 4.2)

The software module Reaction Equations from the package HSC
Chemistry was used to calculate the change in Gibbs free energy for the
reactions (4.1) and (4.2) by calculating the differences in enthalpy and
entropy taken from a database. The results in the temperature range from
0°C to 1000 °C are depicted in Figure 4-13, the Gibbs free energy is
negative over a large temperature range and thus, both reactions should
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Figure 4-13: Change in Gibbs free energy for reaction I and Il as a function of temperature.
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proceed spontaneously. However, no conclusion about the kinetics could
be drawn from the thermodynamics. We observed that the MoOs
sulfurization proceeds faster than the Mo sulfurization within the 30 min
observation time, which could indicate that the activation energy is lower
for the oxide sulfurization. We observed that the metal-containing film’s
stoichiometry remained below 1.6, even after a long 30 min sulfurization
process. This model does not take a possible blocking of the metal from the
formed MoS, on top into account.

The data also indicated that stack C reached the maximum ratio
slightly faster than stack B. This could be because of a different nature in
the suboxides of this film but could not be analyzed by XPS data with the
given resolution.

Since the provide precursor amount was in the same range and the
oxide sulfurization was further progressed in the oxide sulfurization than in
the metal sulfurization, it can be predicted that the activation energy for the
oxide sulfurization is lower than for the metal sulfurization in case of
molybdenum.

Partial pressure and time

H, was excluded from the process gasses by switching to pure H»S.
As demonstrated, the sulfurization with pure H,S was faster compared to the
sulfurization with the 10 % mixture. We assume that the sulfurization
reaction for either oxidized or metallic Mo occurs alongside reactions (4.1)
and (4.2). Reaction (4.1) has a change in Gibbs free energy of -173 kJ/mol,
whereas reaction (4.2) has -145 kJ/mol. Thus, both reactions are exergonic
and proceed spontaneously. The mixture with H, had a smaller partial
pressure of H>S and by this, the reaction rate decreases. While the mixture
with hydrogen showed only small S/Mo ratio increase in the sample with
metallic core (stack A) between five and 30 min, it can be assumed that the
rate is lower than in the oxidized samples. The pure H»S showed a stronger
increase in sulfurization with time, although it reached only 1.6 within this
timeframe at 600 °C.
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In contrast, stacks B and C showed a time-dependent S/Mo ratio in
case of the H,S/H, mixture between five and 30 min, but it reached a ratio
about 2 for longer durations than five minutes in case of the pure H>S. In
reaction (4.1), no hydrogen is involved, meaning that the faster process can
only be explained by the increase of the H»S partial pressure from 10 mbar
to 100 mbar. The higher H»S amount results in faster sulfurization, since the
concentration is of H»S is larger. The observations show as well that the
activation energy for the metal sulfurization must be higher than for oxide.

From the previous experiments, it can be concluded that a high
sulfurization temperature, longer sulfurization time, and higher H,S partial
pressure resulted in enhanced material quality. Although thin films of stacks
B and C could be sulfurized at a temperature of 600 °C, the sulfurization of
thicker films like in stack A was not possible within 30 min annealing time.
Therefore, the sulfurization temperature was further increased to 800 °C in
order to facilitate a full sulfurization of the thicker films and to ensure the
full conversion of metallic Mo.

To verify the full sulfurization, starting layers of different
thicknesses were prepared and annealed under similar conditions (see Figure
4-6). The Mo and S areal densities show a linear trend proportional to the
initially deposited Mo thickness. This confirms that the higher temperature
is necessary in order to allow the full sulfurization of thicker, metallic layers
as well.

4.1.4.2 Partll: MoS; plane orientation

After adjusting the annealing conditions for metallic and metal-
oxide-based layers, the deposited films were characterized to gain an
understanding of the mechanisms which are driving the sulfurization. In the
ideal case, two-dimensional films are entirely flat. The surface topology of
our samples was characterized by SEM and AFM after annealing, showing
different topographical roughness for the different conditions (Table 4-1).
Whereas stacks A and B revealed surface delamination after annealing,
stack C showed better wetting on the underlayer, and this effect appeared
after annealing in vacuum as well as in H>S environment. However, the
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latter showed even stronger roughening, which indicates that the
delamination is related to both the substrate and the environment as the
images in Table 4-1 demonstrate.

The interface material between the MoS; film and the substrate was
in all cases SiO,, thus the surface energy of the two substrates can be
assumed to be similar. However, the alignment of the MoS; basal planes
differed between the samples with thick and thin SiO,. The MoS; films on
the thick wet-grown SiO, show macroscopically rough surface after
annealing, whereas the MoS; films on the thin SiO, had a conformal surface
as judged from the SEM images. A possible explanation is the formation
and release or consumption of reaction byproducts. The sulfurization
reactions release gaseous products which are H>O in reaction (4.1) and H»
in reaction (4.2). The deposition process occurs in different steps. Initially,
the H,S approaches the surfaces and the reaction starts there. Subsequently
the H,S needs to diffuse through the layers to react deeper into the sublayers.
During this reaction, gaseous products will be formed which have to leave
the film again. In case of metallic layers, this formed compound is Ho.

160-162] Tpy case

However, the sulfurization of oxide results in H,O formation!
of well-formed film with horizontal alignment, the gas permeability is
reduced and could accumulate at the MoS,/substrate interface and lifted of
the film which resulted in rough topology on the MoS, on thick silicon oxide
or even delamination of the films. Another additional effect resulting in such
delamination could be the volume expansion and the film stress due to
different thermal expansion coefficients. Possibly, the film delamination
could be also explained by the interfacial energies: since the system’s energy
need to be minimal for the TMD/SiO; interface, the delamination could
occur since the 2D film tries to minimize the contact with the hydrophilic

Si0O, with high surface energy.

The roughness was induced by the hillocks on the sample surface
and by the MoS:; film itself. However, the surface images showed that the
microroughness was superimposed to the hillocks which formed during the
delamination of the MoS: films from the SiO; substrates.
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The Ra determined as the arithmetic average from the absolute
values reveals another difference between the samples. The sulfurized stack
B showed a higher roughness of around 2 nm, whereas the TMO sulfurized
stack C showed a roughness of 1.5 nm.

Based on these observations, we conclude that the annealing on a

thick SiO; layer already introduced roughness in vacuum by dewetting!'®*!,

4.1.4.3 Partlll: MoS; quality
4.1.4.3.1 Hydrophobicity

The surface wetting by water gives indications on the material

quality. The wetting angle as well as the TEM observation of the 800 °C

annealed sample are in agreement with results from literature!'*"!

the hydrophobic nature of the surface which is correlated to the growth
164

, revealing
temperature and thus also with the MoS; structure!!'®¥, As shown in the
previous sections, material grown at low temperature which might be only
partially sulfurized and did not go through the crystallization process yet,
tends to form random structures oriented to the reactants’ diffusion
direction. This results in the exposure of many edge sites at the surface
leading to a high surface energy and thus, a more hydrophilic behavior. In
contrast, higher temperature favors the crystallization resulting in horizontal
planes in which the edge exposure is decreased and hence results in low-
energy, hydrophobic surfaces. This observation also confirms the improved
quality of the material from the high temperature growth. Nonetheless, the
defects on the planes will have an impact on the electronic properties of the
film.

4.1.43.2 Crystal morphology

Comparing the assembly of the basal planes, the 600 °C
sulfurization on thin native silicon oxide resulted in preferential horizontal
arrangement of the basal planes. In contrast, layers on thick SiO, tend to
form relatively rough films with random orientation. During the
crystallization, the basal planes orient in a way to reduce their surface
energy. Hence, on flat substrates such as native or thermally grown SiOa,

66



the basal planes will assemble parallel to the substrates and the following
[165]

MoS; planes will orient in alignment with the basal planes''®.

Comparing the sulfurization between a fully oxidized layer and a
partially oxidized layer with metallic components, the oxidized films lead
to a better film quality at lower temperature. Since the metallic layer needs
a higher temperature and is more densely packed, the MoS, grown from
metallic material suffers from the slow pace of material transport. The H»S
molecules need to diffuse through the metallic layer and induce an
additional volume expansion of a factor of 4 which leads to mass transport
and distort the structure itself. In contrast, the 5 nm MoOs layers are found
to expand only by about a factor of 1.6 as is shown in Table 4-2. The
observations from stack A confirm this. The TEM images of the thicker
sulfurized stacks showed horizontally oriented crystals on the top. This top
structure was directly sulfurized from the native oxide, which proceeds fast
and efficient even at the relatively low temperature of 600 °C. However, the
incompletely sulfurized bulk was vertically layered. This observation
suggested that the TMD layered structure orient towards the diffusion
direction of the gaseous reaction source material and products. This could
proceed e.g. along the grain boundaries of the metal film for thicker films,
although this was not evaluated here and would require an analysis for
different crystal sizes, which could be analyzed on films of different starting
thickness. Only after the reaction has finished and no more reactants force
the plane direction, the crystallization process takes place and the planes
realign according to the interface with the underlying material. This
confirms earlier reports exhibiting relatively random MoS, orientation on
rough and thick Si0Q,/%>!16¢-16%1 This recrystallization or coalescence require
a much higher E than the sulfurization process and therefore it is very slow
and questionable, whether the film could have sufficient quality upon
30 min.

4.1.4.3.3 Surface chemical state

The XPS spectra of the as-deposited metal-oxide and metal films
can be interpreted mainly as MoO; and MoOs/metallic layer, respectively.
The NIST database reports the Mo 3d5/2 doublet for MoO; around
232.5 VI8 and the metallic Mo peak is located at 228 eV!'7’. In contrast,
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MoO: is reported around 229.3 eV and could not be clearly identified in the
MoOx layers. In the sulfurized MoS, films, the relatively high binding
energy of the Mo 3d doublet of MoS, suggests a mainly 2H polytype since

[171

the 1T polytype is usually located at lower binding energies!!”!). This is also

in agreement with the 2H lattice distances measured from the TEM cross-

1721731 'The 2H polytype is expected to be semiconducting, whereas

sections!
the 1T is a more metallic phase making the material promising for
integration as a transistor channel. The absence of MoOs-related peaks in
the XPS spectra confirm the full sulfurization of the material in the H»S

atmosphere with the optimized conditions.

4.1.43.4 Indirect-to-direct band gap transition

Another characteristic of thin Van-der-Waals bonded layers are the
layer-dependent property changes. A special TMD material characteristic is
evolution of its PL for monolayers due to the indirect-to-direct bandgap
transition. We applied the high temperature (800 °C) recipe with the pure
H>S gas to different thicknesses of TM/TMO. The thinner Mo/MoOs layers
showed higher PL after the sulfurization process as can be seen in Figure
4-12. This evolving PL indicates the efficiency of the sulfurization process
and can be used as an indicator for further process optimization. Since an
initial Mo thickness of 0.5 nm corresponds to 3 monolayers, the PL could
be further enhanced by using double- or monolayer structures. For an ideal
monolayer or bilayer film, even thinner layers would be necessary, which
becomes challenging for the deposition to be uniform and controllable.

4.1.5 Conclusions

In this work we investigated the sulfurization of thin transition-
metal layers in HoS and H»S/H, mixtures. The best TMD layers were
obtained in pure H»S ambient. The full sulfurization of metallic TM requires
high temperatures of 800 °C resulting in higher film expansion than in the
case sulfurization TMOs, which can be sulfurized at a lower temperature of
600 °C.
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After full sulfurization, the films recrystallize, and their orientation
is found to depend on the surface roughness of the underlying substrate.
However the recrystallization require a high Ea and is therefore slow.

The high temperature process resulted in the formation of grains of
a few 100 nm? and showed evolving PL on the ultra-thin films. This work
shows that the sulfurization chemistry and process temperature need to be
carefully adjusted for the material to be sulfurized and that the interface
roughness plays an important role for the assembly of the basal planes.
Further work, in view of a successful very large-scale integration, will have
to concentrate on the increase of the lateral grain size to minimize defects
and improve electrical properties.

4.1.6 Recent advances in literature and vision on domain

In this section, we investigated the sulfurization of Mo and MoOs
films by H,S and published the results in 2016. Since then, progress was
made in the areas of substrate preparation, choice and pretreatment of
precursors, and the shift to higher temperature regimes than 800 °C.
Whereas we used in our research mainly amorphous SiO, as underlayer, new
insights were obtained from the growth on substrates with hexagonal lattice.
Sapphire was shown to be an appropriate substrate on which the crystal
orientation of the MoS; is aligned with the substrate orientation.3174176] A
higher degree of crystallization has been also found after the growth on GaN
substrates.['”""13% Also the lattice matching mica or SrTiO; substrates are
demonstrated to lead to higher crystallization degree in contrast to thermal
Si0,.1'81:182] The higher crystallinity is linked to the charge carrier mobility
in the material due to lower defect density.

Further progress was shown in studies with higher temperatures
than the maximal 800 °C used in our studies.>*!¥3-1861 The higher the
temperature, the higher is also the crystal size upon growth and therewith
the quality of the crystals.

Recent studies show also superior results of high-temperature
sulfurization of pre-deposited MoSx by means of sputtering instead of the
metal or metal-oxide.!'®""°!] This has shown good mobility values even at
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relatively low annealing temperatures such as 500 °C. Such films have been
deposited as well by atomic layer deposition (ALD) and showed reasonable
mobilities upon annealing.[1%%1%]

Our study has shown that sulfurization is a viable tool to convert
metal films to the respective stoichiometric sulfides with low roughness.
Nevertheless, the high temperature and monocrystalline substrates being
necessary to obtain a film with high charge carrier mobility are
disadvantages. The whole substrate needs to be heated and because of this,
co-integration on one substrate with other building blocks is not possible
with temperatures of about 1000 °C being necessary for material with low
defects. Starting from a full metal film can also result in defect-rich layers,
since the material needs to migrate and forms shapes, which are difficult to
convert further into a perfect 2D layer. The mismatch of thermal coefficients
between the 2D material and the growth template can also result in wrinkles
and non-ideal films. Two ways can be promising to be followed in the
sulfurization approach. First, instead of converting a metal or amorphous
film, epitaxial or crystallized oxide films could be promising starting
materials. Both MoO; and MoS; have similar space-groups and in thin films
of only a few nanometer, the S can replace the O. Crystallinity can be
enhanced by the sulfurization of crystalline metal oxide, which could be
formed by an PVD-deposited MoOs film or epitaxial growth.!'”*#1%] The
recrystallization of MoO; could be done in O, at high temperatures of a few
hundred °C.["%!

Second, instead of starting from metal or metal-oxide, the starting
precursor could be an amorphous or polycrystalline MoS; film formed by
other techniques, such as conversion or physical vapor deposition. If the
starting film contains already sulfur. Then, the crystallization can start from
high stoichiometry and background sulfur can be used to suppress sulfur
loss and fill vacancies. In this sense, the sulfurization could be understood
rather as a healing or re-crystallization process rather than the
recrystallization of metal into a sulfide.

Third, instead of growing large area films, pre-patterned films are
an interesting phenomenon to study. Since aggressively scaled transistors
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are targeted to nanometer-size, the sulfurization area can be also scaled to
the envisioned transistor channel size. When the transistor channel size is
then in the size of the grain size, defects might play a minor role.
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4.2 Converting amorphous Si to WS;

The TMD growth in the previous section was based on a hybrid
CVD approach from a solid metal precursor and a volatile sulfur precursor.
In this chapter, we study the TMD deposition from the gaseous precursors
WFs and H>S. They can be delivered in a well-controlled manner to sample
surfaces in a CVD reactor. The strong interaction of WF¢ with a sacrificial
Si and the slow reaction with Al,O3 can be used to converting ultra-thin
films as they are used for few-layer thickness.

It was found that the reaction between WF¢ and Si substrates is very
strong and that a dielectric such as SiO, or annealed AlO; inhibit the
reaction and had to be deposited before the deposition reaction. However,
WF¢and H,S did not spontaneously react on the wafer surface up to a
temperature of 450 °C. To enable a reaction between the W-compound and
the sulfur precursor, the WF¢ had to be reduced. In this work, PVD
amorphous Si was used as reducing agent. The conversion to WS, consisted
of cycles with a WFs step to replace Si by W, a N» step to purge remaining
WFs out of the reactor, an H>S step, followed by another N purge. It was
found that the conversion reaction of a 2 nm Si layer in a W layer, being
equivalent to a double layer WS,, proceeds very fast within the first 15 s of
WF¢ exposure. In contrast, the sulfurization of the W in the H»S step was
slower and completed upon several cycles only. This is different to CVD, in
the sense that here a step-by-step metallization and sulfurization was done.
The films deposited at 450 °C, are stoichiometric and homogeneous over a
300 mm wafer substrate, but they are amorphous and need further quality
improvement by subsequent thermal annealing. It was found that for
reducing Si films with a thickness larger than 4 nm, the sulfurization
temperature of 450 °C is not enough anymore to obtain stoichiometric films
due to non-complete sulfurization process. It is worth noting, that the in-situ
sulfurization could only take place at 450 °C in case metallic W was present
on the surface. WOx could not be sulfurized at the low temperature of 450 °C
anymore, which is an opposite behavior to Mo-constituents as seen in the
previous section.
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Abstract

The deposition of ultra-thin tungsten films and their related 2D
chalcogen compounds on large area dielectric substrates by gas phase
reactions is challenging. The lack of nucleation sites complicates the
adsorption of W-related precursors and subsequent sulfurization usually
requires high temperatures. We propose here a technique in which a thin
solid amorphous silicon film is used as reductant for the gas phase precursor
WFs leading to the conversion to metallic W. The selectivity of the W
conversion towards the underlying dielectric surfaces is demonstrated. The
role of the Si surface preparation, the conversion temperature, and Si
thickness on the formation process is investigated. Further, the in-situ
conversion of the metallic tungsten into thin stoichiometric WS, is achieved
by a cyclic approach based on WFs and H,S pulses at the moderate
temperature of 450 °C, which is much lower than usual oxide sulfurization
processes.
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4.2.1 Introduction

Ultra-thin semiconducting atomic layers such as the transition-
metal dichalcogenides (TMDs) WS, or MoS, show specific properties due
to their reduced dimensionality. Monolayers of these TMDs reveal sulfur-
terminated basal planes and multilayers are bonded by van der Waals forces,

971 Due to their lower

hence, their ideal surface is free of dangling bonds.!
relative permittivity in comparison to Si, they are also predicted to be more
resistant against short-channel effects in field effect transistors and are
promising for future scaling in nanoelectronics.['”*! Besides this, these
materials are promising building blocks in optoelectronics, and

spintronics.!19?-201]

In recent years, much progress on the growth of MX,
materials has been reported, especially for MoS,. In comparison to MoS,,
the TMD WS, received less attention, despite its higher predicted phonon-
limited electron mobility of 700 cm*Vs in monolayer due to its lower
effective charge carrier mass, in comparison to the value of 440 cm?*/Vs
reported for MoS,.[292-2041 Those theoretical performances are smaller in real
devices due to structural defects such as grain boundaries and sulfur
vacancies, which are occurring as a result of the growth process or post
treatment.[20%-20]

A common approach for deposition on large areas is the chemical
vapor deposition (CVD) by evaporation of MoOs and S supported by Ar/H»
flow in furnaces with different temperature zones.*>2°2%! This allows the
deposition of monolayer triangles with lateral dimensions of a few tens of
micron. The crystal orientation can be controlled by using crystalline
guiding substrates such as sapphire wafers or GaN films.[#-292!1] Besides
of MoQ3, metal halides have been used for deposition as well, since their
boiling points are smaller than for the oxides and hence, their vapor transport
into processing reactors to the substrate surface is facilitated.[#2%212] The
transition-metal chlorides can be evaporated already below 300 °C and the
fluorides are even volatile at room temperature. Besides metal halides, also
volatile metal-organic precursors are used to deposit thin films.[58213-215]
Those CVD methods can yield large MX, grains, if the nucleation starts
from one nucleation point and extends laterally to form the characteristic
triangles. Next to the CVD methods, also conversion reactions have been
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widely investigated. In such reactions, pre-deposited metallic or metal-oxide
layers are sulfurized in evaporated elemental sulfur or H,S.*'%) However,
sulfurization results in much smaller grain size than CVD for a given
temperature, since sulfurized films are initially nanocrystalline and need
high recrystallization temperatures to enable grain boundary migration.

The majority of studies were done for MoS, due to the ease of
fabrication by co-evaporation of MoQOj; (melting point at 795 °C ) and sulfur
in tube furnaces and the MoS; deposition directly from the gas phase. (2022041
However, WO3; needed for WS, has a high bond energy and sublimates at
temperatures higher than 900 °C, which is less practical than MoOs. Song et
al. deposited thin WOs films by ALD at 300 °C and sulfurized these films
afterwards at 1000 °C.1**) However, the sulfurization of WOj; requires those
high temperatures to enable the oxygen-sulfur exchange reaction in this
oxide with high bond energy.!*'”*!8] We studied in this work an alternative
approach, in which the tungsten is sulfurized directly from the metallic state.
Normally, a metallic layer is difficult to maintain during the transport of a
substrate in air. Therefore, the deposition is done in-situ in one reactor
without vacuum break to avoid oxidation. In this paper we elaborate on the
process described earlier, in which we convert an amorphous silicon film by
WFg into metallic W and convert it in situ into WS, at a moderate processing
temperature of 450 °C in H,S.2'%220 This study discusses the detailed
observations of the formation mechanisms, namely the Si-to-W conversion
and the sulfurization directly from metallic W to WS,. The necessity for the
surface preparation and restrictions with regards to thickness control,
temperature, and structure are discussed.

The selective deposition of W on Si surfaces by CVD is a well-
known process, which is mainly used for W-plug formation in vertical
interconnect accesses (VIA) in combination with a Ti buffer layer.[21-223 [n
contrast, the W deposition on dielectric surfaces is more challenging due to
the lack of potential nucleation sites. The formation of a thin W film from
the precursor WFe on dielectrics such as Al,Os, HfO,, or SiN requires the
use of a reductant, since these dielectrics do not provide chemisorption sites
for the precursor. Successful nucleation could be achieved by the use of H»
plasmal®'”! or gases like Si:He??*, SiH41?%1, BoHg?2%1, GeH4*?"), or solids like
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Figure 4-14: Pulse sequence in the CVD reactor with varying pulse times t, separated by
15 s N2 purge steps.

elemental Si??%??%], The gaseous precursors are used for ALD processes to
achieve layer-by-layer deposition of amorphous or polycrystalline films.
However, they deposit the target material on the whole substrate and not in
specific regions. Nonetheless, a solid precursor like a thin Si film can be pre
patterned and controls the areas for the conversion.

In contrast to the above described methods, the technique developed
in this paper allows the selective deposition of WS, with arbitrary thickness
equivalent to multilayer thickness down to a monolayer over wafer sizes of
300 mm diameter and exploits conventional tools for CMOS fabrication
such as physical vapor deposition (PVD), wet chemical processing, and
CVD. Here we provide insight into the conversion mechanisms with a focus
on surface preparation, conversion temperature, and thickness correlation.

77



This conversion process can be used in combination with advanced
techniques such as atomic layer etching (ALEt) to form selectively grown
patterns on sensitive underlying films bringing advanced Beyond Si-CMOS
concepts, such as tunnel field-effect transistors (TFET) or spintronic devices
a step closer.

4.2.2 Methods

Substrates used in this work were 300 mm Si wafers coated with a
20 nm-thick thermally grown SiO> layer to provide interference contrast for
2D material visibility. For the analysis with a light microscope, the light is
reflected at the interface Si/SiO, and interferes on the SiO-air surface
depending on the refractive index and the thickness of the stack. Although
one would expect only a minor impact on light amplitude and phase for such
ultrathin materials with multiple thickness of 7 A, they are well
distinguishable in thickness. This is because of the high reflective index of
the MX; causing multiple reflections in the MX; resulting in a large optical
path length (OPL).[3% This SiO, was covered by an atomic layer-deposited
(ALD) AlOs; and crystallized in Os-rich environment at 1000 °C to
chemically mimic a sapphire surface and to protect the Si wafer from
reactions with the used gas phase precursor or wet-chemical surface
preparations.

Amorphous silicon layers were deposited by PVD with a low
deposition rate of 6.8 A/min. This amorphous silicon is a uniform, sacrificial
layer and used as reductant, i.e. it is consumed during the proceeding steps.
The native SiO; was removed and Si was H-passivated by a 200 s long 0.5 %
HF rinse and followed by an extensive H,O rinse. These layers were
immediately exposed to alternating gas pulses of WF¢s and H»S in a CVD
reactor at a temperature of 450 °C according to the scheme shown in Figure
4-14.

This converted the Si film into metallic W and subsequently into
WS,. The 15 s long gas pulses were separated by N, purges. The pressure
was kept constant at 266 Pa. The conversion mechanism was thoroughly
analyzed by Rutherford backscattering spectrometry (RBS) using
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1.523 MeV He" particles.!'?”) Raman spectra were measured by a Horiba
LabRAM HR with 532 nm excitation wavelength and a grating of
1800 grooves/mm. Angle-resolved X-ray photoelectron spectroscopy (AR-
XPS) spectra were acquired with a Thermolnstruments Theta300 system
using a monochromatized Al K, X-ray source (1486.6 ¢V) and all spectra
were integrated over their measurement angles to obtain a high signal-to-
noise ratio. Atomic force microscopy (AFM) by a Bruker Dimension ICON
PT was used in tapping mode to collect information about the surface
roughness. Selected samples were coated with spin-on-carbon (SOC) and
cut with a 5kV Ga" focused ion beam (FIB) into transmission-electron
microscopy (TEM) specimens and then observed by a FEI Titan3 G2 60-
300 with a Super-X EDS detector system. Grazing incidence X-ray
diffraction spectra were recorded by a Panalytical X’PERT Pro MPD using
an incidence angle of 1°.

4.2.3 Results and discussion

The deposition of WS, from gas phase precursors proceeds in two
steps, the Si-induced conversion to ultrathin, metallic W layers and the
sulfurization of those metallic layers to WS,. The following section
discusses the impact of surface oxidation and the requirements for the Si
surface preparation and the quantification of the conversion process from Si
to W. Afterwards, the sulfurization and its constraints with respect to
penetration depth and temperature are explained. After analyzing both
processes separately, the combination was optimized to obtain
stoichiometric films on an insulating substrate.

4.2.3.1 Redox reactions based on Si, WFs, and H,S

4.2.3.1.1  Si conversion to W: Role of surface passivation

Depending on the temperature, gaseous WFs reacts with Si

according to the following paths by segregation of Si through thin W and

reaction with the gaseous precursor at the surface:!>*!)

At400°C: 3 Si(s)+2 WFq(g) =2 W (s) + 3 SiFs(g) (4.3) or

at 700 °C: 3 Si (s)+ WFs (2) = W (s) + 3 SiF2(g) (4.4).
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Figure 4-15: Conversion efficiency upon different periods between Si deposition and WFs
conversion indicate a decreasing W amount. 100 % correspond to 2.47E15 at/cm’.

Wafers with 7.5 A-thick Si were exposed to the WFg at 450 °C after
different periods upon Si deposition and the deposited W amount was
quantified by RBS. The expected value for the number of W atoms per area
Nw/A4 in the case of full conversion was calculated by

Nw

A

.Nsi _ xpsiNatsi (4.5)
A 3-Mg; )

wIix

with the reaction coefficient x for W (either 2 or 1 for equation (4.3)
or (4.4), respectively), the pre-deposited Si thickness ts; and the
corresponding number of Si atoms per area Nsi/A. The amorphous Si density
psi can vary between 1.7 and 2.3 g/cm® depending on the deposition
conditions **?! With the molar mass Ms; the theoretical density of W after
full conversion for reaction (4.3) is in the range of
1.83E15 to 2.47E15 at/cm? and for reaction (4.4) it would yield only
between 0.91E15 and 1.23E15 at/cm®. Experimentally the 7.5 A Si after
conversion yielded 2.47E15 at/cm? This confirms that reaction (4.3) with
the coefficient x = 2 occurred and the Si density of the pre deposited Si of
silicon is like the crystalline density.
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However, this amount was only achieved when the conversion with
WFs was done immediately after the Si deposition. With increasing delay
between the Si deposition and the conversion, less Si was converted to W
for a similar Si amount, as shown in Figure 4-15. This is related to the
formation of native SiO,, of which the thickness is time dependent.

The amorphous Si forms a native oxide in air of a few A. The exact
r.231 Upon
immediate WFs exposure for twrs = 15 s, the nominal Si amount of 7.5 A

resulted in nearly full conversion, whereas after 30 min only 55 % of the

thickness of this native oxide depends on the residence time in ai

expected value was observed, after 24 h only 43 %, and upon two weeks
delay, the deposited W amount was only 2 % of the expected value of full
conversion.

This reveals the decreasing efficiency of Si-to-W conversion with
increasing air exposure time. This observation can be explained by the non-
reactivity of WFs and SiO; at the processing temperature of 450 °C.[>** This
process has a high activation energy. It is therefore essential to carefully
control the native oxide growth to avoid variability in W deposition.
Samples treated with 14 cycles starting with twrs = 15 s WFs exposure but
24 h after Si deposition, show residual Si-O in the converted film according
to XPS (Figure 4-16a), confirming the strongly limited reactivity of SiO»
with WF¢. The SiO; is represented as the high energetic peak in the Si 2p
spectra. In contrast to this, elemental Si being located at lower binding
energy could not be quantified and only noise level was detected in this part
of the spectrum, hence all elemental Si was consumed in the conversion
process. Correspondingly, reaction 4.3 occurred even through a thin native
Si0; layer, which is not fully closed yet after short delay.

81



Further analysis of the XPS spectra shown in Figure 4-16b revealed
that oxygen was incorporated in the deposited W-compound. The spectrum
shows two doublets of the W 4f peak: the lower energetic doublet is related
to the W-S bonds, thus it represents the +1V oxidation state of W, which is
typically related to WS,.2352361 At higher binding energy, there is the W 4f
doublet for WO3 — this corresponds to W in the +VI oxidation state. This
doublet is superimposed to the W 5p peak at the binding energy at 39.5 eV
in this spectrum. The oxide can be distinguished qualitatively from the pure
compound by the evolving shoulder next to the WS, doublet, which is part
of the oxide characteristic doublet.
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Figure 4-16: XPS spectra of a) Si and b) W after immediate and one day-delayed treatment
by the gas sequence WFs, N2, H3S, N>. The sample treated after one day shows the
incorporation of SiO: from the native oxide, which was not converted into W-compound.
GIXRD graphs showing the W-compounds deposited upon WFe¢/N2/H2S/N: pulses on a
sample with c) oxidized surface and on d) HF-cleaned surface. The latter one shows pure
WS: formation and absence of tungstite (hydrous tungsten oxide).

The quantitative oxide fraction of the deposited film was 16 % for
the immediate conversion and 19 % for the conversion after 24 h (only
partially converted). Both observations show higher oxidation than the
typical 10—12 % oxidation (full conversion) we observe for the best
material, probably originating from minor air oxidation. Typically, S-
saturated W atoms oxidize only slowly under dry conditions and are stable
for short-term as long as no elevated temperatures or moisture is applied for

[237

longer time.[**”) The observed WOj; oxidation implies that another oxygen

source is present.
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To identify this source, the composition was further analyzed upon
deposition. The spectra in Figure 4-16b reveal a higher oxidation level in
the film converted after 24 h in comparison to the one which was
immediately converted. In addition, GIXRD spectra acquired upon
deposition (Figure 4-16¢) revealed significant peaks at 16.5 ° and 25.4 °
being characteristic for tungstite, WO3-H>O. This implies that the reaction
product results from the interaction of SiO,, WFg, and air environment upon
processing. SiO, cannot be directly etched by WFs due to its
selectivity.[4238 However, WFs reacts with Si by penetrating through
pinholes in the not fully closed native oxide layer, if this is still within the
timeframe of a few hours after the HF dip. This forms SiF4 as byproduct
according to reaction 4.3, leading to the formation of a volatile silicon
oxyfluoride according to 4.6 23):

3 SiF4 () + Si0» (s) = 2 Si,OFs (g) (4.6)

The O-containing reaction product from 4.6 is detracted by further
reaction with WFs in the gas phase forming the metal-oxide compound
according to the exergonic reaction (AG = -300 kJ/mol):

3 Si,OF¢ (g) + WFs(g) = W03 + 6 SiF4(g) 4.7)

The oxygen of Si,OFs could react with WFs due to the high affinity
between both according to reaction 4.7. Upon air exposure, the incorporated
oxide can hydrate and form the tungstite as evidenced in Figure 4-16c. To
avoid the formation of tungstite and to achieve pure, oxygen-free WS,, the
incorporation of any oxygen on the sample surface must be avoided. The
challenges of preparing an O-free surface are twofold: on the one hand, the
oxide regrowth on deposited Si is time-dependent and hence, it can vary
depending on the time between Si deposition and oxide removal. As a result,
the amount of elemental Si left is also time dependent. On the other hand,
the oxide regrowth should be avoided to minimize the adsorption of O, or
H,O prior to the W-compound deposition step. To tackle the first challenge
of time-dependent oxidation, a chemical oxide based on ozonated H.O was
grown on the Si surface to achieve repeatable, constant Si consumption.*4%!
Ozone was dissolved in water and due to its strong redox potential, it is
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strongly oxidizing and form a self-limited oxide film on Si. Ozone can be
produced on the site of use and does not induce so much waste, hence it is
environmentally friendly. Afterwards, 0.5 % HF was applied for 200 s to
remove the native/chemical oxide and then followed by an extensive H.O
rinse to passivate the surface with hydrogen, resulting in a hydrophobic
surface that remains stable for extended periods of time.[**!]

As the GIXRD spectra in Figure 4-16d show, the tungstite peaks are
absent for the samples, which received the treatment of chemical oxidation
and HF before the conversion process and only tungstenite is visible at 14 °.
Additionally, the XPS spectra in Figure 4-16b reveal that the WO;-related
doublet diminishes and only the W 5f peak at high binding energy remains.
According to the XPS quantification procedure, the remaining oxidation
level of W-bonds is 12 %, which is the lowest value we obtain for any 2D
material grown in our laboratory and that we could measure by ex situ
analysis. By combination of ozonation and HF treatment the surface oxide
can be controlled and removed in a reproducible way leading to a stable H-
passivated Si which can be used as a vehicle to study the conversion
mechanism.

This conversion reaction was described earlier for W CVD
deposition by the upward diffusion of Si through the growing W layer.[?*!]
The segregated Si on top can react with the gaseous precursor, forms volatile
SiF4, and deposits the metallic W layer.

The film was exposed to 3s WFs and a W amount of
2.5E+15 at/cm?® was achieved. Saturation was observed after 15 s exposure
as can be seen from Figure 4-17a. The XPS spectra in Figure 4-17b show
remaining elemental Si and SiO; after the unsaturated 3 s WFs pulse and a
Si-free surface for larger doses. This means that the dose for 3 s was too
small to convert all the Si, whereas the 15 s are enough for converting all Si
into W without any residual Si or SiO; incorporated.

Afterwards Si layers with different thicknesses were prepared and
converted to W. The linear relationship between the deposited W amount
and the pre deposited Si is depicted in Figure 4-18. The intersection with the
abscissa (1 nm) represents the amount of silicon which was consumed
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Figure 4-17: a) W after the conversion for different WFs exposure times; b) Si 2p XPS peak
after different WFs exposure times shows that for the 3 s WFs not all the Si is consumed,
whereas after 15 s and longer conversion, all Si above detection limit is consumed.

during the O3 / H,O oxidation and the HF-based SiO, removal. The slope
derived from the linear fit is 2.51E15 at/cm?nm. The linear correlation
between W and Si and the absence of any residual Si (Figure 4-17)
demonstrate the complete conversion of Si into W at 450 °C and in this way
allows a precise controllability of the deposited amount.

WFs does not react with the crystallized Al,O3 underlayer as long
as no other reductant is provided illustrating that this Si-to-W conversion

process is selective as demonstrated in an earlier paper.?2]

4.2.3.1.2 Sulfurization reaction for the conversion of W to WS,

After determining the parameters for a complete conversion of the
pre-deposited Si amount, the parameters of the sulfurization pulse were
studied to obtain a stoichiometric WS,. Obviously, this sulfurization pulse
was applied in situ to avoid air exposure of the formed metallic compound,
since it would oxidize rapidly.>*?

The HaS pulse converts the deposited material according to:

W(s) + 2 HxS(g) = WS, (s) + 4 Hx(g) (4.6)
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We can assume that all the initially deposited tungsten is in the
metallic state, since the H»S pulse is applied in situ and no O; is involved in
any of the reactions after cleaning the surface properly. After a tixs =15s
H>S pulse at 450 °C, the sulfurization yielded only a S/W ratio of 1.5, hence
the film was non-stoichiometric and only 75 % of the maximum sulfur
amount was reached since the sulfurization reaction was not complete. A
second cycle being equivalent to a dose for 30 s already increased the ratio
to 1.7. Adding twelve more cycles with a total H>S dosing of 210 s resulted
in a S/W ratio of 1.8 and saturated around this level for a given initial Si
thickness. This was equivalent to 90 % of the total theoretical sulfur amount.
This shows also that there also 10% defects, which will be not acceptable
for electronic grade. Nonetheless, the activation energy for metallic W
sulfurization must be lower than for WOy sulfurization which is opposite to
the behavior in Mo.

4.2.3.1.3 Influence of the processing temperature

According to Figure 4-18, an initial Si thickness of 3 nm is
necessary to realize a multilayer structure of four layers of WS,. For this
thickness, the temperature window was investigated. Figure 4-19a shows
the S/W ratio after formation at various temperatures between 325 °C and
450 °C. Higher temperatures could not be investigated due to the limits of
the chamber. With increasing temperature, the incorporated S amount is
increasing as well and is reaching a S/W ratio of 1.8 to 1.9 for 450 °C, but
the W amount was constant for all three temperatures. The XPS spectra in
Figure 4-19b show decreasing WOs doublets for increasing deposition
temperatures, before reaching a minimum for 450 °C. We interpret the W-
O oxide formation as saturation of metallic bonds upon air exposure, which
is a different effect than shown before which was the oxide formation due
to an oxide-contaminated surface of the Si precursor. When the sulfurization
is conducted at 450 °C, a higher fraction of W is sulfurized and all the
accessible W atoms are saturated with sulfur, so that the material is inert
against spontaneous oxidation in air. For T < 450 °C, the W films are not
completely sulfurized, and remaining W atoms oxidize in air.
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Figure 4-18: Deposited tungsten and sulfur amount as a function of the pre deposited Si
thickness. Quantified by RBS.

The Raman spectra in Figure 4-19c show the characteristic peaks
for WS;: The higher the temperature, the higher are the intensities of the
2LA(M)/E!5; and Aj, peaks.?] The overlapping peaks 2LA(M) and E',
describe the second order Raman resonance peak of the longitudinal
acoustic mode and the in-plane vibrational modes, respectively. The Aj,
peaks describe the out-of-plane vibrational modes of the W-S bonds. Note
how in contrast, the intensity of the Si 2TA mode at 300 cm™ coming from
the substrate remains relatively constant. Together with the rising LA(M)
mode, often referred to as a measure for the disorder in MX, films, this can
be interpreted as an increase in the WS, amount.?*4]

These observations show that for T > 325 °C, the limiting step is the
sulfurization. For a given temperature, sufficiently long dosing of H»S had
to be provided to convert the thickness of a four layer-equivalent film. This
is due to the diffusion of the reactant H,S through the top layer of WS, and
the out-diffusion of the reaction product H, according to reaction 1.6.
Diffusion is a temperature-determined process and thus, higher temperatures
allow deeper diffusion of sulfur for a given reaction time.
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Figure 4-19: a) S and W amount as determined by RBS showing that stoichiometric films can
only be obtained at 450 °C; b) XPS spectra of the W region reveal the presence of WS> and
WQOs3. The WOs contribution disappeared for the 450 °C process; c) Raman spectra taken
upon WS: deposition show an increase in the 2LA(M)/E’2g and A4 peak for higher deposition
temperatures.

At 450 °C the conversion of a 3 nm-thick Si and the stoichiometric

sulfurization of the W could be achieved. This temperature was used in all

the following experiments to obtain stoichiometric films.

4.2.3.1.4 Influence of the starting Si thickness for controllability of layers

The properties of 2D materials vary significantly with the thickness

and the optimal thickness for MX, transistors remains under debate.245246]
In the following we evaluated whether the WS, thickness could be

modulated by the amount of pre deposited Si.

To achieve the deposition of different thicknesses of stoichiometric

WS, films, Si films with different thicknesses were pre deposited and
converted to WS, with twrs = tuzs = 15 s long pulses at 450 °C. The amount
of W and S was quantified as shown in Figure 4-18 (p. 84).

While the W amount increases linearly with the amount of pre

deposited Si, the S amount increases linearly up to ~3.75 nm Si and then

saturates, there is no more sulfur incorporation above this amount. This is

related to the limited H,S diffusion into the deposited film at the temperature
used.?1%247] Since the conversion Si —W is done in situ with the HoS

sulfurization, both cycles are conducted at the same temperature. H>S must
penetrate through the surface layer, react with the metal underneath, and H»

as reaction product evolves. The 450 °C process is capable of sulfurizing
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Figure 4-20: XPS spectra with the W-related peaks of a thin and a thick film. The thicker film
shows stronger oxidation on the top and a buried metallic contribution, which is not present
in the thinner film.

one to six layers at the given H,S dose and temperature. If the films become
too thick, the H,S is not capable of diffusing deep enough, which can be
seen by residual metallic W in the XPS spectra in Figure 4-20. There is also
an increased WO3s amount appearing, being buried at the interface between
the sulfur-terminated W-S and the metallic W. This WOs3 is formed due to
non-reacted W, which is brought into contact with O, from the atmosphere.
Hence, O can still diffuse through the top layer oxidizing a part of the
metallic W underneath, which can be understood from the smaller Van-der-
Waals radius of oxygen of 1.52 A with respect to the larger one of sulfur
with 1.80 A. Thus, O, is assumed to penetrate deeper than H,S at low
temperatures. Diffusion is a temperature-controlled mechanism, therefore
only higher temperatures or longer annealing periods could sulfurize thicker
layers, but this is out of the range of the available experimental setup and
not targeted for the application in few-layered active films. To reduce the
conversion rate in the step-by-step process, the precursor could be
eventually diluted to reduce the active dose. Reducing the temperature is
probably not an option, since the sulfurization will also get slower.
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4.2.3.2 Necessity of a cycled process

Introducing the gas pulses sequentially with a saturated WF¢ pulse
for conversion and at least partial sulfurization is essential due to the
interaction of the solid and gas compounds. We tested the hypothesis
whether a partial conversion by a short WFs pulse, followed by a long
sulfurization step could result in smaller nucleation density and facilitate
large crystal growth from fewer nuclei by repeating such cycles. However,
we observed that after the first unsaturated WF¢ pulse and the H,S pulse, no
further conversion of Si into W occurred after the second WFs cycle, as WFe
cannot reach the elemental Si underneath anymore and the Si does not
diffuse upward through the WS,. In contrast, the sulfurization reaction
continues in the second cycle. Hence the formed WS, top layer act as a
barrier and prevents the further upward diffusion of Si through the WS, film
and the Si interaction with WF.

The simultaneous injection of WFs and H»S was investigated on the
H-terminated Si (CVD regime). We observed the formation of a film with
monolayer-equivalent thickness being also stoichiometric. However, the
thickness of this film did not scale with deposition time. In this case the
surface reaction took place as well, but further surface reaction was strongly
reduced and formation of a second layer occurred only very slowly, since
the top surface WS, film prevented any further exchange between the buried
reductant silicon and the gaseous WFg.

The goal of this work is the deposition of TMD on the insulating
substrate without leaving silicon traces behind. We conclude that it is
necessary to first fully convert the Si into W, and only afterwards the
sulfurization of the W film can be carried out.

Figure 4-21 shows a TEM cross-sectional image of a stoichiometric
film deposited with optimized conditions. The image shows in the bottom
part the polycrystalline Al,Os, in the middle the WS, films, and above the
spin-on-carbon (SOC) capping layer. In the SOC layer some darker regions
are visible, which represents driven-out sulfur by the sample preparation
through focused ion beam.
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10 nm ; ; SHACaT AN e
F igure-ZI : TEM cross-sectional image of a stoichiometric WS: film prepared with 14
cycles of (WFs/N2/H2S/N2 of 15 s period for each pulse). The bars with the numbers
indicate the thickness of the WS film in nm.

The layered structure of the W and S is visible, but with short-range
order. The size of clusters with parallel basal plane structure is less than
3nm and, in between, areas appear amorphous. The similar random
orientation of WS, clusters was observed for different thicknesses and
similar stoichiometry of the films. In case of thin non-stoichiometric films,
the basal planes of the clusters are rather vertically aligned and WOs clusters
remain in the film. The stoichiometric films can be used for further
recrystallization experiments, which is part of further research.[66-248]

4.2.4 Conclusions

A method has been described, allowing to deposit one to six layers
WS,. The method starts from amorphous Si, of which the thickness
determines the amount of WS; to be formed. To obtain pure WS, the Si
layer needs to be oxygen-free. Reproducible Si layers can be obtained by
the oxidation with a HO-O3; mixture and a subsequent HF treatment, which
passivates the surface with H and delays re-oxidation. The silicon layers can
be converted to metallic W with WF¢ at T > 325 °C, then in situ sulfurized
by HaS, which is kinetically faster than the oxygen-sulfur exchange in WO;
compounds. The formation of WS, creates a barrier against a subsequent Si
/ WFs exchange, which imposes that the starting Si film must be fully
converted into W in the first cycle. The sulfurization step is a diffusion-
driven process and is limited to a thickness equivalent of six layers WS, at
450 °C. The obtained WS, layers with random basal plane orientation can
serve as template for subsequent recrystallization to obtain larger crystals.
We believe that this technique can pave the way for a selective deposition
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on large substrates and could enable heterostructures for TFETs, spintronics,
and optical applications.

4.2.5 Recent advances and vision

The production-friendly precursor WF is still a niche-precursor for
the deposition of WS,. Besides the low-temperature methods for the
selective conversion of Si to WS,, the used precursors can be used for
plasma-enhanced ALD by means of a H, reducing plasma or the self-limited
CVD on ALOs. Another group achieved as well the direct growth of WS,
by WFs and H>S on SiO; by using Ar/H,S/WFs at 650 °C.12*1 Considering
the higher evaporation temperature of WOs for the solid precursor and
higher CVD temperature, the investigation of the combination WF¢/H,S at
higher temperatures than the here used 450 °C could be still interesting.
Possibly this is analog to the WFe/H, system, in which W can be deposited
on SiO; at temperature of 700 °C, hence 650 °C for the WF¢/H»S system is
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Figure 4-22: a) REM and TEM showing nano cubes consisting of bulk WOs3 and WS: at the
interface to the substrate; b) Raman spectra of this region shows high intensity WS>
vibrational modes.
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reasonable. Interestingly, locally different growth mechanisms have been
observed in the chamber in different locations. On the wafer backside, the
region purged with He and located close to the hottest point, the susceptor,
the formation of WOj3 nano cubes on the surface of a SisN4 coating has been
observed. The interface between the WOs3 and die SizsN4 consisted of WS,
which must have formed purely thermal. This underlines the fact that only
a slightly larger temperature than 450 °C is necessary to enable the CVD
from WFs and H»S, possible above 50°C to 100 °C higher than on the wafer
surface. The source of oxygen could be possibly due to the hot venting in
the loadlock.

The use as a H, plasma for the reduction of WF¢ on the wafer surface
has been also shown promising. Within this work, stoichiometric WS, layer
in the sub-monolayer range could be deposited on annealed Al,Os. This was
the base for numerous following investigations on PEALD of WS,.[70-72]

The approach studied here on the system of Si, WFe, and H»S can
be also extended to other materials. The approach could be also used to
deposit Mo-compounds as well as selenides. Eventually these schemes of a
sacrificial promoter participating in the conversion reaction could be also
used to synthesize other high-mobility materials such as HfS, or HfSe,,
which would also have a true mobility advantage over MoS; in a device.
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5 Quality improvement through crystallization

The previous chapters demonstrated that high quality MoS, could
be grown by MoOs sulfurization, but that the W-based compounds such as
WS, at the low temperature of 450 °C have only a short-range order of a few
nm. However, a high crystallization degree is necessary for good electrical
properties. This can be achieved by providing thermal energy to the films.
However, the maximum temperature especially in conjunction with S-
containing gases is limited by the substrate material, the hardware stability,
and the safety concerns for this process.

In the following chapter, paths to improve the crystallinity are
investigated. The annealing in inert atmosphere was evaluated and resulted
in sulfur loss for annealing temperatures higher than 900 °C. At 900 °C, the
crystallinity significantly increased up to 150 s annealing duration but
saturated then according to the Raman spectra. Excimer laser annealing
(ELA) was investigated as an alternative technique to increase the energy
density and minimize the annealing duration. The results were equivalent to
the ones obtained from rapid thermal annealing — up to a certain energy
density the crystallization degree increased and above this energy, there was
a significant loss of sulfur, which was accompanied by the agglomeration of
particles on the surface and destruction of the 2D nature of the film.

The process of metal-induced crystallization (MIC) by Ni or Co was
investigated for the recrystallization of WS,. We found that Co added on the
WS, film could lower the recrystallization temperature significantly and
results in a high WS; recrystallization degree. The Co film dewets during
the recrystallization process and agglomerates as particles at the edge of the
grains, which limits the controllability of film preparation and showed 3D
regrowth. To confine the recrystallization area to the 2D film area, suppress
sulfur loss, and to avoid 3D regrowth, a dielectric capping layer was
deposited on top of the amorphous WS, film prior to the recrystallization.
After recrystallization at 1000 °C, no sulfur loss was observed,
photoluminescence appeared, and the defect related LA(M) mode
decreased. Therefore, capped annealing could provide a viable way to
recrystallize high-quality MX, materials.
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Abstract

The integration of Van-der-Waals materials in nanoelectronic
devices requires the deposition of few-layered MX, films with excellent
quality crystals covering a large area. In recent years, astonishing progress
in the monolayer growth of WS, and MoS, was demonstrated, but multilayer
growth resulted often in separated triangular or hexagonal islands. These
polycrystalline films cannot fully employ the specific MX, properties since
they are not connected in-plane to the other domains. To coalesce separated
islands, ultra-high temperature post-deposition anneals in H,S are applied,
which are not compatible with bare silicon substrates. Starting from the
deposition of stoichiometric short-ordered films, the present work studies
different options for subsequent high-temperature annealing in inert
atmosphere to form crystalline films with large grains from stoichiometric
films with small grains. The rapid thermal annealing (RTA), performed over
a few seconds, is compared to excimer laser annealing (ELA) in the
nanosecond range, which are both able to crystallize the thin WS,. The WS,
recrystallization temperature can be lowered using metallic crystallization
promoters (Co and Ni). The best result is obtained using a Co cap, due to
the circumvention of Co and S binary phase-formation below the eutectic
temperature. The recrystallization above a critical temperature 1is
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accompanied by sulfur-loss and 3D regrowth. These undesired effects can
be suppressed by the application of a dielectric capping layer prior to
annealing. A SiO, cap can suppress successfully the sulfur loss during
annealing and reveals improved material quality in comparison to non-
capped films.

5.1 Introduction

Impressive progress in the growth of high quality 2D or multilayer
films was achieved in recent years. Those developments are ranging from

rudimentary chemical vapor transport (CVT) in closed quartz tubes®®!, over

the sulfurization of pre- deposited metal-oxide films!?>"!

[251

, evaporation and
condensation of solid precursors!®!, to the usage of easily-volatilizing
metal-organic precursors in different deposition modes like chemical vapor
deposition (CVD)?%%, atomic layer deposition (ALD)?%*, as well as plasma-

71.254] The critical point amongst all those

enhanced (PE) growth techniques.!
techniques is to achieve a sufficient large crystal size in a reasonable time
and over a large area. In all mentioned techniques, the process result is a

trade-off between deposition time, temperature, and crystal size.

Most studies focused on MoS,, although the W-related compounds
with S or Se are also highly interesting due to their higher predicted mobility
and also higher stability against oxidation.?>>*71 However, the higher
oxidation resistance and intrinsically higher melting point of W and W-
based compounds come along with a higher energy barrier for evaporation
and recrystallization. The evaporation of WOs requires temperatures higher
than 800 °C and recrystallization temperatures higher than 1000 °C are
needed for sulfide-compounds , as shown for MoS,.! This high activation
energy is needed to initiate the grain boundary migration in these films. Such
recrystallization is typically done in situ, following the growth process and
28] Laboratory based furnace setups use
evaporated elemental sulfur, whereas industrial reactor designs use typically

in a sulfur-rich environment.!

H,S. The latter one restricts the use of chamber materials and substrates to
oxides with high melting point like SiO» or Al,O3 and which are not reacting
with H,S at this temperature.>*26%1 The recrystallization process requires

extreme demands to processing equipment and safety measures, since the
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process gas H,S is highly flammable, toxic, and corrosive.?¢!l The corrosion
is particularly problematic for processing chambers with stainless steel walls

in which sulfide stress cracking can occur.[26226%

By reducing the
temperature during the sulfurization, a wider range of substrates and

hardware options can be used.

Besides the chalcogen source, the substrate is also of interest.
Sapphire is an appropriate substrate due to its hexagonal lattice and
atomically flat terraces upon high temperature O, annealing for surface
preparation.?* This provides a surface topology favoring epitaxial MoS
growth with a majority of grain edge orientations of 0 ° and + 60 ° and

¥ Due to a lack or large sapphire substrates

thereby the best growth quality.
with diameters of 300 mm on the market and difficulties in the direct
integration on sapphire, the direct growth on the final substrate, being

compatible with Si integration, would be advantageous.

The goal of this research is to grow the MX, (with M = W or Mo;
X =S or Se) in two stages: first starting with formation of stoichiometric
MX, at a low temperature in sulfur-rich atmosphere, followed by a
recrystallization step at hot temperature in H,S-free ambient to achieve
larger crystal sizes. In this way, the highly toxic and corrosive H,S is only
applied at low temperatures, avoiding hot temperature hazard. This paper
gives insight into rapid thermal annealing (RTA) and excimer laser
annealing (ELA) strategies of amorphous or small-grained WS into larger
grains in inert atmosphere, which has been poorly described up till now. In
addition, the influence of metallic and dielectric capping layers on the
recrystallization characteristics is studied.

5.2 Experimental

As described in previous work, stoichiometric WS, films can be
deposited on substrates with a crystallized Al,Os surface layer by reaction
of a pre deposited Si layer with WFs vapor and the subsequent sulfurization
of the resulting W layer at 450 °C in H,S.[219220265:266] A five layer-
equivalent structure was deposited to study the impact of the annealing
conditions.
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For the first approach, the samples were then cleaved into square
pieces of (2.5 x 2.5) cm? and annealed on a Si carrier wafer in a RTA system
(AG Associates Heatpulse 610), which is a cold-wall furnace design being
able to heat the wafer with high intensity light radiation from second to
minute range. The temperature was measured and controlled by a pyrometer
monitoring the backside of the Si carrier wafer. Before heating, the
processing chamber was flushed with 10 sccm Ar flow for 5 minutes. The
temperature ramp-up was set at 20 °C/s. At the end of the annealing at the
target temperature, the lamps were turned off and the sample cooled down
in Ar gas flow for another 15 min before unloading from the tool to prevent
oxidation of the annealed films and to avoid the contact of oxygen with a
still hot sample surface. For the second approach, excimer laser annealing
(ELA) was done in a SCREEN-LASSE Laser Annealer LT-3000/3100,
which was flushed with inert gas during the annealing. The XeCl laser with
a wavelength of 308 nm and a pulse length in the nanosecond range,
covering an area of 15 x 15 mm? per laser shot. The high energy of the
radiation ensures a surface-confined light absorption and the short pulse
lengths result in a fast heating cycle. The typical absorption depth of 308 nm
laser light is 6 nm in silicon, which heats up above the melting point of
1414 °C and therefore, the melting depth can be also larger.[2¢7-268]

The annealing effect by means of a capping layer was then studied.
For investigating the influence of a metallic capping layer, Co or Ni films
of a variable thickness were deposited on the stoichiometric WS, using an
Alcatel EVA 600 evaporation system. Initially, 50 nm Co or Ni were
deposited using a shadow mask to obtain wedge regions with metal (region
1), a transition region with thinner, dispersed metal (region 2), and a metal-
free region (region 3).As dielectric capping layer, SiO, was deposited on the
2D film using an Oxford Instruments PECVD system PlasmalabSystem 100
with the plasma source ICP380 at 150 °C, 3 sccm SiHs, 7.5 sccm N,O at
3.5 mTorr pressure with only inductively-coupled source power of 2000 W,
resulting in a deposition of 55 nm SiO, within 10 min.

The samples with the metallic or dielectric capping layer were
annealed with the similar RTA process as described above.
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All samples were inspected using a Horiba Jobin-Yvon HR800
Raman spectrometer with a 532 nm laser, 25 % neutral density filter, and a
grating of 1800 grooves/mm (Raman wavenumber) or 600 groves/mm
(photoluminescence). The exposure times for the Raman spectra were 100 s
for the RTA and ELA-annealed samples and 10 s for the MIC samples due
to much higher signal intensity. For comparing the disorder of the films with
different crystallization degree, the disorder-related LA(M) mode was
divided by the intensity of the convoluted E';0/2LA(M) peak. The
composition of the samples was analyzed using Rutherford backscattering
spectrometry with a 1.523 MeV He" beam.['”! The chemical state of the
surface layer was examined by an angle-resolved X-ray photoelectron
spectrometer Theta300 system from Thermolnstruments with Al K, X-ray
source (1486.6 eV). Spectra shown in this paper are integrated over all
angles from 22° to 77° to maximize the signal-to-noise ratio. Transmission
electron microscopy images were acquired using a FEI Titan3 G2 60-300
system at 120 kV for cross-section analysis and 60 kV for plan-view
imaging.

5.3 Results and Discussion

Three approaches were applied to improve the crystal quality
while maintaining the metal-sulfur stoichiometry. The reference RTA
process is compared with the short-time laser annealing and the use of metal
or dielectric capping layers to promote crystallization at lower temperature
and to prevent desulfurization, respectively.

5.3.1 Rapid thermal annealing (RTA)

The application of an inert gas purge maintained at atmospheric
pressure and quick ramp-up up to the crystallization temperature could
reduce the sulfur loss. Rapid thermal annealing (RTA) can be used to
conduct annealings at atmospheric pressures with ramp rates of 20 °C/s and
keep them at this temperature for a few seconds or up to a few minutes.
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Figure 5-1: TEM cross-section images of a) stoichiometric WS film as-sulfurized at 450 °C
with short-range order and b) recrystallized WS: films at 900 °C for 150 s in Ar showing
preferential horizontal alignment of the basal planes, the numbers indicate the thickness in
nm and the arrows the grain boundaries,; c¢) Plan-view TEM image in bright field mode
revealing the polycrystalline nature of the grains and Moiré patterns indicate overlapping
grains, d) Plan-view TEM image in false-color dark-field mode with colored crystallites
showing the random orientation.

Figure 5-1a and b show TEM cross-section images before and after
annealing. Before annealing (Figure 5-l1a), the TMD-typical layered
structure of metal sandwiched in between sulfur is visible. However, the
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basal planes are randomly oriented with small grain size of only 2 — 3 nm.
The films must undergo a recrystallization to achieve larger grains of the
WS, with horizontally aligned basal planes.[¢]

After annealing (see Figure 5-1b), the basal planes align more
horizontally, parallel to the Al,O3 surface. The maximum grain size which
can be locally seen is 15 nm and grain boundaries separating the domains,
are clearly visible. The film remains defective and polycrystalline. Since the
TEM cross-section give only local information in two dimensions, the films
were transferred onto a TEM grid and analyzed. Figure 5-1c and d show the
plan-view bright-field image of the WS, and the corresponding false-color
dark field TEM image. The three colors represent three differently selected
objective aperture positions and therefore different orientations. The
appearing Moiré pattern in the bright-field TEM image and the overlapping
colors in the dark-field TEM indicate that there is no preferential orientation
of the grains and that they are small up to a few tenths of nm. Overlapping
colors indicate that even stacked nanosheets are aligned differently with
respect to each other. This small grained MX; films are not promising with
regards to their electrical properties, since every grain boundary and
therewith defect is a scattering center for charge carriers and will limit their
mobility. In the following, we investigate whether the process parameter of
the rapid thermal annealing can influence the material properties to
understand the boundaries of this approach.

First, we investigated the effect of ramp rate from room temperature
to 900 °C by Raman spectroscopy. The samples with the ramp rate of
20 °C/s yielded the highest 2LA(M)/E',, peak as depicted in Figure 5-2.
Obviously, a high ramp rate is necessary to recrystallize the materials before
weakly bonded sulfur can sublimate to the environment in the system.
Considering the activation energy for the S-sublimation, it is qualitatively
low in comparison to activation energy for the recrystallization, since the
sulfur escapes quickly upon heating depending on the environment, but the
recrystallization occurs only slowly.
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Then the effect of the temperature between 600 °C and 900 °C was
assessed. The intensity of the WS, related in-plane and out-of-plane
vibrational modes increased with a higher temperature up to 900 °C. Note
that also the disorder-related LA(M) peak at 174 cm™ is scaling with
increasing temperature, suggesting that despite higher crystallinity, a high
disorder is still present. At higher temperatures, sulfur bonds would be
broken and sublimate resulting in a partially oxidized film. The layers were
also analyzed by XPS and the W 4f peak is shown in Figure 5-2c. The
spectra range includes the W 4f peak consisting of a doublet for WS,
compound at low binding energy and WO; compound at higher binding
energy, which is partially overlapping with the W 5p peak. The spectra are
similar for the samples with the annealing temperature up to 750 °C and the
WS,-bond related doublet is even more pronounced after 900 °C annealing.
Thus, up to 900 °C, the WS, films are stable and do not suffer from
significant sulfur loss, which would show up as WO; upon air exposure prior
to the XPS analysis. The deconvolution of the W peak showed 15 to 20 %
oxide fraction in the WSy films, which was independent of the annealing
temperature up to 900 °C. The impact of the annealing time on the Raman
intensity of the WS films has been assessed and is shown in Figure 5-3a.
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Figure 5-3: a) Raman spectra taken upon annealing at 900 °C for different durations and
revealing a saturation after 150 s; b) S/W ratio determined by RBS upon annealing at 900
°C for 30 s. At temperatures higher than 950 °C, sulfur loss could be observed for the longer
periods. The initial S/W ratio of as-deposited films was 1.8 before annealing.

At the temperature of 900 °C, the crystallization saturates after 150 s
and longer annealing does not significantly increase the crystal size, which
can be seen by the saturating phonon modes. This increase of the in-plane
2LA(M)/E';; mode especially indicates that the randomly oriented basal
plane orientation changed to a mainly horizontal arrangement towards the
substrate layer, since the ratio of Ay, to E's, is a measure for exposed basal
plane edges.!**”! No significant sulfur loss could be detected with RBS and
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XPS analysis upon annealing for those periods at 900 °C (see Figure 5-3b).
Longer annealing does not improve the material further within the given
timeframe, hence more activation energy is necessary to continue grain
boundary migration. However, with the increasing thermal energy, sulfur
loss occurs as demonstrated in Figure 5-3b: above 950 °C, the W-S
compound significantly loses sulfur. This is occurring with a roughness
increase upon annealing of the material over 900 °C (Figure 5-4), which can
be correlated to a two-step process: first the cleavage of the metal-sulfur
bond by high thermal energy and the evaporation of the cleaved sulfur;
afterwards thin, unbound W agglomerates and forms particles which appear
as roughness. The addition of higher thermal energy results in continuous
loss of sulfur, creating precipitations and preventing any further coalescence
of the remaining chalcogenide domains. A congruent effect was observed
recently in MoS; grain formation by in situ TEM studies in which a liquid
TMD precursor was heated and precipitation of hexagonal nanoflakes was
observed above a critical temperature.’*’") Above 900 °C, an inhomogeneous
color distribution on the sample surface was visible, which is a clear
indication of surface morphological change and is inappropriate to maintain
low-dimensional films. Considering these results, we could claim that the
activation energy for the recrystallization process is larger than for the S
desorption, which leads to the dilemma that higher crystallinity without
sulfur loss in an inert atmosphere can be only reached by a very long process.

We conclude that a conventional RTA in inert atmosphere is not
appropriate, since the recrystallization mechanism at a given temperature
after a certain time becomes slow and could be not investigated further with
the relatively short processing times which were achievable in an RTP
system. The film properties cannot be improved further by increasing the
temperature either, because the films suffer from sulfur loss above 900 °C,
which results in the destruction of the film with loss of its chemical and
physical properties. Eventually, the kinetics of the recrystallization process
would need more exploration within a broader time window.
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Figure 5-4: Roughness (RMS) after RTA annealing below and above the non-critical
recrystallization temperature of 900 °C

5.3.2 Excimer laser annealing (ELA)

In a second approach, we are investigating excimer laser annealing
to increase the impact of heating energy input into the film and
simultaneously minimize of annealing time to reduce the sulfur loss during
crystallization. ELA’s low wavelength of 308 nm / 4.02 eV absorbs strongly
in conventional bulk semiconductors and very short pulses in the
nanosecond range with high energy densities of a few J/cm? are
achieved.?’'1 2722741 Nonetheless, these results will show as well that the
activation energies for the sulfur desorption are lower than for the
recrystallization. The local temperatures achieved with this approach should
be around 1200 °C according to simulations.

Previous experimental efforts of TMD based laser annealing
concentrated solely on the contact region, but not on the active

semiconductor area for recrystallization.?7>-277]
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Figure 5-5: a) Sulfur content from RBS upon ELA annealing; b) max. peak intensity extracted
from the Raman spectra.

Figure 5-5a shows the sulfur content in a multilayer WS, film after
annealing as a function of the laser energy density. For low energy densities,
the sulfur content remains constant. For energy densities higher than

0.5 J/cm?, the sulfur amount rapidly drops, and the film roughness increased
(see Figure 5-6).
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Figure 5-6: AFM topology upon ELA treatment for a) 0.2, b) 0.75, and c) 0.8 J/cm?® energy
density.

The AFM shows the agglomeration of material upon the annealing
and the previous shown RBS data, the formation of W or WOs particles can
be concluded. Raman spectroscopy reveals an increase of the WS, related
in-plane and out-of-plane vibrational modes of the WS,, peaking at
0.75 J/cm? and then dropping sharply for higher energy densities as it can
be seen in Figure 5-5b. There is a loss of sulfur for increasing power, but
also an increase in crystallinity of the WS, films. This behavior is congruent
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with the observations from RTA at high temperature, which is characterized
by the increase in crystallinity with higher temperature, but simultaneously
the decomposition of the film due to sulfur loss. Hence, the difference in the
activation energies for the recrystallization and sulfur desorption show that
this path has some shortcoming. We must conclude that solely the
minimization of treatment time does not result in a better quality. Measures
to avoid sulfur loss are necessary and will be described in a later section.

5.3.3 Recrystallization of MX; by application of capping layers

5.3.3.1 Lowering the recrystallization temperature by metal-capping -
Metal-induced crystallization (MIC)

In previous sections the feasibility of RTA and ELA in sulfur-
deficient atmosphere for WS, recrystallization was described. In both cases,
the major heat source is the silicon wafer under the dielectric substrate layer,
because the silicon strongly absorbs the high intensity broad band light used
in RTA or the monochromatic light of the laser. For both processes, there
was an energy threshold above which S loss and W agglomeration was
observed, leading to rough, non-stoichiometric and low-crystalline films.
Yet a temperature increase or higher sulfur partial pressure are required to
improve crystalline quality. A possibility to decrease the recrystallization
temperature is evaluated by using a metal promoter in the so-called metal-
induced crystallization.

This approach is known to reduce the recrystallization temperature
of semiconductors such as Si, Ge, and even WS,, but only for thick
51278282 In the case of TMDs, this was only done in sulfur-rich

28] In this work, the use of Ni and Co as recrystallization

layer
atmosphere.|
promotors for low-dimensional films in inert atmosphere is evaluated and
insights into the mechanism are given.

Ni and Co show strong interaction with WS, and could decrease the
recrystallization temperature by a few 100 °C.2%2871 So far, these
recrystallizations were only conducted in chalcogen-rich atmosphere. In this
work, the role of crystallization promoters in a chalcogen-free, inert
atmosphere is investigated to avoid high temperature H>S exposure for
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safety reasons. The mechanism behind this, is the reduction in activation
energy for recrystallization by a metal donating electrons to weaken the
metal-sulfur bond and allow the diffusion of atoms on the surface.

Figure 5-7: EDS images showing the intermixing of Ni with W and S.

Note that the annealing temperature of 700 °C is above the eutectic
point in the binary phase diagram for Ni-S, which is 637 °C, but below the
eutectic point located at 877 °C in the Co-S phase diagram (see Figure 5-13
and Figure 5-14 in the appendix of this chapter).[?882%]
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5.3.3.1.1 Ni as recrystallization promoter in inert atmosphere

In case of Ni, the WS, phonon modes in the Raman spectra
disappeared after annealing in the deposited Ni pads. Large particles were
formed on the surface. However, in this case the resulting particles were an
alloy of Ni, S, and W as shown by the EDS analysis in Figure 5-7. The W
or WSy was dissolved in large parts in the Ni and did not crystallize in
separate phase. This is different to the effect Brunken et al. observed in
chalcogen-rich atmosphere, in which highly oriented WS, crystallized from
NiSy melt as in vapor-liquid-solid growth, which is also used for
nanowires.?”) During the early stages of crystallization, the NixSy and WS,
phase separate in chalcogen-rich atmosphere. In the present experiment in
inert atmosphere, Ni and W intermix without phase separation.

From this observation, the Ni-induced dissolution mechanism can
be postulated. Upon heating above the eutectic T, the Ni forms with the S
liquid NixSy droplets, which dissolve afterwards the reduced W. In case of
the Ni-supported annealing, there was no significant amount of WS,
detected by Raman anymore. The EDS analysis of the surface particles
revealed that a large part of the W was dissolved and form an intermetallic
compound with the Ni; S is only located at the shell or edges of the particles
overlapping with the Ni regions and appears there in the form of NiS,. Thus,
the recrystallization of WS, by means of a Ni Promoter is not possible in
inert atmosphere and requires always a chalcogen-rich environment as
Ellmer et al. have shown. In this case, the principle is like solid-liquid-solid
growth.

53.3.1.2 Cobalt as metallic recrystallization promoter in inert
atmosphere

After annealing of the Co/WS, stack, a strong structural
modification was observed as it can be seen in Figure 5-8 .
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Figure 5-8: TEM cross-section image showing the surface with Co deposited by shadow mask
- three regions can be distinguished: 50 nm thick Co through the holes of the shadow mask,
the transition region with thinner and dispersed Co and the region far away without Co.

The TEM cross-section image reveals a strong modification of the
original five-layer WS, film. Whereas the region far away from the Co pads
(region 3) shows a highly defective area, the WS; film close or under the
metal pad consists of horizontally aligned crystals (region 1). Under the
50 nm thick Co metal pad, strong material migration is observed. Areas in
which the Co is directly in contact with the Al,O; substrate and areas in
which thick WS, crystals with a size of a few tens of nanometer are
observed. In the transition region from the metal pad to the field without
metal (region 2), a smaller cobalt amount is found. In this transition region,
the WS, migration is less pronounced and stronger crystallization, but less
thickness variation than in region 1 can be seen. In addition to this structural
observation, the Raman spectra and photoluminescence was measured on
those samples and is shown in Figure 5-9. In the Co- metal pads, the same
photoluminescence is present at 1.94eV as observed on exfoliated
multilayer WS, flakes. This PL indicates an improved crystalline quality of
WS, in the metal-covered regions in comparison to the WS, which is not
covered. Although the strong phonon-mode enhancement and the PL
appearance are promising, the strong material migration towards regions
with thick metal is undesired. The observation, that the film thickness
remains uniform in the transition region with dispersed Co suggests that a
thinner metal film would allow better control over the WS, layers during the
recrystallization process. The Figure 5-9c shows the annealing effect on
WS, covered with 2 nm thick Co films over the whole area. After the
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recrystallization, the formation of dispersed particles is observed on the
surface, as illustrated with the SEM plan-view and representative TEM
cross-section images in Figure 5-9d,e.
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Figure 5-9: a) Raman spectra and b) photoluminescence spectra obtained after annealing in
the (original 2 nm) metal covered region and in the non-covered region. The metal-covered
regions revealed the highest intensity in WS2 vibrational modes and photoluminescence at
the expected 1.9 eV upon 700 °C annealing; c) SEM plan-view image after annealing reveals
the dewetting of the thin Co film into larger particle agglomerations. d),e) TEM and STEM
images showing agglomerated Co particles and recrystallized WS: film upon annealing. Co
particle is in direct contact with the Al2O0s underlayer and hence, it displaces WS>. Therefore,
regions with fewer and with more layers are visible.

The evaporated Co-film is not anymore continuous after annealing
but agglomerated in larger particles of a few tens of nm, probably to
minimize its surface for minimal surface energy. These particles are not on
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top of the WS, layers, but they sit in between, also displacing part of the
WS, film. Figure 5-10 shows the Raman spectra and photoluminescence of
the annealed film which was covered with 2 nm Co. A strong WS, Raman
signal and a clear symmetric PL are visible, being like the benchmark from
exfoliated flakes. The photoluminescence peak at this energy corresponds
to A excitonic absorption, but the emission intensity is much smaller than

the emission of the bandgap emission.!**")
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Figure 5-10: a) Raman spectra and b) photoluminescence on WS: film which was covered
with 2 nm Co and annealed at 700 °C.

Although strong Co migration and agglomeration is observed, the
migration and formation of few tens of nm thick WS crystals is suppressed
and a continuous WS film remains, with a thickness between 3 and 7 layers.
These layers show improved alignment of the basal planes parallel to each
other and longer lateral size of the continuous Van-der-Waals layers in
comparison to the films which were annealed without cap.
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A deeper characterization of the Co particles allows to gain insight
into the mechanism of migration and recrystallization of WS,. As illustrated
in the TEM-EDS images (Figure 5-11), the Co particles have a metallic core.
The shell of this particle is covered with W and S. Besides this area, also a
CoxS, region in the bottom left of the particle was observed, as well as WO
regions (see bottom right of the particle). The existence of a small CoxSy
particle close to large metallic Co particle was observed repeatedly in
several cross-section images. The presence of those compounds allows to
propose a crystallization mechanism. Ellmer et al. developed a model
describing rapid crystallization, the so-called amorphous solid — liquid —

[278,283,291-2941 This model assumes that the

crystalline solid model (aSLcS).
Co-promoter metal forms a supersaturated metal-sulfide solution above the
eutectic point in the sulfur-cobalt phase diagram, dissolving W or WS,
which crystallizes during cool-down from the supersaturated solution and
forms the large crystals of WS,. Ellmer et al. perform their annealing in a
chalcogen-rich atmosphere, above the temperature of the eutectic point in
the metal-chalcogen phase diagram. In contrast to that work, the Co-WS;
based system in the present study is annealed at 700 °C in inert atmosphere,
i.e. below the eutectic point in the Co-S binary system (877 °C). We
observed that the Co core is purely metallic, which means that the largest
portion of it does not react with the sulfur from the WS, layer, but simply
dewets upon heating and forms particles since the system tries to reduce the
total energy of all surfaces. However, only a small fraction of the Co was
interacting with the WS, film underneath, forming a Co.S, compound.
Possibly this is due to the fact that nanoparticles can have a lower melting
point than the bulk solid and hence, dissolve some sulfur at a lower
temperature.[2%°-2%]

During the dewetting, this Co.Sy droplet can locally dissolve the
WS, compounds resulting in a supersaturated solution due to the lower
melting temperature of nanoparticles. During the metal- and metal-sulfide
migration over the surface, the oversaturated solution cools down and forms
highly ordered WS, crystals. Beside the metal particle, there are also CoxSy
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Figure 5-11: EDS images showing Co-particles on WS: film after annealing at 700 °C for
60 s. The top row shows a Co particle with a WS shell. No intermixing of WS> and metallic
Co is present.

particles, which deplete a small fraction of sulfur from the WSy layer,
leaving behind non-bound W metal. This metal forms then upon air
exposure WOjs particles besides the mentioned WS, crystals, Co, and CoxSy
particles. Highly crystalline films can be achieved in an inert atmosphere at
700 °C only (64 % of the WS, decomposition temperature of 1250 °C) with
a better quality than non-promoted annealing at 900 °C (77 % of the
decomposition temperature). We believe that this transformation process
takes place due to the interaction mechanism of Co on TMD basal plane
edges: Co tends to decorate the edges of TMD basal planes, where it donates
electrons to the metal atom and weakens the metal-sulfur bond strength.?°”]
This effect was also observed in the early studies of hydrodesulfurization
catalysis (HDS) in which Co and Ni promoted the HDS activity: These
metals make the Mo or W centers more electron-rich and by this, they
weaken the Mo-S or W-S bond. This makes the sulfur atom more labile and
lowers the crystallization temperature.?%2%] The thermal energy favors then
the grains boundary migration due to higher mobility of the sulfur atoms.

Nevertheless, the separation of the promoter metal particles from
the WS films cannot be controlled in this way and would require different
approaches, e.g. by providing pre-patterning to accumulate the particles
outside the active target area after the dewetting according to the principle

3003011 Tn synergy with the phase separation and

of templated assembly.!
preferential Co positioning at basal plane edges, they could be separated
from the active area of interest and can be removed, which will be subject
of further research. Our initial tests have shown that concentrated H,SO4 can
remove Co successfully. Despite the high crystallinity of the obtained

grains, the film itself is still very defective as it can be seen from the TEM
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images. Nevertheless, the dewetting on planar material stacks needs to be
prevented with additional techniques as described in the next section.

5.3.3.2 Dielectric capping to reduce TMD decomposition during the
annealing

Another possibility is to cap? the structure to suppress the desorption
of chalcogen from the film. The RTA and ELA showed that in S-deficient
atmosphere, there is an energy threshold beyond which the sulfur sublimates
out of the films. Consequently, the non-bound metallic atoms dewets from
the surface, resulting in the agglomeration of particles that oxidize upon air
exposure preventing any crystal growth. Sulfur, which becomes mobile in
the recrystallization, will sublimate immediately at annealing temperatures
close to 1000 °C and therefore needs to be maintained.

This effect can be minimized by using a S-rich atmosphere, which
reveal reduced defect density upon recrystallization.**) However, it
requires 1000 °C annealing for reasonable recrystallization, which is in
combination with H,S detrimental or destructive for co-integrated
semiconductors due to thermal vapor etching, especially at high

temperatures and high pressures, [238-260.303-309]

To avoid the decomposition of the compound semiconductors, a
capping layer can be deposited before the annealing, which was shown to
be effective also for GaAs, InP, and others.*® For the TMDs, this concept
has been successfully demonstrated on MoTez, MoS,, and WTe,.**8) The
deposition of the capping layer must not damage the TMD film, hence it
should not desulfurize the multilayer upon cap deposition. A SiO, PECVD
process at low temperature of 150 °C was chosen to minimize the sulfur loss
or fast thermal oxidation with the precursors SiH4 and N,O, which are
fragmented in the plasma through electron impact dissociation. The SiO,
deposition process on the stoichiometric WS, films resulted in a loss of a
sulfur equivalent to one monolayer WS, i.e. the S/W ratio dropped 20 % by
the SiO, deposition process as shown in Figure 5-12, which corresponds to

4 Note that this was done without Co promoter.
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Figure 5-12: a) Sulfur loss after capping layer
deposition and annealing at different temperature;
b) Raman spectra after capping and annealing at
different temperature; c¢) photoluminescence
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and were not crucial in
multilayer structures in which

one top layer could be

sacrificed.[248-310311]

Figure 5-12b shows
the change in Raman intensity
upon SiO; capped annealing at
The
Raman peaks increase with

various temperatures.

higher = temperature  and
saturate above 900 °C.
addition, we observed for the

In

first time, that the region
around the LA(M) peak at
174 cm™! did not scale-up with
the in-plane and out-of-plane
but it decreased
eventually 1000 °C
comparison to the 900 °C

modes,
at in
annealing. This region around
the LA(M) peak is related to
the disorder in TMDs.[!1%:244]
The decrease of the ratio
LAM) to E'5, indicates a
reduction in the disorder of the



WS, material together with a higher crystallinity. In addition, the higher
photoluminescence (PL) peak close to 1.94 eV, which is also present in high
quality exfoliated WS, multilayer flakes, confirms the improved quality of
the film despite the 20% sulfur loss by the SiO; plasma deposition. This PL
peak corresponds to the A exciton absorption edge, which is also present in
bulk material.

The preservation of 80 % sulfur in the WS, multilayer structure, the
maximization of the Raman peak intensity, and the enhanced
photoluminescence indicate that the use of a capping layer provides an
effective method to avoid sulfur loss while improving the crystalline quality.
The SiO; hinders the sublimation of sulfur from the surface. The SiO- cap
is not a reaction partner for sulfur and prevents any permeation of sulfur. It
reduces the likelihood of a precipitation formation and increase the domains
that can coalesce.

5.4 Summary and conclusions

The present work describes the recrystallization of WS, layers with
random basal plane orientation into polycrystalline films using rapid thermal
annealing (RTA) in chalcogen-free atmosphere. We observed that the
process window for recrystallization without considerable sulfur loss results
in WS, grains of 10 — 20 nm size in comparison to the originally 1 — 3 nm
as-deposited WS,. Above the critical temperature of 900 °C or critical laser
energy density, sulfur loss occurs and metal nanoparticles agglomerate.
Excimer laser annealing was used to maximize the heat impact and
simultaneously decrease the annealing period down in the ns range. Excimer
laser annealing can recrystallize the film, but similarly to RTA the grains
separate and tend to form 3D nanoparticles. Metallic capping was tested
and Co has been identified as a good crystallization promoter for metal-
induced crystallization of WS, In inert gas, since it is immiscible with
WS, and therefore, decreases the recrystallization temperature from 1000 °C
down to 700 °C. Highly crystalline WS films are formed surrounded by Co
particles. WS, migration is observed, which is more pronounced for thicker
Co films. The use of a SiO; capping layer, combined with high temperature
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annealing, can prevent sulfur losses, since it suppresses the volatilization of
S and confines the heat in the WS, layer.

5.5 Recent advances and vision on the field

The quality improvement of 2D materials is still an advancing field
to the high number of defects and gap between the experimentally
determined charge carrier mobilities and the expected, calculated values.
Laser annealing for MX, crystallization is gaining importance on heat-
sensitive substrates, especially polymers.®'?! Laser annealing does not only
improve the films crystallinity, but it can also remove contaminants from
the growth or the storage in ambient atmosphere and improves the film’s
properties.[!*] Laser irradiation has been also shown to be promising for the
phase transformation from the 1T’ to 2H phase, which could be an
interesting feature for contact engineering since the properties can be
changed between metallic and semiconducting.®'¥

Regarding the crystallization improvement by a promoter, a similar

3151 This is done

strategy has been also used to form nanoribbons of MoS,.!
by the formation of a crawling Na-Mo-O droplet in sulfur atmosphere at
700 °C. By this, a direct bottom up approach is found and provides ribbons
without additional lithography or etch. This is quite an achievement and
bridges the gap between the previous chapter on crystallization and the

following section on patterned growth.

Still most of the studies focus on ex situ observation before and after
growth. Further insight into an in situ observation during the crystallization
will be necessary in the future in order to understand the defect formation or

to suppress defect healing during the annealing.!?70-316]

5.6 Appendix to the recrystallization chapter
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6 Integration and selective growth

6.1 Selective conversion of Si-to-WS;

In the previous chapter, it was described that the formation of WS,
from WFs and H,S could be achieved by means of a reducing agent Si. Since
the reaction of the gas phase precursors was selective to the dielectric layer
underneath, the concept of a selective conversion of patterns was
investigated. A hardmask can be deposited if a thin layer of amorphous Si
with defined thickness is maintained during the process. The hardmask
concept allowed to pattern the Si on the dielectric substrate. After removal
of the hardmask, the patterned Si could be converted into W and sulfurized
to WS; as it was described for blanket layers in the previous chapter.

By trimming the photoresist prior to the hardmask and Si patterning,
nanoribbons down to a width of 20 nm could be fabricated. Like the blanket
films, the as-grown material was amorphous and needs further thermal
treatment to recrystallize and align horizontally to the surface. It was found,
that the template underneath had an impact on the film on 2D film on top.
Nonetheless, the selectively grown ribbons are more prone to oxidation
upon high-temperature annealing in sulfur-deficient environment probably
due to the higher amount of edges being directly exposed to the atmosphere.
By this technique, we provide for the first time a possibility to grow the
TMD in any desired location or shape by utilizing the pre-patterning of the
reducing agent Si for the reaction with WFs and H>S.
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Abstract

We present a method for area selective deposition of 2D WS,
nanoribbons with tunable thickness on a dielectric substrate. The process is
based on a WF¢-based complete conversion of a pre-patterned, H-terminated
Si layer to metallic W, followed by in-situ sulfidation by H>S. The reaction
process, performed at 450 °C, yields nanoribbons with lateral dimension
down to 20 nm and with random basal plane orientation. The thickness of
the nanoribbons is accurately controlled by the thickness of the pre-
deposited Si layer. Upon rapid thermal annealing at 900 °C under inert gas,
the WS, basal planes align parallel to the substrate.
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Due to their outstanding semiconducting properties, layered 2D
transition-metal dichalcogenides (TMDC) such as WS, are promising
candidates for transistors with ultra-short channels below 10 nm. WS; has a
low dielectric permittivity, which is expected to reduce the parasitic short
channel effects in comparison to silicon™!?31% The deposition of
monolayer and few-layered TMDCs are realized by thermolysis of liquid
precursor or chemical vapor deposition (CVD) from the evaporation of
elemental sulfur or gas phase precursors such as H,S or organic sulfides and
solid metal-oxide precursors?*838%:2163201  The deposition from volatile
metal-halide or metal-organic precursor with CVD or atomic layer
deposition (ALD) techniques were demonstrated by other groups
already[Z8,29,323—327,58,60,62,143,215,219,321,322]. Those techniques typlcally show
low deposition rates, e.g. a deposition time of more than one day was
reported for a monolayer film formation*®l. In addition, metalorganic
precursors present the risk of carbon incorporation in the semiconducting
films, degrading their properties®®?®. However, conventional Si-based
CMOS fabrication methods cannot be applied easily to TMDCs since
several key processing steps can damage the ultra-thin, sulfur-terminated
transition-metal layers. For instance, plasma-based deposition and post-etch
removal of masking layers by highly reactive strip chemistries can easily
damage the ultra-thin TMDC layers!!03109-110.112.118.329-331] ‘Strong shifts in the
threshold voltage Vi were observed, associated with the change from
depletion to enhancement mode!'®-332], Plasma-free patterning techniques
can circumvent the damage and have already been demonstrated™3]. In the
approach presented in this letter, we limit the patterning process to a
sacrificial Si layer which is afterwards converted into WS layers, so that the
WS, is not be exposed to plasma-based patterning, thus allowing for WS,
formation without plasma damage.

This letter describes the synthesis process for forming WS, nano-ribbons
on full 300 mm wafer scale, through selective replacement of a pre
patterned a-Si nanoribbon by W, followed by in situ sulfidation with H,S
as shown in Figure 6-1a.
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Pre-patterning Replacement and in-situ conversion

3Si+2 WFg = 2 W + 3 Sif
W + 2 HyS = WS, + 2 Hyg
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Figure 6-1: a) Schematic of the aSi replacement process; b) AFM scan on 70 nm wide WS>
lines with 130 nm space in between. ¢) SEM images of 20 nm WS: lines with 180 nm Al>Os
substrate in between, fabricated by resists trimming prior to aSi patterning

The fabrication process is depicted in Figure 6-1a. A Si (100) 300 mm wafer
was cleaned and coated with 10 nm Al:O; deposited by ALD from
trimethylaluminum (TMA) and ozone (O3) on 20nm dry SiO,. This
substrate was annealed at 1000 °C for 60 s in O,-rich atmosphere to
crystallize the Al,O; layer and make it stable against attack of HF.
Afterwards, a 3 nm amorphous Si layer (aSi) was deposited by physical
vapor deposition (PVD). The aSi film was selectively patterned towards the
dielectric Al,Os substrate layer by means of amorphous carbon (a-C) and
SiOC hard mask. Immersion lithography with a wavelength of 193 nm was
used to print lines of 70 nm width separated by 130 nm, thus yielding a
200 nm pitch. The a-Si film was patterned by reactive ion etching (RIE)
using a SFs / CH2F2 mixture and the a-C was removed by O / Cl,. Then the
substrates were immersed in a O3/H20 mixture for 30 s and treated with
0.5 % HF for 200 s to remove the SiO; mask and to passivate the aSi with

128



2411 Finally, the wafer was

exposed to 14 cycles of sequential gas exposures of WFs, N», H»S, and N
for 15 s each. In the first step, the WFs precursor reacts with the aSi layer.

H, in order to prevent immediate oxidation in air

Depending on the process temperature either one of the following reactions

occurs??!

2 WFs) +3 Si=2 W + 3 SiFyq (6.1)  mainly at 300 °C
or
WFee)+ 3 Si= W + 3 SiFy (6.2) mainly at 700 °C.

The susceptor temperature was set to 450 °C. The Si-to-W conversion is
very fast due to the high reactivity of WF¢ with Si. The W is replacing Si
which diffuses through the W layer due to segregation. For Si segregated on
W, the sticking coefficient of WFs is higher than on blanket Si, enabling a
fast reaction!?!,

The pressure in the reactor was always held at 266 Pa . The H,S pulse
caused the in-situ sulfidation of the metallic W layer. In contrast to Mo, W
sulfidation from the metallic state is energetically more favorable and can
be achieved at lower temperatures(?'#33#], Such a sulfidation reaction occurs
as follows:

W +2 HoSg) = WS2 + 2 Hy (6.3)

The Gibbs free energy at 450 °C, calculated by HSC Chemistry®,
is -140 kJ/mol for reaction 6.3, indicating that the reaction could proceed
spontaneously. The activation energy for this process was determined by
different groups and is around 130 to 142 kJ/mol and claim a rapid rate with
a maximum at about 460-475 °C.*%! The conversion of the Si-to-W with
the in situ sulfidation on blanket films was demonstrated by our group

2%, We have demonstrated that an oxygen-free Si layer can be used

earlie
to reduce the gaseous WFs precursor to metallic W, which can be easily
sulfurized in situ by H>S at 450 °C. Those as-deposited films improved in
their quality upon rapid thermal annealing for 150 s in 10 sccm Ar gas flow

in an AG Associates HEATPULSE 610 system.
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The obtained nanostructures were inspected by scanning electron
microscopy (SEM), atomic force microscope (AFM) ICON PT with a tip
radius of 7 nm, Raman spectroscopy with a 633 nm laser, Rutherford
backscatter spectrometry (RBS) with He" beam of an energy of 1.523 MeV,
and X-ray photoelectron spectroscopy (XPS) with a monochromatized Al
Ka source (1486.6 eV) and a spot size of 400 pum.

Figure 6-1b shows an AFM scan of the 70 nm wide WS, lines in the
bright area and the darker 130 nm space exposing the Al,Oz underlying film.
By applying a resist trimming process, prior to the dry etching of the hard-
mask stack, it is also possible to narrow the aSi lines. As shown in Figure
6-1c, the final pattern can be trimmed down to 20 nm linewidth with
reasonable linewidth roughness. The Al,Os grain boundaries are visible in
the bright area between the WS, lines and introduces also steps into the WS,
nanostructures, indicating that a the WS, topography is governed to a large
extend by the underlying Al,Os surface topography. Those structures were
also scanned by AFM and the roughness was evaluated. The roughness
parameter RMS on top of the WS, lines was 0.6 nm and in the spaces
0.3 nm. The latter one is similar as on blanket crystallized Al,Os films,
indicating that the dry etching of the aSi films did not increase the substrate
roughness and resulted in minimal Al,Os; recess. The height of the
nanoribbons was around 5.5 nm according to the AFM analysis.

The chemical composition of the WS, was confirmed by spectroscopic
analysis and the corresponding Raman and XPS spectra are shown in Figure
6-2. The measurements were performed on arrays of WS, lines. From the
RBS measurements (not shown here), the number of atoms per area was
extracted and a S/W ratio of 1.9 = 0.2 was calculated. The XPS spectra were
deconvoluted in an oxide and sulfide doublet. The as-deposited material was
31 % oxide and 69 % sulfide and upon annealing the sulfide was quantified
with 63 %. This is different than in blanket films, in which the films were
mainly WS, with residual WO3 below 10 %. The lines have many reactive
edges of the multilayer structures exposed to air, which are prone to
oxidation and could explain the difference with blanket films in which only
the basal planes are in direct contact with air. No traces of unreacted Si
above the XPS detection limit could be found in the WS, lines, which
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Figure 6-2: a) Raman spectra taken with a spot size of approx. 1 yum on a WSz array shown
in Figure 1. b) W 4fand S 2s XPS spectra.

indicates that the aSi is completely consumed during the replacement
reaction (XPS spectra not shown here). Also, the WS, Raman characteristic
in-plane E'5; and out-of-plane A, vibrational modes are clearly visible on
the WS, arrays confirming the presence of the WS, nanostructures. The
frequency difference between the El5; and A, peaks of more than 68 cm’!
evidences the multilayer structure with more than five layers?]. In between
the patterned lines, no WS, could be detected with Raman spectroscopy,
which is in agreement with the absence of W on similar Al,O3 substrates
exposed to WFs precursor!?!”,

Figure 6-3(a) and (b) show the cross-section TEM images taken
perpendicular to the lines. The typical layered structure of TMDCs can be
seen, where the dark layers represent the W atoms and the bright layers the
S. These layers exhibit a low crystallinity: the basal planes in the as-
deposited WS, areas are randomly oriented and hence, they are only
nanocrystalline. To achieve the desired horizontal basal plane alignment, the
structures were annealed. Since MX; films suffer from sulfur loss*3¢-341]
during heat treatments in high vacuum or oxygen-containing environments,
rapid thermal annealing at 900 °C for 150 s in Ar atmosphere was applied.
Note that this was done without capping.
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Figure 6-3: TEM cross section image with a) small and b) high magnification showing the
70 nm wide WS: lines on the Al20s; ¢) after RTP at 900 °C for 150s in Ar.

This annealing procedure yielded horizontal basal plane alignment
in the structures, as can be seen in Figure 6-3(c), indicating alignment
towards the substrate occurred thanks to van der Waals forces. The WS,
presence and its crystallinity improvement have been also confirmed by
glancing incidence X-ray diffraction taken from blanket films, since the
patterned samples provide only very small diffraction volume (Figure 6-4).
The WSs-characteristic peak around 14° represents the interlayer distance
of the WS, planes. Despite the broad peak due to the limited film thickness,
the peak intensity is a measure for the crystallinity of comparable diffraction
volumes. The intensity increase evidences the crystallization of the weakly
ordered films and is comparable to the change observed in the TEM images.
The interface between the WS; and the Al,O3 underlayer is rough due to the
polycrystalline character of both Al,O3; and WS,.
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Figure 6-4: Grazing incidence X-ray diffraction peaks of the as-deposited WS> and the 900
°C annealed WS: films show the increase in crystallinity upon high-temperature treatment.

In summary, a patterning-first fabrication technique for WS, multilayer
nanoribbons from an aSi layer and the gaseous precursors WF¢ and H,S was
developed. The aSi replacement and in situ sulfidation at 450 °C yields
stoichiometric and randomly oriented WS», which assemble in 2D structures
upon rapid thermal annealing in inert gas. By eliminating the need for WS,
direct patterning, this process allows the creation of WS, nanostructures
down to 20 nm of high crystalline quality. Moreover, due to its self-limiting
character, this technique is applicable to large substrates. This approach has
the potential to control the WS, layer number by adjusting the aSi thickness
and the width by trimming the Si and enables the bottom-up growth of
monolayer or few-layered structures with narrow width.

We believe that this deposition method by replacing pre-patterned
sacrificial layers can be applied to other materials as well, and provides
structures being appropriate to study size dependent electronic and
morphological effects.
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Recent advances and progress in the field

Up to now, this selective conversion approach is unique. To
improve the quality further, we annealed also the selectively deposited
samples in a sulfur-rich environment, which showed an improvement in

quality as can be seen in Figure 6-5.

Figure 6-5: TEM image reconstructed from three cuttings shows the cross-section of an HaS-
annealed selectively deposited WS: structure.

The electrical characterization of such a single nanocrystal will be
necessary to determine this approach’s superiority to other bottom up
approaches.
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6.2 Heterostructure fabrication by ALEt and selective

conversion

The previous chapters described the fabrication of large area MoS,
films, the selective deposition of WS, structures, and the quality
improvement of TMD by thermal annealing strategies. Eventually, the final
goal is the combination of the investigated processes to achieve vertical
heterostructures of the TMD, in which the top layer is differently patterned
than the bottom TMD layer. This is necessary to form individual shapes
which can be separately contacted in a device. The difficulty in this
approach is the patterning of one TMD layer on top of another TMD layer.
The chemical similarities between the chalcogenide complicate the
patterning. To solve this dilemma, the Si layer on top of MoS, was patterned
and subsequently converted to W and sulfurized to WSo.

To this end, a soft-landing process had to be used. In this chapter,
we investigated atomic layer etching (ALEt) to remove a thin Si layer from
the MoS; in a layer-by-layer fashion. ALEt is based on cycles, which are
separated in a Clr-based adsorption step, a purge step to remove remaining
Cl,, and a biased removal step, which will remove the formed SiCly layer
from the top. By means of ALEt, a defined Si thickness of 7 A per cycle can
be removed. Although, this process is not infinitely selective toward the
MoS; underlayer, the etch rate in the MoS; is only half of the Si. Hence it
was feasible to stop within the top surface of a few-layer MoS; layer. The
patterned Si on top of the MoS: could be subsequently converted into WS»
and a heterostructure with MoS, and WS, and areas with MoS,-only on the
same sample could be fabricated. This novel concept allows the individual
patterned, seed-free growth of 2D heterostructures on wafer level with
CMOS-compatible techniques.
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Abstract

Heterostructures of low-dimensional semiconducting materials,
such as transition metal dichalcogenides (MX3), are promising building
blocks for future electronic and optoelectronic devices. The patterning of
one MX, material on top of another one is challenging due to their structural
similarity. This prevents an intrinsic etch stop when conventional
anisotropic dry etching processes are used. An alternative approach consists
of a two-step process, where a sacrificial silicon layer is pre-patterned with
a low damage plasma process, stopping on the underlying MoS; film. The
pre-patterned layer is used as sacrificial template for the formation of the
top WS, film. This study describes the optimization of a cyclic Ar/Cl,
atomic layer etch process applied to etch silicon on top of MoS;, with
minimal damage, followed by a selective conversion of the patterned Si into
WS,. The impact of the Si atomic layer etch towards the MoS; is evaluated:
in the ion energy range used for this study, MoS, removal occurs in the over-
etch step over 1-2 layers, leading to the appearance of MoOy but without
significant lattice distortions to the remaining layers. The combination of
Si atomic layer etch, on top of MoS,, and subsequent Si-to-WS; selective
conversion, allows to create a WS,/MoS; heterostructure, with clear Raman
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signals and horizontal lattice alignment. These results demonstrate a
scalable, transfer-free method to achieve horizontally individually patterned
heterostacks and open the route towards wafer-level processing of 2D
materials.

6.2.1 Introduction

Two-dimensional materials are attractive due to their specific
properties such as a direct bandgap in single-layer, absence of dangling
bonds, smaller permittivity, and therewith related smaller short-channel
effects.**? Therefore, 2D materials are promising as channel material in 2D
field effect transistors (FET), tunnel-field effect transistors (TFET), and
valleytronic devices, which are based on heterostructures.34-34
Tremendous efforts were spent in the device fabrication on films made by
mechanical exfoliation or by chemical vapor deposition (CVD). Novel
heterostructure device concepts were tested by stacking flakes with the pick-
and-place method or by growing nanosheets on top of each other.>*]
Despite those innovative device demonstrations, many of the used
approaches lack manufacturability on wafer-level. The integration of a
simple back-gated 2D transistor was achieved recently, but there is no vision
on the wafer-level fabrication of heterostacks for new device

[265.347) Water-based transfer techniques are widely used to transfer

348-352

concepts.
2D films from a growth substrate to a target device wafer.! I However,
a mechanical transfer process remains a source of defects like cracks and
wrinkles, especially for larger substrates. It leaves often organic residues
behind and induces an undesired variability in the device performance.

Therefore, a transfer-free, direct patterning process is highly desirable.

Heterostructures of different 2D materials were prepared by drop-
casting of MoOs nanobelt solution, followed by sulfurization, drop-casting
of WOs nanobelts, and final sulfurization to achieve a heterostack.*>*! Also
sequential chemical vapor deposition (CVD) was used to deposit one first
layer and the second one on top.[***3%) These techniques lack the possibility
for a controlled deposition in a desired location on the substrate. A selective
deposition was achieved by pre-deposition of two different metals with

[175

shadow masks and subsequent thermal sulfurization.['””) However, a shadow

137



mask does not fulfill the requirements for nanopatterning and alignment
accuracy. Selective growth techniques are necessary to achieve regular
patterns. Two-dimensional materials can be selectively grown by providing
a metal seed like Pt, Ti, or Au or by providing other nucleation sites like a
prepatterned SiO, surface.”®3%6:357] Growth selectivity was also achieved by
O, plasma pretreatment of SiO, surface to make areas superhydrophilic and

n.[7?30 Furthermore, polymer

promote preferential precursor adsorptio
functional layers (PFL) were used to inhibit the growth of transition-metal
dichalcogenide (TMD) in the areas with the PFL.! All those techniques
enable the deposition of one 2D layer in specific locations. However,
functional devices based on 2D materials consist of stacked ultrathin layers
and thus, they require at least a second layer on top of the first layer to
achieve a band alignment being appropriate for band-to-band tunneling
(BTBT) as it is used in TFETs.*%®! Stacking only two 2D layers on top of
each other is not sufficient, because each needs separate contacts to the
interconnect level. It is therefore necessary to create two 2D layers, with
different geometries, overlapping only in the tunneling region. 2D building
blocks are M X, materials with the metal M = Mo, W, Sn and the chalcogen
X =S8, Se. They consist of a metal atom which is sandwiched in between the
chalcogenide layers and this structure results in a covalent in-plane bonding
of a nanosheet and weak Van-der-Waals bond in between the layers. This
similarity in the atomistic structure complicates selective etching processes,
since each TMD materials’ properties are comparable. Conventional
continuous wave (CW) plasma etching processes with high bias of a few
hundreds of Volts are not applicable here to stop on such sensitive few-layer
materials, due to the high damage caused by ion bombardment and poor
control of stopping at a defined thickness or at the interface between two
nanosheets. CF4-based CW plasmas were used to thin MoS; and the etching

109

rate was minimized by grounding the sample.['”! Nevertheless, even this

soft etching introduced damage requiring a restoration by annealing in

131 Such soft etching

sulfur-rich plasma or gas treatment afterwards.!
procedure leads also to the dilemma that extreme low ion energies limit the
range of other etchable materials like high-k dielectrics. Another group
reported the soft plasma etching of MoS; or MoSe» by SF¢ / N> with very

110,111

low input power and etch rates of 4 — 5 layers per minute.! ' Even pure

Ar plasma thinning was reported for MX> thinning, though no additional
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information about the chemical changes in the top surface layers was
112]

provided.!

Ultimately, cyclic material removal using atomic layer etching
concepts (ALEt) offers the possibility to better control the material removal.
In ALEt, the etching process is separated into a surface reaction step and a
removal step.''¥ This enables the self-limited removal of material, in
defined amounts, with high uniformity and is therefore often referred to as
“digital etching”. This layer-by-layer etch technique removes material, in
principle, with atomic precision and can therefore prevent deep removal or
damage of the underlying material, which is essential when patterning a film
placed on top of a sensitive TMD layer.

On MX; materials, Cl,-based ALEt has been used to thin down a
trilayer of MoS, in a controlled way, by using a Cl, inductively-coupled
plasma (ICP) for chlorination, where the plasma is separated by a metal grid

H71181 The removal step

to reduce ion bombardment on the sample surface. |
is done separately, in a second chamber, with a dual grid and Ar plasma
enabling the control of the ion energy of impinging Ar ions. Another ALEt
method was demonstrated by plasma oxidation of a MX, nanosheet with the
subsequent evaporation of the oxidized layer, which is possible due to the
difference in the evaporation temperature of MoOs and the higher
decomposition temperature of MoS,.** In another approach, a top MoS
layer is etched by an O, plasma and the underlying damaged surface was

recovered by sulfur-rich annealing.'!!

In this work, we explore an alternative approach and show that
close-to-conventional ALEt tools can be used to pre-pattern a sacrificial Si
layer on top of MoS, multilayers, which is afterwards converted into a stack
of two transition-metal dichalcogenides (TMD), using an Si-to-WS;
conversion process.?%¢3%% This process flow demonstrates a scalable,
selective growth of M X, heterostructures in defined locations, which can be

used for the fabrication of band-to-band tunneling devices based on TMDs.
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6.2.2 Experimental

Si wafers were first coated with 20 nm SiO», then with 10 nm Al O3
using atomic layer deposition (ALD) and annealed at 1000 °C for 60 s in O
to stabilize the substrate. MoS, multilayers were deposited by the
sulfurization of MoOs prepared with physical vapor deposition (PVD) on
top of the ALLO; layers.?°>2'] Then, 35 — 45 A Si was deposited on top of
the MoS; by PVD. Samples foreseen for patterning were coated with an
additional 11 nm thick SiO, hardmask, deposited by PECVD at 150 °C.
Patterns were created by optical lithography using 1X845 resist and the
hardmask was opened either with a CF4+/H, plasma or by HF wet etching,
before the resist was removed in an acetone bath and eventually dipped in
isopropanol.

The samples with amorphous silicon on top of MoS, and SiO;
hardmask were exposed to different conditions in an Oxford Instruments
PlasmaPro100 ALE system with Cobra300 ICP source.!!!*!1?%! To this end,
approx. 4 cm? large samples were attached with Fomblin to a SiO,-coated
carrier wafer. In the preparation phase of the ALEt, either a CW Ar plasma
with an equivalent of 100 V bias for 14 s or in situ ALEt cycles were applied
to remove the native SiO, from the top Si surface. In the second phase, the
actual ALEt of remaining amorphous silicon was a cyclic process consisting
of 40 ms Cl, dosing steps, a purge step with Ar of 2 s, and an activation step
of 3 s with a plasma pulse biased towards the sample substrate.['*”! The ICP
discharge was kept on during the entire process to dissociate the chlorine
species during the dosing step and to provide Ar ions during the activation
step (the substrate biasing was applied only during the pre-sputter step or
the activation step of the ALEt). Bias voltages of 33 V, 45 V,and 97 V were
investigated. Please note that the applied bias voltages are internally
calculated values and do not present the real bias experienced by the ions.
Figure 6-6 illustrates the steps of the ALEt cycle. For each condition, several
samples were processed to ensure reproducibility.

To avoid inhibition of the Si etch rate or enhancement of the MoS»
etch rate by unwanted species such as O, the chamber was conditioned first
with 100 ALEt cycles with a SiO»-coated wafer placed on the chuck. This
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Figure 6-6: Schematic of the used ALEt process
consisting of the steps of fragmentation of chlorine
during the dosing, a purge with non-bias Ar plasma,
and a biased Ar plasma step to remove the formed
surface species and remove material in the sub-nm
range.

ensures that the alumina
chamber walls as well as the
carrier wafer surface are
sufficiently chlorinated and
that other  weakly-bound
adsorbates are removed from
the chamber walls.

To estimate the bias
power impact in the most
critical Ar plasma activation
step, the ion  velocity
distribution functions were
determined by a retarding field
energy analyzer (RFEA),
which was placed into the
chamber. This system
provided by Impedans as
Semion RFEA sensor, consists
of an sample orifice and an
additional grid repelling the
incoming electron flux. A
second grid behind this orifice
is used to discriminate the ion

energies (retarding voltage) and eventually a collector measures the

incoming ion flux (collector current). The ion velocity distribution function

(IVDF) is proportional to the derivative of the collector current with respect

to the retarding voltage.[*%!

The remaining thickness of Si and MoS, was measured by

spectroscopic ellipsometry. The blanket films were analyzed by a confocal

microscope-based Raman spectrometer Horiba Jobin-Yvon HR800 using a
laser of 532 nm (100x 0.9 NA Olympus objective, 1800 grooves/mm
grating) and Rutherford backscattering spectrometry (RBS) using a 1.523
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MeV He* beam.['?! The chemical state of the surface was determined by X-
ray photoelectron spectroscopy (XPS) with a Theta300 system from
Thermolnstruments (Al K, X-ray source of 1486.6 eV). Transmission-
electron microscopy (TEM) images were obtained by a FEI Titan3 G2 60-
300 system and the elemental distribution was characterized by energy-
dispersive X-ray analysis (EDS).

The whole fabrication flow of the heterostructure is shown in Figure
6-7. The samples with the patterned Si on top of MoS; were converted by a
cyclic process using WFs and H>S to convert Si to WS, .[2136% T this end,
the samples with the ALEt-patterned Si on top were dipped into 0.5 % HF
solution to remove the native SiO, from the surface. Then this sample was
placed in a CVD reactor and exposed to a pulse sequence of WFs at 450 °C,
which is forming volatile SiF4 and selectively converted into tungsten. This
is followed by a N, pulse for purging and an H,S pulse to convert the
metallic W in situ to WS,. Eventually, the samples were recrystallized using
rapid thermal annealing (RTA) in H,S-containing atmosphere above
800 °C.

6.2.3 Results and discussion

Atomic layer etching is the reverse process to atomic layer
deposition (ALD). In the present study, a plasma enhanced ALEt process
was applied to remove Si selectively from MoS,. At first, the ALEt was
characterized on thick amorphous silicon to determine its etch rate. Then,
the impact on the interface towards the MoS; layer was determined and
eventually the conversion of the ALEt-patterned Si into 2D heterostacks was
investigated.

6.2.3.1 Amorphous silicon etching by ALEt

Silicon oxidizes quickly in air, which can hinder the ALEt process
due to the strong Si-O binding energy (~ 8.27 eV). Typically, native oxide
on Si grows 10 - 15 A thick under ambient conditions. This oxide could be
removed wet chemically by a HF dip. However, the used hardmask is also
Si0; and would be quickly etched by the HF treatment as well, hence this
native oxide removal method is not an option. A dry in situ removal during
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Figure 6-7: Schematic of the process flow for creating heterostack with a patterned top layer

Selective conversion to WS,

the ALEt process was used. Two native oxide removal techniques were
studied: an Ar-plasma pre-sputter clean and the in-situ removal by the
application of the ALEt process. The pre-sputter clean consists of an Ar
plasma, in which inert ions are accelerated towards the sample surface and
remove the top layer by sputtering. At first, the sputtering rate for 100 V
bias was determined to be 1 A/s. To remove the native oxide layer prior to
ALEt, a pre sputter clean of 14 s was applied before the Ar/Cl, ALEt cycles.
The etch depth on a 20 nm thick Si layer is shown in Figure 6-8. The
remaining Si thickness upon ALEt is a linear function with a slope of
6.6 A/cycle. A linear fit of those points would intersect at 194 A, whereas
the pristine sample had an aSi thickness of 208 A. The 14 A thickness
difference corresponds to the etch depth of the pre-sputter Ar plasma.

The bombardment of surfaces with high energetic noble ions is
known to cause some amorphization and lattice defects of the remaining
layer, over up to few nanometers. In order to determine the impact of the
high voltage Ar pre-sputter step, two MoS, samples with 35 A and 45 A Si
caps were exposed to 15 s Ar plasma. As can be seen in the Raman spectra
in Figure 6-9, the MoS; related E',, peak below a 35 A Si layer lost already
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Figure 6-8: Total thickness measured by spectroscopic
ellipsometry on the Si samples before 45 V biased ALEt
(dot) and after pre-sputtering and different numbers of
ALEY cycles (squares). The first point (pristine sample)
corresponds to Si covered by native oxide (SiO2/Si), while
subsequent points, measured directly after etching,
correspond to Si only. Before applying the ALEt cycles, a
14s Ar-only (97V bias) pre-sputter step is applied to
remove the native oxide.

intensity, indicating
damage, in contrast to the
MoS; under the thicker
45 A Si. Although this
process is expected to
only remove 14 A of the
cap layer, a degradation in
the E'», peak is seen for
the Si

whereas observed

thinner
the
increase in the E'5, peak

cap,

for the thick cap can be

related to  effective
thinning of the Si cap
relative to MoS; (and thus
less absorption). Although

the ALEt on Si can be well

controlled, the use of a pre-sputtering clean causes damage to the MoS»
through the very thin remaining Si layers, which must be avoided.
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Therefore, the in-situ oxide removal by the ALEt process with the
chlorine pulses itself was studied. The etch depth for different bias power
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Figure 6-9: Raman spectra of the E' 23 MoS2 peak normalized to Si 2(TA). The peak intensity
decreases for the thin Si cap after plasma treatment and increases for the thicker Si cap.
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settings and cycles are depicted in Figure 6-10a. The Si thickness changes
show a horizontal shift - we call it the ALEt delay - and a linear part with a
Si removal rate of 6 - 7 A per cycle. This shows that the native oxide can be
removed by the ALEt process itself, and that the oxide removal rate varies
with the applied bias power, opposite to the Si removal rate which is
independent of bias in this range. It requires one extra cycle for the 97 V
process, seven extra cycles for the 45 V process, and ten cycles for the 33 V
process until the native SiO» is removed and the ALEt continues in the linear
regime. These results confirm that there is a low ion energy ALEt process,
which can remove native SiO- and Si within the ALEt window.
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Figure 6-10: a) shows the remaining Si thickness as a function of the ALEt cycles for different
bias power, measured by ellipsometry. No pre-sputtering for native oxide removal was
applied. b) shows the remaining MoS: thickness determined by SE as a function of normalized
overetch ALEt cycles; the cycles for breaking through native oxide and to remove the
elemental Si are already subtracted.
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The Figure 6-10a indicates that, in the investigated range of DC bias
voltages applied during the ALEt cycles (33, 45, and 97V) , the Si etch rate
does not vary. This is a typical fingerprint of the ALEt process, where an
ion energy plateau shows a constant etch- per-cycle saturation behavior.['2%
For too low bias (in our case, below 33V), the energy transfer by the inert
ions to the chlorinated silicon surface is not high enough to enable the
formation of volatile SiCly species; on the contrary, for too high bias (in our
case, higher than 97V), the system is above the sputtering threshold of
silicon, and material removal becomes a two-component process, relying on
the formation of SiCly but also on pure sputtering.

6.2.3.2 ALEt on Si/MoS; heterostacks

In the next step, the chlorine based ALEt process was applied to the
heterostack of Si/MoS; on blanket samples to remove the Si selectively from
the MoS; and to study the impact of the etch process on the MoS, surface.

The ALEt process without pre-sputtering was applied to the
Si/MoS; with different bias (33 V and 45 V) until the complete Si layer was
removed (monitored by residual Si measurement by ellipsometry). The
remaining MoS; thickness is shown in Figure 6-10b. With a 45 V bias in the
removal step, MoS is recessed with a rate of 4.4 A/cycle, whereas with 33
V, only 2.9 A/cycle were removed. This shows that the MoS, removal rate
is more dependent on the variation in power than the Si removal rate, i.e. for
the specific plasma conditions used here, when applied to MoS,, the system
is out of the ALEt energy window.

This can be explained by the mechanisms of the ALEt cycles. The
ALEt is based on the removal of a chlorinated surface layer, ideally selective
to the non-chlorinated ‘pristine’ atomic layer underneath.

In case of layered MX, materials, there are strong in-plane bonds
and weak bonds in between the layers. The sulfur termination passivates the
metal atoms and is expected to be stable in dry conditions at room
temperature. To replace the sulfur by chlorine, the sulfur needs to be
removed first. Voronina et al. calculated that chlorine adsorbs preferably on

[362]

MoS; with defects in comparison to defect-free MoS.. The energy for
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the creation of one sulfur vacancy is around 2.4 eV.2%34 This is lower than
the applied bias in the range of 30 — 50 eV for the present work (see Figure
6-14). This defect formation can occur in the Si removal step, in which the
biased Ar plasma can desulfurize the top layer, resulting in a deteriorated
2D film. In the next ALEt cycle, fragmented chlorine chemisorbs on the
surface during the dosing step to the metal. This modified surface layer is
removed during the next Ar plasma biased pulse, which simultaneously does
deteriorate the adjacent layer’s sulfur termination. In summary, atomic layer
etching relies on the existence of self-limited adsorption and activation
steps, which are existing for silicon in the ALEt parameter ranges
investigated here. When applied to MoS,, the activation step overlaps with
the adsorption
step by creating

33V sulfur vacancies

on the surface,
which favor the
chlorination. This

vacancy creation
process,  during
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The above assumed mechanism is supported by the observed MoS,
etch rate, in the range of a sub-monolayer per cycle. The monolayer
thickness of MoS; is 7 A and hence, it takes 2 to 3 ALE cycles to etch one
monolayer of MoS; with the 33 V bias.

To understand the impact of this ALEt etch step onto the MoS»
surface, the Si capped MoS, films were etched with a different number of
cycles to identify the breakthrough at the interface from Si to MoS,. The
Raman spectra after different cycle numbers (without the additional SiO»
removal cycles) are shown in Figure 6-11a. For 33 V, the MoS; is stable up
to a few cycles and then the intensity decreases for increasing ALEt cycles.
During the first few cycles, the ALEt process etches the Si cap and MoS; is
not in contact with the plasma yet. Once the cap is removed, the MoS; is
recessed as well. The faster decay for the 45 V bias ALEt process in
comparison to the 33 V bias confirms the higher removal rate of MoS,,
opposite to the Si etch rate which remains constant for various bias (see
Figure 5a).

The region of the breakthrough from Si to MoS, was studied by

RBS. The results in Figure 6-11b and c indicate that this breakthrough
occurred after approximately 6 cycles on the 45 A thick Si. At 45 V, the
sulfur amount is reduced after the transition, but the metal remains at its
initial level. For additional ALEt steps, the metal amount reduces, and the
sulfur/metal ratio remains below

101 Mos, | ——refeence | pristine value. This confirms the
33V .

0.8 E—ssv ] proposed mechanism: the removal

0.64 | of MoS; occurs through

Intensity
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for the MoOs, increases in its relative intensity. MoOs forms after air
exposure, once the MoS, surface is desulfurized (the XPS is done ex situ).
Both the spectra, for 33 V and 45 V bias, are overlapping, indicating that the
surface oxidation results in a similar damage for both bias settings.

Hence, this ALEt process can remove Si as well as MoS, layer-by-
layer, but it leaves always a modified top surface layer behind. Since this
damage is in the sub-monolayer range, it cannot be detected in the disorder-
induced LA(M) mode in multilayers as this method is not sensitive enough
to this top-layer damage.!''”! This suggests the use of a multilayer system, in
which the interface layer can be sacrificed, since it loses its function through
the damage.

To determine the characteristic of the ions impinging on the surface,
the collector current was measured. Its derivation is proportional to the ion
velocity distribution and is shown in Figure 6-14. For zero applied bias
voltage, the peak in ion distribution is at 10 eV, which represents the average
ion impact energy during the dosing and in the purge step, and corresponds
to the plasma self-bias for the specific geometry of this etch chamber as we
have measured and can be seen in the peak for 0 V bias in Figure 6-14. This
10 eV peak shows the highest intensity in comparison to the distributions
measured at higher bias, indicating that most ions hit the MoS, surface with
the same, low kinetic energy. This energy is only one order higher than the
Mo-S bond dissociation energy of 2.59 eV. With increasing biasup to 19 V,
the distribution function broadens and the maximum peak intensity for the
different modes reduces: less ions of a given energy are hitting the surface,
but with a wider range of kinetic energy, between 20 eV and 40 eV for the
19 V bias case. At applied bias above 20 V, the IVDF splits into a bimodal
distribution and shifts to higher energies. This can be explained by the
sinusoidal excitation as illustrated in the schematic Figure 6-13. The peak
separation is induced by the sinusoidal oscillation of the sheath electric
field.P653%1 Above 40 V bias, the high energetic peak is located above
70 eV. Compared to the low molybdenum-sulfur bond energy of 2.59 eV,
this explains the preferential sulfur removal during this step.[*”-3¢8) For even
higher bias, this trend continues and a high energetic peak with only small
intensity is present. However, these are the most damaging ions. For a bias
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of 82 V, the ion distribution ranges already from 60 eV to 130 eV. The high
energetic ions in this distribution are already two orders of magnitude higher
than the Mo-S bond energy and thus, during the activation step, sulfur
vacancies are created at high rate, leaving metallic Mo behind, which is
etched by Cl in the next pulse.

(b)

0

Potential (V)

Time (ns)

Figure 6-13: Illustration of the potential in a RF-discharged reproduced from doi:
10.1088/0963-0252/21/2/024004.

Therefore, using a plasma process within the ALE windows of Si (hence
between 30 V and 80 V bias) will always lead to damage of the top TMD
layer. Hence, the method described here can only be applied for multilayer
MX, systems. In order to reduce the damage, the wafer temperature might
be increased to enable the removal of surface SiCl at lower Ar activation
energy and shift the ALEt window towards lower energies. In addition, one
could think of the introduction of a sulfur-containing gas in an additional
step after the Ar removal step and the next chlorination step in order to
replenish broken bonds immediately with sulfur. The ALEt demonstrated
that Si could be etched from MoS, without damaging its bulk composition,
which is interesting for bilayers and few-layer structures.
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Figure 6-14: Ion velocity distribution functions for different setpoints of bias voltage for a)
low bias range and b) high bias range. Above 20V bias voltage, the ion velocity distributions
becomes broad, ranging to high energies.

6.2.3.3 Conversion of the Si into W and sulfurization to WS, -
Demonstration of selectivity

The ALEt process described above was used to remove silicon from
a MoS; patterned sample with a small surface modification of the 2D
material. Samples with ALEt-patterned Si/MoS, were then treated by HF to
remove the SiO, hardmask including the native oxide from the Si and to
dissolve MoQ;. The MoS; itself is inert against HF, since the hypothetic
reaction

MOSZ + 4 HF(g) =Mo+2 HZS(g) + FZ(g) (64)
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is endergonic with a Gibbs free energy of 1300 kJ/mol and hence
thermodynamically not favorable.*®~7!] Degradation can only occur due to
extensive exposure to moisture.*’?)

This means that Si was removed in the regions which were not
protected by the hardmask. Elemental Si was still present in the regions
covered by the mask and it was converted to W by the gas phase precursor
WF (reaction 6.5), then sulfurized by H,S at 450 °C (reaction 6.6):[2!%-266.360]

3Si + 2WFgg = 2W + 3 SiFyq (6.5)

W + 2H,S g = WS, + 2H, g (6.6).

A linear scan with Raman spectroscopy was conducted over such a
pattern and is depicted in Figure 6-15. In the ALEt patterned region, only
the characteristic modes for MoS, are visible. Outside those regions,
additional peaks indicate the presence of WS; resulting from the converted
Si, forming a WS,/MoS, heterostack. There, the signal of the MoS; is
reduced due to the additional light absorption in the top WS layer.

The selectivity of the conversion of the Si-containing region was
demonstrated. MoS; is not reacting with WFe as it can be seen from the
thermodynamics of reaction IV with a Gibbs free energy of 172 kJ/mol:

MOSZ + WF6(g) = MOFG(g) + WSZ (IV)

Figure 6-16a shows the as-deposited sample without patterning. The
MoS; is covered by a thin elemental Si cap, which will be the reducing agent
for the WS, deposition. The SiO, hardmask above covers the areas, which
will not be patterned by ALEt. The TEM image in Figure 6-16b and ¢ show
the structures resulting from the combination of the ALEt and the selective
conversion. In the ALEt-recessed regions the elemental Si is absent, since it
was etched by the Ar/Cl, ALEt sequence. Consequently, there was no W-
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Figure 6-15: Raman linescan over the ALEt-recessed region afier the conversion process.
The ALEt-recessed regions show only the peaks from MoS>. The area which was masked
shows in addition the top WS2’s characteristic peaks. The microscopy image with the arrow
shows the scanning direction of the area with the heterostack and the single-material area.
The scale bar is 200 um.

related compound deposited in those regions during the WF¢/H,S
conversion.

The selective growth of WS, is visible on the previously masked
area. The elemental EDS maps confirm the presence of the WS, on top of
the previously masked MoS; and the layered structure of the MoS; is still
visible. Nevertheless, the images and the elemental maps reveal a low
interface quality. The TEM images show a thin SiO; interlayer between the
MoS; and the WS,. This oxide interfacial layer is not visible in the images
taken before the conversion of the Si to WS. It appears only afterwards. As
shown in earlier work, the conversion reaction of Si to WS, is non-
stoichiometric in the case that the SiO; is not completely removed before
the conversion.[?® This is the case for a too short HF-dip during the removal
of the hardmask and the native oxide. Residual SiO is then not reacting with
the WFs and remains as a sediment at the interface between the MoS, and
the WS; from the gas phase reaction. This could be eliminated by improving
the HF wet etch step to remove the native SiO; fully and to passivate the Si
against re-oxidation. Despite the fact that the interface it not sharp due to
these SiO: interlayer, there are no signs of intermixing due to the clear
Raman spectra and the absence of additional shifted peaks.[73-374
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In the ALEt-treated region, the number of layers decreased from
nine layers (under the Si-cap) to seven layers (after Si etch), while the
remaining layers retained their original crystalline quality (no
amorphization). The loss of 1-2 layers confirms the surface damage induced
in the top layer through the biased removal step during the cycles. This
damaged layer, in the form of MoQOs3, was removed during the HF-dip prior
to the conversion.

These images demonstrate the proof-of-concept of a process flow
allowing to create multilayer structures using a sacrificial Si
patterning/conversion approach, in which one Si layer is patterned on top of
a bottom MoS,, then converted into WS,. This is an important step towards
the implementation of 2D materials with VLSI-compatible techniques,
scalable to full wafer-level.
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6.2.4 Conclusion

Atomic layer etching is a powerful tool to remove materials with a
rate of only a few atomic layers per cycle, with the power to limit the damage
towards sensitive substrate materials. In this study, the chlorine-based
atomic layer etching of Si on MoS,, using a close-to-conventional reactor
was characterized. Repeatable, linear Si etch rates around 6-7 A per cycle
were achieved. It was found that the applied bias in the removal step can
remove the native SiO, from the Si, in situ, without the need for a
detrimental high bias Ar pre-sputter step. The native oxide resulted in an
inhibited Si removal at start of the ALEt process, which is called the ALEt
delay. After the ALEt delay, the Si etch rate was constant for different bias
power, indicating that this process is within the ALEt window for Si. The
developed ALEt process was applied to Si/MoS, heterostructures to grow a
WS,/MoS; stack using a subsequent WF¢/H»S conversion. Si etching using
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AlL,O;3
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SiO,
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ALO,;
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SiO,

Figure 6-16: TEM cross-section images showing a) the heterostack with the elemental Si and
the SiO:2 hardmask; b) the region which was covered during ALEt by the hardmask and then
converted to W and sulfurized, and c) the MoS:z from which the Si was etched by ALE.

155



ALEt was studied and the selectivity and the damage towards underlying
MoS; was characterized. Contrary to the Si removal, the ALEt impact onto
the MoS; depends on the bias power applied during the removal step, with
more MoS; removed at higher bias. Based on RBS observations, the layered
structure of MoS», and the low energy required to create a sulfur vacancy,
we conclude that the biased Ar plasma pulse removes previously chlorinated
Mo and simultaneously desulfurizes the next layer. The plasma’s ion
velocity distributions indicated that the applied bias regime contains high
energetic ions which cause the desulfurization of the top surface MoS; layer.
Further research should focus on the study of bias regimes with low, sharp
ion velocity distributions located around 10 eV, and their propensity to
remove chlorinated layers. In the present case, despite using a low-bias
process with high ALEt synergy, it is necessary to design the Si/MoS; stack
with multilayers, considering the topmost layer as sacrificial, since it is
damaged during the etch stop. Further work will focus on optimizing and
widening the applicable Si ALEt window, the optimization of the residual-
free hardmask removal, and the in-situ restoration of sulfur bonds to provide
an optimal interface quality.
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6.3 Recent advances in the field

Regarding the WS, deposition from WFs there are no recent
publications from other groups. Up to now, only imec uses recently WFs in
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combination with H»S. In addition, routes including H, plasma as reducing
agent to deposit in ALD fashion and self-limiting surface reactions on Al,Os3
were explored.l%72373]

The field of ALEt is quickly growing and also the layer-by-layer
etch of MX; and other materials is advancing.['''!!81%1 Obviously, the Si
etching shown here with an etch rate of 7 A/cycle is larger than a Si
monolayer per cycle due to the non-idealities of this ALEt process. This
includes the non-ideal separation of the ALEt steps. Even though the gas
supply was brought close to the chamber with fast switching valves, the
conventional chamber design comprises a large volume and hence, the
effects of the ALEt steps could be partially overlapping. For examples,
residual Cl, could be still present during the removal step in which the bias
is applied resulting in a contribution of reactive ion etching. To improve this,
a compact chamber design with fast gas exchange would be necessary.
Furthermore, during the adsorption step, the Cl, and Ar is ionized and could
already impact the surface with the ion energy corresponding to the self-
bias. Ideally, the species should be created remotely or separated by ion
filters from the sample surface during the adsorption step. Possibly, the
layer-by-layer removal could be also reached by decreasing the sputter yield
using another inert gas, taking the sputter yield of the element to be etched
into account. Another possibility for modifying the ion velocity distribution
could be frequency tuning.

In addition, the ALEt of AlLOs; and HfO, are opening new
possibilities for device integration with contacts on top of the MX, or to
open area for a selective deposition of a heterostructure in a patterned high-
k material layer.376377]
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7 Conclusions

This thesis discusses the growth, patterning, and integration of 2D
materials with thermal conversion processes and plasma-based atomic layer
etching, which are scalable and can be done on wafer level to process many
devices in parallel.

The sulfurization of a metal or metal-oxide can be used to grow
TMD films of arbitrary thickness, despite single layers questionable due to
limited control in the precursor deposition and concerns about layer closure.
The sulfurization of a MoO; begins at a low temperature of 450 °C in
contrast to WOs, requiring a higher temperature to be converted. The first
step in the chalcogenide formation is the oxygen-sulfur exchange, which is
accompanied by volume expansion. This is followed by the second step, the
recrystallization the TMD. Coherent TMD films delaminate locally during
the cool-down from the high growth temperature. The sulfurization to
stoichiometric TMD can proceed already at 450 °C, but the crystallization
for high-quality films requires higher temperatures. The quality of the TMD
films is a function of the annealing temperature and the annealing time.
Large grains with an annealing time in the range of a few minutes require
temperatures of 800 °C and above, hence it must have large Ex. However,
such a temperature cannot be used for the co-integration with other
materials, especially in conjunction with the corrosive H»S as sulfurization
gas, since it attacks substrates and hardware components. We found that the
films made by this technique on an amorphous or polycrystalline substrate
result only in polycrystalline grains of a few tens of nanometer length with
random orientation. This relatively small grain size and their undirected
orientation in comparison to large area single layer triangles will be
detrimental for their electrical properties. The substrate or at least the buffer
layer must be stable in the hot temperature regime around 1000 °C and in
sulfur-containing atmosphere, which is needed to avoid sulfur loss in the
films during the crystallization.

The grain boundaries cannot be controlled and are not avoidable
over a continuous film over large areas. Therefore, the selective conversion
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can be attractive to control the crystals’ locations. Arbitrarily shaped layered
films can be fabricated by the pre-patterning of silicon and the conversion
of this layer to a stoichiometric WS,. A crystal in the defined shape can be
obtained by the subsequent recrystallization. In this approach the crystal size
is tailored to the device size, which can be an advantage. This deposited
shape can serve also as a seed for lateral growth. The recrystallization in
either sulfur-rich or sulfur-free atmosphere will start from a stoichiometric
MX, film, which can be an advantage. Hence, there will be no volume
expansion due to oxygen-sulfur exchange reaction or further sulfurization
of metallic atoms. Such process starting from material containing sulfur
already in combination with the nano-patterning will be less prone to strain-
related delamination in contrast to its large-area continuous layer. Another
important advantage is the control over the location of the film growth.
Previous existing selective methods are always based either on a seed or step
edge from which the crystal starts growing. Consequently, the seed as a
particle remains in the center of the grain or the structure will be disturbed
by substrate steps. Our approach circumvents this disadvantage by the
lithographic pre-patterning of the reducing agent’s film and offers high
flexibility. Especially, the WS, investigated here is interesting, because WS,
required the higher temperature during sulfurization. The stronger metal-
oxygen bond in WO3 causes also higher melting points in WOj3 and requires
higher sulfurization temperatures than in MoOs. Hence, the growth through
the metal deposition with the in-situ sulfurization proceeding at a low
temperature of 450 °C can form thin stoichiometric films up to four layers.
Eventually, the advantage of the transfer-free approach should be pointed
out. Even though templated-growth with subsequent transfer offers the best
material for research purposes, the wrinkle-free transfer challenge being
necessary for large scale integration is avoided with this direct growth
approach.

The crystalline quality of the TMD devices is related to the
crystallization temperature. The recrystallization of stoichiometric WS, in
inert gas atmosphere was investigated with the result, that above 900 °C,
sulfur loss occurs. These vacancies are filled with oxygen from atmosphere
upon air exposure and result in sub-stoichiometric films. Long
recrystallization durations and ultra-high temperature annealing are required
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for excellent TMD quality, but they are in contradiction with sulfur loss in
sulfur-deficient atmosphere. To lower the time-impact and to maximize the
energy for the recrystallization in the film, excimer laser annealing was
tested with a pulse in the range of hundreds of nanoseconds. Simultaneous
results to the ones after RTA were observed: with the increase in energy
density of the laser pulse, the film recrystallizes, but simultaneously it is
accompanied by sulfur loss. Hence, neither RTA nor ELA were appropriate
to recrystallize exposed WS, films without degradation in inert atmosphere.
Two paths were found to enable the recrystallization in inert gas atmosphere.
An additional promoter lowers the recrystallization temperature. Co is
appropriate to reduce the recrystallization temperature and is immiscible
with WS,. The element Co donates electrons to the metal atoms at the edges
of the Van-der-Waals sheets and weakens the sulfur bonds, allowing their
increased mobility. Large crystals could be already obtained at 700 °C,
facilitating the co-integration with other materials. Ni as crystallization
promoting metal does not work at those temperatures, since it forms already
alloys at temperatures below 700 °C.

Furthermore, the sulfur-loss during the thermal treatment can be
avoided by use of a dielectric capping layer. In this work, low-temperature
Si0, from a PECVD process with low deposition rate was chosen. Despite
the fact, that the PECVD process itself introduces damage of a monolayer
sulfur loss, no further degradation after annealing at even 1000 °C was
observed. Hence, a capping layer prevents the sulfur loss and confines the
TMD volume within the substrate and the capping layer itself. Upon the
high-temperature annealing, the sulfur amount was maintained, the TMD-
related Raman modes intensified, and the ratio between those in-plane
vibrational modes and the defect-related longitudinal acoustic LA(M)
modes minimized. In addition, photoluminescence as a high-quality
indicator emerged. This capped annealing can be achieved on wafer-level
with currently existing CMOS-compatible techniques.

Up to now, the fabrication of patterned 2D crystals on a dielectric
substrate was described. However, for the combination of two materials on
top of each other, individual shaping will be required for each layer to
contact them. To this end, we proposed the patterning of the Si layer acting
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as reducing agent for the WS, deposition on top of MoS,. To achieve this
goal with a plasma-based technique, a low-damaging process is necessary
maintain the bottom MoS,. In this work, atomic layer etching was evaluated
for this purpose. ALEt can etch Si with a reproducible rate of 7 A per cycle,
whereas the removal rate of MoS, was only half this value. During ALEt,
the reactant supply and the removal step are separated to minimize the
synergy between the reaction with the solid and ion bombardment. The
ALEt in its current configuration is not able to stop with infinite selectivity
on the MoS; itself, but at least the removal can be repeatably controlled. In
any case, the surface of the MoS; itself was already damaged through the
ALEt removal step with its applied bias of 33 V. Eventually, the damage
confined to one monolayer at the top can be acceptable when a multilayer
system is used, and this one layer can be sacrificed and removed eventually
in a simple cleaning step. The ion energies used here reveal already a
bimodal distribution with a high and low energy peak. For lower bias
energies in the ALEt’s removal step, the distribution becomes unimodal and
approaches the 10 eV peak being representative for the self-bias case. The
damage was restricted to the topmost layer and it was possible to convert
the ALEt patterned Si on MoS; into a 2D heterostack with patterned WS,
on MoS;.

We demonstrated that it is possible to integrate two TMDs on top
of each other with individual shaping by large-area deposition, etching,
deposition and patterning of another sacrificial material by atomic layer
etching, and conversion of the same. It was also shown that the quality can
be improved by annealing strategies with additional promoting layers.
Several points need to receive special attention in order to improve crystal
quality further: the substrate is crucial for the orientation of the crystals. For
continuous films it is necessary that the grains can merge, and this requires
substrates with a hexagonal lattice structure on which the films grow
epitaxially. We demonstrated here that on polycrystalline substrates, only
polycrystalline grains can be obtained. Furthermore, it is necessary to avoid
the sulfur loss from the layers during the processing, which requires always
the use of sulfur-containing environment during treatment or the
encapsulation to avoid sulfur-loss during detrimental processing.
Eventually, partially damaged surface layers being oxidized in air, could be
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also selectively removed, but for this enough dummy layers must be
considered in the design. The sensitivity of the 2D layers show that the
treatment with low-energetic plasmas is the only path to meet the
requirements to integrate heterostacks of TMDs in nanoscale devices.

The investigated techniques can now eventually be used for a device
flow. The large area sulfurization of a starting layer is promising — to
maximize the quality including grain orientation towards each other, single
crystalline substrates with hexagonal lattice should be used such as sapphire,
BN, or SiC. This first layer should be sulfurized. Then, a sacrificial Si layer
must be deposited on top should be patterned by ALEt and converted into a
second TMD. The quality of the second TMD must be also improved, e.g.
by another high temperature anneal in sulfur-rich atmosphere, with a
capping layer preventing sulfur loss, or eventually with a crystallization
promoting metal, which could be integrated directly in the contact regions.
Since the second TMD is already on a first TMD with hexagonal lattice, the
epitaxial recrystallization is facilitated.
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8 Future research

The high-quality growth of 2D materials and its CMOS-compatible
integration with plasma-based techniques was investigated in this work.
However, further improvements can be made to increase the quality further
and build devices with less defectivity. The grown material should be
electrically characterized in a next step and the approaches for top-down
growth with growth and etching should be compared to the selective growth
presented here. To this end, the built structures need to be contacted with a
metal and gated to determine the electrical properties and correlate them
with the processing parameters.

For both presented growth approaches, more efforts will be needed
in the substrate preparation to eliminate detrimental grain boundary impact.
Undoubtedly, this work has shown only approaches yielding polycrystalline
material with small grains and manifold crystal orientations. It has been
shown that the high temperature annealing is essential, and that sulfur loss
must be minimized. Nonetheless, for good conduction over several grains,
they need to be aligned to each other. In order to obtain at least oriented
crystals, a monocrystalline substrate would be beneficial. Grains would
merge and the charge carrier transport over the grain boundaries would be
better than in non-aligned grains. The charge carrier mobility would be
increased, and the device performance variations would decrease. Hence,
the study of the presented flow on monocrystalline substrate should be
targeted. An interesting alternative approach could be the preparation of
monocrystalline buffer layers, which are described in literature and
demonstrated for other hexagonal materials such as ZnO, GaN, mica-like,
or SrTi03.5783%1 The TMD crystal growth on such buffer layers is highly
interesting and would be a strong advantage, because possibly the
integration on a silicon substrate with buffer layers could be imagined. A
smooth and monocrystalline substrate will be the key for high-quality 2D
layers. The selective conversion concept Si-to-WS; can be also applied to
other material systems based on volatile metal-halides and chalcogenide-
precursors and would offer also a variety of other TMDs.
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The base for recrystallizing MX; films into decent quality crystals
was established with the described techniques in this thesis. Further
investigation will be necessary to optimize the investigated effects for the
application — for the metal induced crystallization, more controllability
about the promoter-metal diffusion and the MX; crystal formation would be
desired. The system should be designed in a way, that the separated Co will
agglomerate in a region, which is outside the active area and where it could
be removed e.g. by wet etching without affecting the MX, semiconductor.

The dielectric capped annealing is also promising. By confining the
heat and the sulfur in a kind of nanoreactor under the dielectric capping
layer, the detrimental sulfur vacancy creation can be suppressed to a large
extent. The dielectric deposition can be tuned further towards a low damage
to maintain full stoichiometry prior to annealing. Eventually, the
combination with ELA for substrates with low thermal budget can be
enabled with such a dielectric capping layer. The future questions to be
addressed for this topic is the minimization of the damage introduced by the
capping layer deposition. Low-temperature PEALD could be a viable
candidate or eventually damage-less evaporation processes could minimize
this damage. More characterization of the recrystallized layers is necessary
besides the proven excellent quality with spectroscopic techniques: the
structure of the film by means of TEM with the estimation of the grain size
and eventually the electrical characterization of the films are still open items.
The electrical characterization itself needs a systematic study, whether top
contacts or side contacts fabricated with plasma-based techniques could be
used and their impact on the device performance must be found. For
benchmarking of the 2D films, a stable characterization flow is inevitable.

The investigated plasma-based techniques could provide an
appropriate tool to fabricate such devices. With the atomic layer etching, the
repeatable removal rate and even poor selectivity can be used. Nevertheless,
within the investigated plasma bias window during the removal step, still a
top surface damage of the sulfur layer was seen. Eventually, the remaining
question is, whether the ion energy could be reduced further to minimize the
sulfur vacancy formation and to still etch Si with a reasonable rate. So, the
threshold energy for the Si removal and for the sulfur monolayer removal
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should be experimentally verified. Eventually, the patterning of the bottom
MX,; layer in addition to the top one with the subsequent contacting to form
real artificially grown MX;, heterostructures should be realized. Those can
be used to benchmark the devices to the ones fabricated by mechanical
exfoliation and stacking and could be used to optimize the integration flow
to make transfer-free devices on wafer level.

We believe that we found with the investigated growth and plasma-
patterning techniques important tools to bring 2D materials from the purely
fundamental property investigation to an applied research level, which could
be a path for future large-scale integration of 2D materials.
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Environment, Safety, Health

This work was conducted in the facilities of imec in Heverlee. The
safety standards within the organization are very high. The performed works
were conducted always with the necessary personal protective equipment
(PPE). Since all tasks were done in a cleanroom, it is obligatory to wear
always Nitrile gloves, safety glasses, and a cleanroom suit. For the wet
treatments, the protective equipment was complemented by acid-resistant
gloves, face shield, and apron where necessary. These works were done in
perforated wet benches or fume hoods ensuring the gas transport away from
the operator. Adjacent to the wet treatment areas, emergency eye wash and
safety showers are installed. The use of latter ones calls automatically
further help from a 24h operating control room with first aid trained staff.

The gas phase conversions and annealings were done in respective
closed tools, which were either completely sealed and only accessible
through a loadlock or which could be opened only at room temperature to
load the samples. All the processing chambers were equipped with pressure,
temperature, or flow sensors and interlocks preventing chamber opening
under dangerous conditions, e.g. high temperature or flowing gas while
operating in or at the chamber manually. In addition to the internal safety
interlocks, the chambers’ casings are connected to an exhaust system
ensuring the outgoing airflow, which is also monitored by gas sensors of the
used gases and connected to an automatic control system. In case of
exceeding alarm limits, an automatic alarm with visual and acoustic signal
is triggered and all people in the adjacent lab areas must leave the working
place until an all-clear signal is given. The work in areas without frequent
occupation requires the use of a deadman sensor, which is connected to a
control room.

The disposal of waste was done carefully to avoid safety risks and
protect the environment. Wet waste was separated in acid waste,
contaminated (metal-containing) acid waste, and solvent waste which
related to appropriate tubing to avoid corrosion or explosion risks. Gaseous
waste was cleaned in scrubbers.
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Several chemicals were used within this project. The solids used
here were the precursor metals Mo and W in their oxidized or sulfurize form,
Si and SiO,, Al,O3, Co, Ni, and Au. When cleaving sample containing those
materials or handling in their particle form, FFP3 face masks were used as
protection.

Different liquids were used for resist-coating, development, sample
cleaning, and etching including C3HsO, C;HsO, tetramethylammonium
hydroxide (TMAH), H,SOs, HNOs;, H,O,, and HF. Acids, bases, and
solvents were used in separated wet benches or fume hoods and were also
disposed accordingly.

A variety of gases were used for dry etching including Ar, Cl,, BCl3,
CF4, CHuF,, and H». All gases were used within sealed reactors and were
sufficiently long pumped from the samples before exposing them to air
again. Moreover, gases were used for the conversion of solids into metal and
the metal conversion into sulphides. WF¢ and H,S were used for this
purpose. Due to the high sticking coefficients of H,S, samples had be stored
in vacuum until their cool-down to room temperature at which they were
stable.
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