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Abstract  

Tensile tests have been performed on a superplastic titanium alloy. Different strain rates 

from 5 10-4 s-1 to 5 10-2 s-1 and various temperatures up to 1050°C were explored. The 

results of these tests, supplemented with microstructural investigations allow, as a function 

of temperature and strain rate, the determination of mechanical properties such as flow 

stress, strain hardening and fracture strain as well as the identification of mechanisms such 

as grain boundary sliding, dynamic recrystallization and dynamic grain growth. A modified 

Norton-Hoff law is proposed to characterize the tensile behaviour of this alloy. All 

temperature-strain rate combinations have been grouped into a number of domains, each 

corresponding to a particular deformation mechanism. For each domain the Norton-Hoff 

parameters have been determined. Close agreement between the predicted and experimental 

stress-strain relationships has been achieved. 

 

Samenvatting  

Dit werk beschrijft het trekgedrag van een superplastische titaanlegering bij 

vervormingssnelheden tussen 5 10-4 s-1 en 5 10-2 s-1 en bij temperaturen tot 1050 °C.  

De evolutie van de vloeigrens, de versteviging en de breukrek werd bestudeerd en 

aangevuld met microstructureel onderzoek waarbij verschillende actieve mechanismen 

zoals korrelgrensglijding, dynamische recristallisatie en dynamische korrelgroei 

geïdentificeerd werden.  

Wijzigingen aan de constitutieve Norton-Hoff vergelijking laten toe het trekgedrag 

nauwkeurig te beschrijven, op voorwaarde het gedrag in vier domeinen onder te verdelen 

volgens de actieve mechanismen en mits bepaling van de aangepaste parameters. 
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 1.1

1 INTRODUCTION 
 

The use of titanium alloys in industrial applications increases from day to day 
especially in the aeronautical industry. This can be explained by their remarkable 
properties such as high strength and toughness, good fatigue behavior, remarkable 
corrosion resistance, low weight and biocompatibility. The Ti6Al4V alloy, used in the 
present study, was chosen for its availability, superplastic properties but also because of 
its wide applicability in the industry. 

Superplastic materials are polycrystalline solids which have the ability to undergo 
large strains prior to failure. Superplastic forming, sometimes combined with diffusion 
bonding, gives new design possibilities. Parts with complex geometry can be made in a 
process with limited number of steps. Quantity of rivets, nuts and bolts can be suppressed 
using this technique, decreasing the total weight. Moreover, the cost of components 
specially designed for superplastic forming is, for the greater part, cheaper than the cost 
of parts with the same functions but made by a classical process. This could explain the 
interest of the aerospace industry, always looking for weight and cost savings. 

Initially the aim of this project was to study the superplastic behavior of this 
particular Ti6Al4V titanium alloy. But during the study of the influence of temperature 
and strain rate modification on the tensile behaviour, in the aim to determine the 
extension of the superplastic domain of this alloy, some particular microstructural 
phenomena were observed, extending our interest to a wider domain of strain rate and 
temperature. Considering the range of temperature and strain rate finally covered, 
respectively from room temperature up to 1050°C and from 5 10-4 s-1 to 5 10-2 s-1, it was 
possible to establish a deformation mechanism map. Domains with different tensile 
and/or microstructural behaviour have been identified. The major contribution of this 
work is in the first place the identification of deformation mechanism in those domains 
and in the second place the derivation of constitutive equations, with the same formalism, 
able to fit correctly all the stress-strain relations.   
 

The consecutive chapters are dedicated to a review of general knowledge needed 
in the framework of the present work, then to the explanation of test methods used and 
finally to the presentation and the discussion of the results. That means in a more 
extensive way: 
After the current introduction, a literature review dealing of subjects dealt with in the 
frame of this thesis will be presented. First the main facts about titanium and its alloys 
will be exposed: application, extraction methods, production process, and classification of 
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the alloys. Particular attention will be paid to the Ti6Al4V alloy. The different phases 
observable in this alloy and thermal treatments leading to their formation will be 
explained. Secondly, the description of the different mechanisms of deformation 
encountered in the range of strain rate and temperature covered in this study will follow. 
These are mechanisms such as diffusion creep, dislocation glide, cross slip, grain 
boundary sliding accommodated by dislocation activity or by diffusion. Grain size plays 
an important role in superplastic deformation; therefore the following paragraph will be 
dedicated to the evolution of the microstructure: grain size in function of strain rate, 
deformation and temperature. The last part of the chapter literature survey will shortly 
review the different models developed to describe the superplastic deformation and will 
also explain the formalism that has been used as the basis of the models for each of the 
different domains in the map. The method used to calculate the various parameters of the 
models is also described here. 

Chapter 3 covers a description of the material and the different tests performed to 
investigate the tensile behavior of the Ti6Al4V alloy: hot tensile tests, microstructure 
observations, microtexture and texture measurements. 

In the fourth and fifth chapter of this study, one can find the core of this work. 
Chapter 4 deals with the determination of a deformation map from the results of 
mechanical, microstructural, microtextural and textural experiments, for all the 
temperatures and strain rates covered by this work. The results of the various tests 
performed on the material in the different domains will be exposed and discussed. A 
deformation mechanism and an equation will be proposed for each domain in chapter 5. 

The main conclusions of this work and opportunities for further research will be 
brought together in the last chapter.  
 
 
 
 



 
 

2.1

2 LITERATURE SURVEY 

2.1 Titanium 

2.1.1 History and generalities 

 
In 1791, Reverend William Gregor discovered a new mineral in the magnetic sand 

of the local river, Helford, in the Menachan valley in Cornwall, England, and named it 
menachite, nowadays this mineral is known as Ilmenite. Inside it, a new element was 
found. At around the same time, Franz Joseph Muller also produced a similar substance, 
but could not identify it. The element was independently rediscovered several years later 
by German chemist Martin Heinrich Klaproth in rutile ore. Klaproth confirmed it as a 
new element and in 1795 he named it after the Latin word for Earth (also the name of the 
Titans of Greek mythology) [1].1 Rutile is naturally occurring in Australia, USA, India 
and South Africa. 

 

 
 

Figure 2.1  Main properties of Titanium and titanium alloys. [2] 
 
More than a 100 years elapsed before the metal could be extracted for the first 

time from the mineral. This was done by Mathew Albert Hunter from the Rensselaer 

                                                 
1 The titans are the children of Uranos and Gaia. They were hated by their father and so detained 

in captivity by him in the earth’s crust, similar to the hard to extract ore, from where the name titanium. 
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Polytechnic Institute in Troy, N. Y., by heating TiCl4 with sodium in a steel bomb [3]. 
But the true father of the titanium industry is Wilhelm Justin Kroll from Luxembourg. In 
1932, he produced significant quantities of titanium reducing TiCl4 with calcium. During 
the Second World War he immigrated to the United States of America and proved to the 
U.S. Bureau of Mines that it was possible to extract titanium commercially from the ore 
replacing calcium with magnesium for the reduction of TiCl4. Nowadays, this process is 
still the most important in the industry and is known as the “Kroll process” [4]. 

After the Second World War, the aeronautical industries discovered in titanium an 
important alternative material because of its high specific strength. Today aerospace is 
still the principal consumer, in weight, of titanium but other industries are also interested 
in this metal due to its remarkable properties (see figure 2.1). 

2.1.2 Applications [5-9] 

2.1.2.1 Aerospace industry 
 

Nowadays, titanium alloys represents 6 to 9 % of the weight of a commercial 
airplane. One of the most imposing components is the landing gear of the Boeing 777 
made by forging: other important examples are bolts and jet motor parts in the low and 
medium temperature zones (turbine blades, disks and carters). The maximum working 
temperature for this kind of parts is 600°C. In space industry, Ti alloys are used in the 
motor of some spaceships but also for the tanks because of their high resistance to 
corrosion and their cryogenic properties and finally in the space station in the form of 
tools to avoid an arc, close to electrical systems because of its magnetic characteristics. 

2.1.2.2 Chemical industry 

 
Welded titanium pipe is used in the chemical industry for its corrosion resistance 

and also in offshore petroleum drilling especially for its strength, light weight and 
corrosion resistance. 

2.1.2.3 Military 

 

Titanium alloys are used in the military applications mainly in fighter planes but 
also as armoring and to build light vehicles. Nevertheless, the most impressive 
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application of titanium in this context is their use to make the whole body of Soviet 
nuclear submarines. 

2.1.2.4 Biomedical   

 

Because it is considered to be physiologically inert, titanium is used in joint 
replacement implants such as hip balls and sockets and to make medical equipment. 
Titanium has the unusual ability to allow the direct attachment or connection of osseous 
tissue to itself without intervention of connective tissue, enabling use in dental implants. 
This ability is also exploited by some orthopedic implants. Orthopedic applications also 
take advantage of titanium’s lower modulus of elasticity compared to steel, matching 
more closely the modulus of the bone that such devices are intended to replace. As a 
result, skeletal loads are more evenly shared between bone and implant. 

2.1.2.5 Energy production 

 

In the USA, titanium alloys are used in the secondary circuit of nuclear plants, but 
also in geothermic applications as tubes for heat exchangers in both cases for their 
corrosion and erosion resistance. They are also used for their high specific strength in 
steam turbines resulting in a lower replacing frequency of broken blades. 

2.1.2.6 Marine industry 

 

Due to excellent corrosion resistance in sea water, it is used to make propeller 
shafts. 

2.1.2.7 Sport and Leisure 

 

 Use of titanium in consumer products such as tennis racquets, golf clubs, bicycles 
and laptop computers is becoming more common. 

2.1.2.8 Architecture 

 
Titanium has occasionally been used in construction: the memorial to Yuri 

Gagarin, in Moscow, is made of titanium because of the attractive metal oxide color. The 
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Guggenheim Museum Bilbao and the Cerritos Library (California) were the first 
buildings, in Europe and North America respectively, to be sheathed in titanium panels. 

2.1.2.9 Transportation 

 
New issues for titanium could be found in the automotive sector. Mainly German, 

Japanese and American brands introduce some titanium parts in their tourism cars. The 
aim is to reduce the weight of the structures and so decrease pollution and noise. Springs 
in titanium are really attractive because of a lower young modulus and a lower density 
compared to steel; it is possible to produce springs 4 times lighter and 2 times smaller. 

Titanium is not scarce in the earth’s crust. It’s the ninth most abundant element 
but can’t be found in pure form. The difficulty to extract it from ore makes it expensive 
and still limits its use in current consumption goods [10-11]. In order to give an idea of 
the price, 1 kg of Commercially Pure (CP) titanium sponge costs approximately 20 €. 

 

2.1.3 Production 

 
Currently, the principles of the Ti production process are the same as in 1940. The 

Kroll process (see figure 2.2), although it is a batch process, is still the most used in the 
industry. Since 2000 a new process to produce extremely pure titanium seems to have 
appeared: the FFC Cambridge Process (see figure 2.3) [12]. 

2.1.3.1  Kroll process [4] 

 
The first step is to "carbochlorinate" the titanium dioxide to produce TiCl4. It’s 

preferable to start from the most pure ore of titanium, rutile TiO2 (in contrast to the more 
impure ilmenite). The rutile is combined with petroleum coke and chlorinated in a 
fluidised bed reactor at 1000°C. TiO2 is first converted into titanium-carbide and has then 
the form of a sponge. Then chlorine gas is passed through the charge making volatile 
gaseous tetrachloride (TiCl4). The resulting condensate TiCl4 (l) is purified by continuous 
fractional distillation until it is pure; the recovered chloride is reprocessed and fed back 
into the system. The main problems in this stage relate to the formation of lower 
chlorides (TiCl2, and TiCl3). 

 

2422 2 COTiClCClTiO T +→++ ↑  
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Next, the titanium tetrachloride (TiCl4) is reduced with magnesium and is heated: 
a clean dry stainless steel retort is vacuum-pumped, and filled with a slight over-pressure 
of argon (an inert atmosphere). Then enough magnesium to completely react the TiCl4, 
plus 15-30% excess is put into the retort. It is then heated to 800°C-900°C and TiCl4 is 
slowly fed in. The magnesium chloride is periodically tapped off. Magnesium is also very 
expensive and magnesium chloride is a low-value compound; this fact contributes to the 
high price of titanium. After several days the reaction stops, the pressure rises, and the 
spongy titanium is crushed and melted into an ingot. 

 

24 22 MgClTiMgTiCl +→+  

MgCleelectrolytMgCl +→+ 22  
 

 

 
 

Figure 2.2  Flowchart of the Kroll process. [13] 
 
The resulting porous metallic titanium sponge, impurities, and unreacted 

magnesium are purified by leaching or heated vacuum distillation. The sponge is jack 
hammered out, crushed and pressed before it is melted in a consumable electrode vacuum 
arc furnace. The melted ingot is allowed to solidify under vacuum. It is often remelted to 
remove inclusions and ensure uniformity.  

 
This batch process takes several days to produce only a couple of tons per reactor 

vessel, and the titanium is about six times as expensive as stainless steel. The Kroll 
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process has not been replaced by a molten electrolytic process because of redox 
recycling, diaphragm failure and dendritic deposition in the electrolyte solution.  

 

2.1.3.2 FFC Cambridge Process [12] 

 

 
 

Figure 2.3  Principle of the FFC Cambridge Process. [14] 
 
The FFC Cambridge Process has been patented for a solid electrolytic solution, 

and there is a partial process for eliminating titanium-sponge processing. It is 
revolutionary in that the starting material is not a salt of titanium but the oxide of the 
metal readily available in the rutile ore. The titanium dioxide constitutes the cathode and 
is immerged inside a graphite or titanium cell full of molten salt. Under an applied 
current the oxygen leaves the oxide as oxygen ions, diffuses to the anode where it is 
discharged. The titanium metal is simply left behind and at no stage in the process is the 
titanium in the liquid or ionized state. As the titanium is not deposited from the salt, it is 
relatively inert. Another surprising fact is that although titanium dioxide is an insulator, it 
acts as an efficient cathode. The reason for this is that as soon as a slight amount of 
oxygen is removed the material becomes a conductor that allows the electrochemical 
processes to take places. Another advantage of the method is that a mixture of oxides can 
be blended together and reduced, electrochemically, to alloys. This overcomes problems 
as oxidation and segregation usual with alloying of reactive metals.       
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2.1.4 Crystal structure 

 
Like many others elements, such as Ca, Fe, Zr, Ti can crystallize in different 

crystal structures, each one being stable in a certain temperature domain. Pure Ti is 
Hexagonal Compact (HCP) at room temperature and this structure is called the α-phase. 
At high temperature the structure of Ti becomes Body-Centered Cubic (BCC) and is 
named the β-phase. The limit between the two phases, the β-transus is around 882°C. 

  Adding alloying elements, it is possible to influence the β-transus (see figure 
2.4). There are three different types of alloying elements: neutral, α-stabilizers and β-
stabilizers. The addition of neutral elements has almost no influence on the β-transus. The 
α-stabilizing elements extend the α-phase to higher temperatures while the β-stabilizing 
elements shift the β-phase field to lower temperature. Al is the most important α-
stabilizer element. The β-stabilizers are subdivided into two sub-categories: 

• β-isomorphous and among them the most important are Mo, V and Ta due 
to their higher solubility in Ti. 

• β-eutectoid, these elements could lead to the formation of intermetallic 
compounds AxBy even at very low concentration. 

 

 
 

Figure 2.4  Influence of alloying elements on phase diagrams of Ti alloys (schematically). [8] 

2.1.4.1 Classification 

 
In function of the dominant phase at room temperature, the different alloys are 

classified as follows: 
 
• α-alloys (Ti8Al1V1Mo) can be welded, don’t harden due to thermal 

treatment and are difficult to cold deform. Due to their almost monophase 
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structure, they are quite stable until 650°C and resist against corrosion up 
to 1100°C 

• α+β-alloys (Ti6Al4V, Ti6Al2Sn2Zr2Cr2Mo)  are actually the most widely 
used titanium alloys. They are structurally quite stable up to 450°C and 
can be modified by thermal treatments. They also can be cold deformed 
and welded with precaution. 

• β-alloys (BETACEZ, Ti10V2Fe3Al) as their names indicate are in 
majority composed of β-phase. They are less stable than the two previous 
categories of alloys but they are industrially interesting because they are 
easier to form. 

 
In this study, Ti 6Al 4V (TI6AL4V) α+β alloy was chosen due to its superplastic 

properties and for its affordability commercial price:  350€/Kg (03/2006). 
 

2.1.5 Ti6Al4V 

 
Ti6Al4V is the most used titanium alloy in industry: by itself it represents 45% of 

the titanium consumption. This is mainly because Ti6Al4V combines a quite easy 
processing and good properties (mechanical and corrosion).  

2.1.5.1 Phases and structures [15] 

 
As an α+β alloy, Ti6Al4V contains a certain proportion of β-phase at room 

temperature. This proportion is function of the thermal treatment and of the interstitial 
content, particularly of the O fraction. To be stable at room temperature the β-phase 
needs at least 15% of vanadium. This can be achieved when the alloy is slowly cooled in 
furnace or annealed below 750°C. Usually, after slow cooling the β-phase proportion in 
Ti6Al4V is around 10-15%. 

 
Besides these two phases, depending on the thermo mechanical treatments, 

different other phases can be observed in the Ti6Al4V alloy: 
 

1. α’ (Hexagonal close packed martensite) When the alloy is quenched 
from above 900°C, a part of the β-phase will transform in α’. α’ has an 
acicular or sometimes fine lamellar microstructure. Crystallographically, 
it is related to the α-phase and their lattice parameters are very close. 
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2. α” (Orthorhombic martensite) α” is the result of a quenching of the β-

phase from between 750 and 900°C. This martensite is softer than α’. The 
formation of α” can also be induced by straining metastable β. 

 

3. ω (Omega precipitation) The formation of this phase is prevented by the 
presence of oxygen. In Ti6Al4V of industrial purity is normally never 
observed ω. But in β-phase highly rich in vanadium (more than 15%), 
precipitation of  ω can occur in the temperature range 200°C-350°C 
during aging or during room temperature aging in rapidly solidified 
material [16]. Nevertheless this precipitate is almost never observed in 
Ti6Al4V. 

 

4. α2 (Ti3Al precipitation) To form α2 the proportion of oxygen in the grade 
of Ti6Al4V must be less than 0.2 wt% and the alloy must be aged at 
temperatures between 500 and 600°C. The presence of Ti3Al promotes 
coarse planar glide on }0110{  prismatic planes. 

 

 
 

Figure 2.5   Influence of thermal treatment and cooling rate on the microstructure of Ti6Al4V. [15] 
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 Appropriate thermal treatments can lead to the formation of the desired phases, 
but they also influence the resulting microstructures (see figure 2.5). 

 
 
Three different classes of microstructures can be roughly distinguished: lamellar, 

equiaxed or a mixture of both.  
 

1. Lamellar structures can be easily obtained by thermal treatment. Starting 
from above the β transus, the cooling rate will determine the size of the 
lamellae. Slow cooling (15 K/min) in the furnace will lead to the 
production of coarse plates of α-phase starting from the β-grain 
boundaries and at the opposite quenching produces a needle like hcp 
martensite (α’) 

 
2. Equiaxed microstructures need extensive mechanical working (>75%) in 

the (α+β)-phases domain. During this process, the α lamella are broken 
into equiaxed α grains. A subsequent annealing at about 700°C produces 
the so-called “mill-annealed” microstructure. The result is very dependant 
of the previous working. Another possibility to obtain equiaxed grains is a  
recrystallization of the deformed  material in the α+β-phase field, at 
925°C during 4h, followed by slow cooling. In this second case, a more 
reproducible microstructure is obtained but, the resulting α grains are 
coarse (grain size about 15-20 µm instead of 8-10 µm). 

 
3. Bimodal microstructure consists of isolated primary α grains in a 

transformed β matrix. This type of microstructure is obtained by 
quenching from the α+β-phase field (approximately between 750 and 
1000°C). After quenching, the β-phase is transformed in α’ or α” in 
function of the anneal temperature and α grains remain unchanged. 

 
4. Interface phase. An FCC crystal structure could be observed in thin foils 

for transmission electron microscopy at lamellar boundaries between α 
and β-phases. There still is a controversy to know if this “phase” is also 
present in bulk material. 
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2.1.5.2 Typical thermal treatment 

  
In the composition of all Ti6Al4V grade, α-stabilizers and β-stabilizers are 

present; thermal and in general thermo-mechanical treatment will influence the alloy. 
[17]. Titanium and titanium alloys are heat treated in order to: 

 
• Reduce residual stresses developed during fabrication (stress relieving) 
• Produce an optimum combination of ductility, machining, dimensional and 

structural stability (annealing) 
• Increase strength (solution treating and aging) 
• Optimize special properties: fracture toughness, fatigue strength, and high-

temperature creep strength. 
 
The choice of annealing (single, duplex, (beta), and recrystallization annealing, 

for example), solution treatments and aging treatments, will determine the mechanical 
properties. Stress relieving and annealing may also prevent preferential chemical 
corrosion in some aggressive environments and distortion. 

Ti6Al4V is usually chosen for high strength at low-to-moderate temperatures 
applications and is one of the titanium alloys presenting the highest potential of properties 
modification by thermo-mechanical treatment. 

2.1.5.2.1 Stress Relieving 
Stress-relieving treatments decrease the undesirable residual stresses resulting 

from previous operations such as forming, forging, welding, casting, machining … 
Removing residual stress improves the shape stability. 

Titanium and titanium alloys can be stress-relieved without adversely affecting 
strength or ductility. 2 h at 540°C is an example of a common industrial stress relieving 
treatment. This operation can be coupled with another treatment like annealing or 
hardening. For example, forging stresses may be relieved by annealing prior to 
machining. 

2.1.5.2.2 Annealing 
Annealing increases fracture toughness, ductility at room temperature, 

dimensional and thermal stability, and creep resistance. Improvement of one of these 
properties is generally made at the expense of some other property. The selection of the 
annealing cycle must be coherent with the aim of the treatment. Common annealing 
treatments are: 



 
 

2.12

 
• Mill annealing 
• Duplex annealing 
• Recrystallization annealing 
• Beta annealing 

 
Mill annealing is a general-purpose treatment given to all mill products. It may 

leave traces of cold or warm working in the microstructures of heavily worked products, 
particularly sheet. Ti6Al4V is commonly used in the mill annealed condition. (Annealing 
at temperature between 710 and 790°C during 1 to 4 hr followed by air cooling) 

 
Duplex annealing influences the microstructure and the distribution of phases to 

improve creep resistance or fracture toughness. Most of the time, this is realized by the 
introduction of acicular α.  (First annealing at 900°C during 1hr, air cooling and then 
annealing at 788°C during 0.25 hr and once again air cooling) 

 
Recrystallization annealing is used to improve fracture toughness. First the alloy 

is deformed for example by rolling with a reduction not less than 60%. The alloy is then 
heated into the upper end of the α-β range, held for a time (2-3 hrs), and then cooled very 
slowly.  

 
β (Beta) Annealing. β annealing also improves fracture toughness. Beta annealing 

is done at temperatures above the β transus of the alloy but just above it in order to 
prevent excessive grain growth. Annealing times are dependent on the dimensions of the 
items and should be sufficient for complete transformation. The time at temperature post-
transformation must be as low as possible to limit grain growth. The cooling of the larger 
sections must be accelerated by a fan or even by water quenching to prevent the 
formation of a phase at the β grain boundaries. 

 
Straightening, sizing, and flattening of titanium alloys are often necessary in order 

to meet dimensional requirements.  

2.1.5.2.3 Solution Treating and Aging 
By solution treating and aging, a wide range of strength levels can be reached. 

The instability of the high-temperature β phase at lower temperatures is at the origin of 
heat-treating responses in Ti6Al4V. By heating a α-β alloy to the solution-treating 
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temperature the ratio of β phase is increased. By quenching and aging, the metastable β 
phase is transformed into α’ providing high strength material.  

The time at temperature is determined by the thickest section. Time/temperature 
combinations for usual industrial solution treatments are given in table 2.1.  

 
Figure 2.6  Fraction of phase constituent after quenching. [15] 

 
Table 2.1 Recommended solution and aging treatments for Ti6Al4V. [18] 
 

Solution 
temperature 

[°C] 

Solution 
time 
[h] 

Cooling 
rate 

Aging 
temperature 

[°C] 

Aging 
time 
[h] 

955-970 1 Water 480-595 4-8 

 
The solution-treatment temperature alters the α/β phase proportion (see figure 2.6) 

and thus influences the mechanical properties after aging and quenching. To obtain high 
strength with adequate ductility, it is necessary to solution treat at a temperature high in 
the α-β field, normally 25 to 85°C below the β transus of the alloy. If high fracture 
toughness or improved resistance to stress corrosion is required, β annealing or β solution 
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treating may be desirable. However, heat treating α-β alloys in the β range causes a 
significant loss in ductility. These alloys are usually solution heat treated below the β 
transus to obtain an optimum balance of ductility, fracture toughness, creep, and stress 
rupture properties [18].  

2.1.5.3 Properties 

The properties are strongly dependant of the thermo-mechanical treatments that 
the material has undergone. The main parameters are the temperature of annealing 
(solution, aging, stress relief) in the β or the α+β domain and the cooling rate. These 
parameters will determine the final size and morphology of both phases.   

2.1.5.3.1   Physical properties 
As a general rule, the measurement of physical properties in different directions 

will give different results. The two main reasons of this are: the alpha and the beta phase 
are anisotropic and they both tend to be textured: the c axes of the crystallites tend to lie 
along the principal processing direction.  Nevertheless, the mean accepted values of the 
principal physical properties are given in the table 2.2. 

 

Table 2.2 Values of Ti6Al4V’s physical properties. [19-23] 
 

Property Temperature (°C) Value 
Density 22 4.42 g cm³ 

Beta Transus 996 ± 14  
Melting (liquidus) Point 1650-1660 ± 14  
Thermal Conductivity 20 6.6 W m-1 K-1 

Mill Annealed 315 10.6 W m-1 K-1 
 650 17.5 W m-1 K-1 

Specific Heat 20 0.580 J g-1 K-1 
 425 0.670 J g-1 K-1 
 870 0.930 J g-1 K-1 

Electrical resistivity 0 1.68 µ Ω m 
 315 1.86 µ Ω m 
 650 1.89 µ Ω m 

Magnetic Permeability                                                   1.00005 at 20 oersteds 
0-100 9.0 x 10-6 mm-1 °C-1 
20-425 9.4 x 10-6 mm-1 °C-1 

Mean Coefficient of 
Thermal Expansion 

20-650 9.7 x 10-6 mm-1 °C-1 
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2.1.5.3.2 Chemical properties (corrosion) 
The corrosion resistance of the Ti6Al4V alloy is not as high as the commercially 

pure titanium but is still excellent. At room temperature and in normal atmospheric 
environments, a protective non-porous oxide film is formed at the surface of the material. 
This thin oxide layer when broken or penetrated, is quickly repaired or reformed.  

 

 
 

Figure 2.7  Ti6Al4V oxidation in terms of weight gain as a function of temperature. The oxide forms 
multilayered structures and spalls off easily. In addition, oxygen is readily taken up into 

solution in the surface layer of the alloy and may reach 33 at.%. It is the cause of the surface 
alpha-case with its severe embrittlement. [15] 

The oxidation rate is drastically dependent on the temperature. Above 400°C, the 
oxygen of the oxide layer begins to dissolve into the metal substrate, causing surface 
embrittlement. Above 500°C, the oxide grows in a multi-layered, porous non-protective 
scale and causes embrittlement. Ti6Al4V oxidation in terms of weight gain as a function 
of temperature is presented in figure 2.7. 

 

In general Ti6Al4V is resistant to general corrosion by sea water, oxidizing acids, 
aqueous chloride solutions, wet chlorine gas and sodium hypochlorite at typical product-
operating temperatures. But it is vulnerable to reducing acids like hydrofluoric, 
hydrochloric, sulfuric, oxalic, formic and phosphoric acids.  

2.1.5.3.3 Mechanical properties 
The mechanical properties are strongly dependent on the thermo-mechanical 

history of the material, the alloying content (especially the iron and oxygen content) and 
on the texture. Some values are presented in tables 2.3 and 2.4. 
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Table 2.3 Mechanical properties of Ti6Al4V.  
 

Property Temperature (°C) Value 
20 107-122 GPa Young’s Modulus (Dependent on 

texture and heat treatment) 230 95-111 GPa 
Shear Modulus 20 41-45 GPa 
Poisson’s Ratio 20 0.31 

 
 
Table 2.4 Mechanical properties of Ti6Al4V sheet and plate, composition, (texture) and 

thermo-mechanical history influence. [19-23] 
 
 

Product 
(mm) 

Condition Specification Dir. T (°C) UTS 
(MPa) 

0.2% YS 
(MPa) 

Elongation 
% 

Reduction 
in area 

MINIMUM TENSILE PROPERTIES OF TIMETAL 6-4 
0.6-25 Annealeda ASTM B265 L & LT 20 895 826 10b - 
≤ 75 Annealed ASTM B348 L 20 895 826 10 25 
≤100 Annealed Mil-T-9047Gc All 20 896 827 10 25 

>100-150 Annealed Mil-T-9047G All 20 896 827 10 20 
< 10 STDd Mil-T-9047G  20 1137 1068 10 20 

>10-25 STDd Mil-T-9047G  20 1103 1034 10 20 
>25-40 STDd Mil-T-9047G  20 1068 999 10 20 
>40-50 rd., sq., 

hex 
Mil-T-9047G  20 1034 965 10 20 

>50-75 rd., sq., 
hex 

Mil-T-9047G  20 965 896 10 20 

MINIMUM TENSILE PROPERTIES OF TIMETAL 6-4 E(xtra) L(ow) I(nterstitial) 
0.6-25 ST ASTM B265 L & LT 20 828 759 10 - 

≤ 75 Annealed ASTM B348 L 20 828 759 10 25 

≤ 45 Annealeda ASTM F136 L 20 860 795 10 25e 

45-65 Annealeda ASTM F136 L & LT 20 825 760 8 20 
65-100 Annealeda ASTM F136 L, LT & 

ST 
20 825 760 8 15 

 

a 700°C/1hr/AC or slower. b For materials less than 0.6 mm thick, the elongation must be negotiated with 
the manufacturer. c Partial list of tensile requirements from the specification. d Solution Treat and Age (900-
970°C/2-120min/WQ + 500-700°C/2-8hr/AC. e Only for 4.75< Thick material < 45.  
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The influence of the solution treatment on yield stress and on ultimate tensile 

stress is an example of the influence of the thermo-mechanical history of the material. 
The evolution of these properties in function of the thickness (cold reduction) of the plate 
reflects the influence of the texture. The thinner (more cold deformed) the plate, the 
bigger the tendency of the material to be textured. Finally ELI (Extra Low Interstitial) 
gives an example of the influence of the composition on the mechanical properties. 
Oxygen must be near a specified maximum to meet strength levels in solution treated and 
aged Ti6Al4V, but oxygen levels must be kept as low as possible to optimize fracture 
toughness. Depending on the application, the balance between these two properties will 
define the oxygen level required. Iron content must be kept as low as possible to optimize 
creep and stress-rupture properties. Most creep-resistant alloys require iron levels at or 
below 0.05wt%. 

2.1.5.4 Applications of Ti6Al4V 

 
Ti6Al4V has a high specific strength, stability at temperature up to 400°C and 

good corrosion resistance but unfortunately is very expensive. It will thus only be used 
when weight and corrosion are critical considerations.  

The aerospace industry uses essentially wrought Ti6Al4V in gas turbine engines 
(compressor blades, discs and wheels) and for airframe applications. In addition, fine 
equiaxed grains grade of this alloy show superplastic behaviour and are exploited to 
produce very complexes structures together with diffusion bonding as a joining 
technique.  

Surgical implants are often made in Ti6Al4V because of its low modulus, good 
tensile and fatigue properties and biological compatibility.  

Due to its price, Ti6Al4V is used in the automotive industries only for high 
performance, luxury and racing cars usually in reciprocating and rotating parts such as 
valves, valve springs, connecting rods and rocker arms. 

Armaments, sonar equipment, deep submergence applications, hydrofoils, 
capsules for telephone cable repeater stations, water-jet inducers for hydrofoil propulsion 
and seawater ball valves for nuclear submarines are the opportunity for Ti6Al4V in the 
marine industries. 
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2.2 Deformation Mechanisms 
 

Deformation mechanisms are the second important topic that must be covered to 
better understand all the issues of this work. Particular attention will be paid to 
superplastic deformation because the mechanisms acting during this kind of deformation 
are totally different from the more common plastic deformation mechanisms.  

 

2.2.1 Deformation map 

 
Figure 2.8 (a) illustrates the evolution of the true flow stress (σ) as a function of 

the strain rate (ε& ) for materials with and without superplastic potentiality. The slope of 
the log σ – log  ε&  plot is the strain rate sensitivity m (Figure 2.8 (b)).  

 

                                                     
ε
σ
&log

log
d
dm =          (2.1) 

 

 
 

Figure 2.8  Logarithmic plot of the dependence of flow stress and strain rate sensitivity on strain rate for 
material with and without superplastic abilities. [24] 
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For superplastic materials, the curves can be divided into 3 regions: 
 
• Region 1: low strain rates, the deformation is diffusion controlled  
• Region 2: superplasticity 
• Region 3: high strain rate, the deformation is governed by dislocation motion 

 
In the following the different regions will be described but not in the conventional 

order. The superplasticity is approached at the end because this region refers to the two 
others domains. 

 

2.2.2 Region 1: Diffusion creep [25-27] 

 
Deformation of a material by transport of material via diffusion of atoms within a 

grain is called diffusion creep. The driving force for this diffusion is like for all diffusion 
processes a gradient of free energy (chemical potential).  In this case the gradient is due 
to the applied stress. Stress changes the chemical potential of the atoms, on the surfaces 
of the grains in a polycrystal in such a way that there is a flow of vacancies from grain 
boundaries experiencing tensile stresses to those which have compressive stresses. At the 
same time, there is a corresponding flow of atoms in the opposite direction, leading to the 
elongation of the grain. The diffusion path length is on the scale of the grain size, 
diffusion distances are shorter in fine-grained materials, which thus tend to be more 
susceptible to creep. 

There are two types of diffusion creep, depending on whether the diffusion paths 
are predominantly through the grain boundaries, termed Coble creep (favored at lower 
temperatures) or through the grains themselves, termed Nabarro-Herring creep (favored 
at higher temperatures). 

2.2.3 Region 3: Deformation governed by dislocation motion [28-29] 

 
In this range of strain rate, the strain rate sensitivity is low and the material is 

deforming by conventional recovery controlled dislocation movement. Under the applied 
stress, the dislocation glide and the accumulation of this glide is responsible for the strain. 
Dislocations can not glide totally free inside the material, the microstructure of the 
material will exert some resistance. For example, during its motion a dislocation can be 
retained by, on atomic scale, other dislocations, solutes and even the lattice itself and on a 
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larger scale by precipitates, dislocation arrays within the grains and grain boundaries. The 
rate at which the obstacles can be overcome will be the determinant mechanism for the 
rate of gliding. The glide time is in fact negligible with respect to the time spent at 
pinning points.  

Rising the temperature can make the movement of the dislocation easier. Thermal 
activation enables edge dislocations to climb from one glide plane to another by either 
absorbing or emitting vacancies at a sufficient rate and so to bypass the obstacles. In the 
same way, if jogs are formed by the intersection of dislocation with forest dislocations, 
the absorption or emission of vacancies will allow the release of the gliding dislocation. 
Those dislocations which are catched in the sub-boundaries will climb and either be 
annihilated in the boundary or run away. In this case, the rate at which the dislocations 
are made available for glide will be the controlling parameter for the strain rate. In 
general, it is found that nσε ∝&  where n is termed the stress exponent. Prediction of the 
value of n from first principles is not easy, but its value does depend on which 
mechanism is operating. For diffusion creep its value is approximately 1, while for 
deformation governed by dislocation motion it is usually in the range 3-8.  

At high temperature, the supply in vacancies for the climb of dislocation is 
assumed by volume diffusion resulting in values for the stress exponent, n, ranging from 
3 to 5.  

At lower temperatures vacancy diffuses predominantly along the dislocation 
cores. The rate at which vacancies are supplied to or removed from the climbing 
dislocations is then dependent on the dislocation density which is itself a function of the 
applied stress. Stress exponents of 5 to 8 are then predicted. This involves dislocation 
motion in specific directions on specific planes, which in combination are known as slip 
systems.  

The number of active slip systems is limited and so accumulating slip on these 
systems results, for a tensile test, in the elongation of the grains parallel to the tensile axis 
during deformation. Since the distances over which dislocations move between two 
obstacles are smaller than the grain size, one can think that stress-strain behavior is 
virtually independent of grain size. But grain size will influence the dislocation density 
and so the distance between obstacles to the dislocation motion. In region 3, the influence 
of grain size on the yield stress follows the relation proposed by Hall and extended by 
Petch :  

2/1−∝ dyσ  (2.2) 

with  yσ the yield stress and  

d the grain size. 
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2.2.4 Region 2: Superplastic deformation 

 
Superplastic materials are polycrystalline solids which have the ability, in a very 

limited domain of temperatures and strain rates, to undergo large strains prior to failure. 
Engineering strain up to 8000 % could be reached in a copper alloy (Cu-Sn-Al). The flow 
stress during this deformation is very low, for industrial applications usually below 25 
MPa. 

2.2.4.1 Mechanisms 

 
Even today, the flow process in the superplastic domain is still not yet totally 

understood, but there is agreement on the fact that the strain is accumulated by grain (or 
clusters of grains) boundary sliding.  This mechanism requires equiaxed grains. The 
grains remain equiaxed during the deformation or if they were not equiaxed prior to the 
deformation, they become so. The grains modify their direct neighborhood; they change 
of neighbor and it is also possible for interior grains to reach the free surface and vice-
versa. The path of individual grains is function of the normal and shear stresses acting on 
their grain boundaries and of the shape and the orientation of the grain. Motion and 
rotation are thus random in nature, occurring in different directions and with different 
path lengths. As a result of this mechanism, the texture decreases with strain while the 
opposite phenomenon is generally observed during dislocation glide. Figure 2.9 
illustrates superplastic deformation by grain boundary sliding. 

 
If grains are considered as totally rigid, grain boundary sliding in such a system 

generates the formation of voids in the microstructure (see figure 2.10). However 
microstructural investigations on many superplastic materials do not reveal any 
cavitation. Even if some cavities are observed, their distribution is heterogeneous and far 
from what should be expected in the case of grain boundary sliding with rigid grains. 
Cavitation during grain boundary sliding is indeed accommodated for. The most popular 
accommodating mechanisms are diffusion and dislocation rearrangement. Increasing 
strain rate and decreasing temperature favors the accommodation by dislocation motion 
whereas, decreasing strain rate and increasing temperature, favors the accommodation by 
diffusion.  
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The accommodation mechanisms are mainly slow in comparison with grain 
boundary sliding. The rate at which accommodation can occur is thus the rate controlling 
mechanism for superplasticity. 

 

 
 

Figure 2.9  Evolution of microstructure and texture during superplastic deformation. [30] 

 
 

Figure 2.10 Representation of void nucleation, growth and coalescence, due to unaccommodated grain 
boundary sliding. [31]  
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2.2.4.1.1 Grain boundary sliding accommodated by dislocation activity 
An obstructing stress concentration is developed when a grain tries to glide along 

its boundaries. The relaxation of the stress concentration by emission of dislocations by 
boundaries and by absorption of dislocations by other boundaries is limited by the rate at 
which these emissions and absorptions can occur but also by the rate at which the 
dislocation can cross the grain by gliding and/or climbing. At superplastic temperatures, 
it is supposed that the number of strong obstacles is limited in the grains and the solute 
drag effect is not really significant either. So the dislocation glide through the grains is 
assumed to occur relatively fast [32]. Pile-ups of dislocations adjacent to the grain 
boundaries are thought to develop and provide a back stress against which the sliding 
grains would have to work to emit further dislocations along a particular slip plane. 
Climb of the leading dislocation from the pile-up into the boundary would allow another 
dislocation to be emitted and enable a small increment of grain boundary sliding to be 
accumulated. 
 

The activation energy associated with this mechanism is close to that of grain 
boundary diffusion. If the number of active dislocation sources per grain is limited to 1, 
the flow is controlled by the boundary climb. By taking grain boundaries as dislocation 
sources, the absolute magnitude of the predicted strain rate can vary upwards of two 
orders of magnitude and is therefore source dependent. 

 
An alternative view of dislocation accommodated flow arises if the main part of 

the dislocation activity is confined in the grain boundaries [33-34]. Grain boundary 
dislocations can form pile-ups at triple points in the grain boundaries. The transformation 
of the leading dislocation into either lattice dislocations, or in another boundary 
dislocation able to glide in the other boundaries intersecting the triple point, would be the 
rate controlling process. A schematization of grain boundary sliding accommodated by 
dislocation glide and climb is presented in figure 2.11. 

 
Several arguments have been raised against dislocation based models of 

superplastic flow: 
 

• At high temperatures, the average flow stress is low and so as expected 
dislocation pile-ups are not observed experimentally. 
• There is no implicit mechanism by which the crystal lattice of either the sliding or 
the accommodating grains could rotate in the lattice pile-up model of Ball and 
Hutchison [35]. Grain elongation is implicit in any model involving dislocation 
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glide/climb on a limited number of slip systems but during superplastic deformation 
grains remains equiaxed. 

 

 
 

Figure 2.11  Schematization of grain boundary sliding accommodated by dislocation glide and climb. 
[33] 

 
The first objection against grain boundary sliding accommodated by dislocation, 

dealing with the absence of dislocation pile-ups and even dislocation activity, can be 
countered. Firstly, the formation of pile-up generates at their head stresses that can’t be 
supported by the grain boundary so dislocations will climb. This is facilitated by the high 
temperature at which superplasticity occurs. Secondly, again due to the high temperature, 
when the applied stress is removed normally there is nothing inside the material to keep 
the dislocations in the piled up configuration and the dislocations would go back to their 
sources. The grain boundary dislocation model of the accommodation of the superplastic 
deformation is often referred to as the 'Core and Mantle' model.   

 
Grain boundary sliding accommodation is assumed to occur only within a viscous 

mantle around a rigid grain core. If the grains can be figured as regular hexagons, then 
the predicted width of the mantle is only 0.07 times the grain diameter (see figure 2.12).  
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Figure 2.12  'Core and Mantle model of grain boundary sliding accommodated by dislocation. [36] 
 
The second argument against dislocation accommodated flow is eliminated as 

follows. If grain rotation was accepted as resulting from the applications of shear stresses 
on grain boundaries, grain elongation wouldn’t take place. Direction and magnitude of 
the rotations vary randomly, forcing slip to switch from one slip system to another. On 
the other hand, grain rotation is implicit in the grain boundary dislocation model. The 
same shear stresses acting on the grain boundaries would cause a movement of the 
dislocations resulting in a shear inside the boundary. The resultant couple on the grains 
would modify the orientation of the grain and a grain motion (rotation) would be 
observed. Figure 2.13 shows the effect of superplastic strain on the microstructure of a 
Pb-62Sn eutectic alloy. The discontinuity in the scratches proves that the grains slide and 
rotate. Further investigations have proved that the grains also move perpendicular to the 
free surface [37]. The study of the evolution of the orientation of specific grains found in 
the literature has shown that the rotations can vary by as much as 40° [38]. 

 

 
 

Figure 2.13  Displacement of scratches on Pb-Sn eutectic after increasing SPF strain. [37] 
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2.2.4.1.2 Grain boundary sliding accommodated by diffusion 
The redistribution of the mass by diffusion is another possibility to accommodate 

grain boundary sliding. Grain boundary sliding introduces stresses inside the material.  
Driving forces are the same as in the case of diffusion creep. Due to a stress dependent 
chemical potential, atoms diffuse from regions of compression to regions of tension. This 
mass transfer causes a gradual change in grain shape but grain boundary migration 
restores the original equiaxed shape. On the other hand, the grains don’t keep their 
orientation because they are rotated. The retention of an equiaxed grain shape is therefore 
achieved in the model of Ashby and Verrall [39]. The transient deformation of the grains 
brings on an increase in grain boundary area; the creation of this additional boundary 
surface requires some energy. The models predict that a minimum stress called threshold 
stress is necessary to start the superplastic flow. The strain rate in the superplastic region 
is controlled by diffusion but operating under an apparent stress, σ0 equal to the applied 
stress less the threshold stress (the stress necessary to create that additional grain 
boundary energy). The extent of the extra grain boundary area and so the threshold stress 
is dependent on grain size. The increased grain boundary energy is used to drive the 
subsequent grain boundary migration but the energy is lost in the form of heat. The 
threshold stress for superplastic flow predicted by the diffusion accommodation model 
varies as the inverse of the grain size. As with the case of the dislocation based models, 
several objections have been raised to the accommodation of superplastic flow solely by 
diffusion, as for example: 

• The diffusion paths originally proposed by Ashby and Verrall require that 
diffusion takes place in different directions on opposite sides of the same grain 
boundary. As diffusion is driven by the stress acting perpendicular to the grain 
boundary this is physically impossible. 

• If grain boundary sliding is accommodated solely by diffusion then the lattices of 
the individual grains cannot rotate. The rotations shown by Ashby and Verrall are 
only apparent and result from grain boundary migration. 

• The predicted strain rates are about two orders of magnitude too high. 
• Elongated grains should be apparent in the microstructure of deformed samples. 

The processes of accommodation by diffusion and by dislocation motion are 
totally independent; it could be imagined that grain boundary sliding is accommodated by 
both forms of mass transport rather than either of them alone. Grain boundary sliding will 
be accommodated mainly by dislocation movement at the higher strain rate and at the 
lower temperature and by diffusion at the higher temperature and at the lower strain rate. 
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2.2.4.2 Stability criterion 
 

 Necking or strain localization is the main cause of instability of the deformation 
during a tensile test. During superplastic deformation, there is no localization of the 
deformation: if present, necking is only diffuse. In other words every section of the 
material must be deformed in the same way. From the following relations, it is possible to 
define a theoretical criterion for superplastic deformation.  

 
In one dimension, the true stress (σ) is defined as the force applied (F) on the 

sample divided by the cross-section (A) of this sample.  
 

A
F

=σ  
(2.3) 

 
 On the other hand, the Considère’s law, applicable to superplasticity, gives 

a relation between the stress, the strain (ε) and the strain rate ( &ε ). 
 

mnk εεσ &=  (2.4) 
 
Where  k is a material constant 

n is the strain hardening coefficient  
m is the strain rate sensitivity coefficient. 

 
Considering the temperature and the strain rate at which superplasticity occurs 

and also the mechanisms, n could be neglected, meaning n ≅ 0. The following relation is 
the combination of (2.3) and (2.4) with the definition of &ε  : 

m
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(2.5) 

 
Rewriting (2.5), the variation of the cross-section as a function of the time can be 

determined: 
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So as every cross-section is deformed at the same strain rate regardless of their 
initial size, &A  must be independent of A. This condition is fulfilled with m=1. With m=1 
and n=0, (2.4) becomes equivalent to the law describing the Newtonian fluid behaviour.  
The hypothesis by which n should be equal to zero is only admissible if the material has a 
stable microstructure. Otherwise grain growth will introduce some hardening [40]. 
Although microstructural stability is in general a condition for superplasticity, sometimes, 
a small grain growth allows the uniformisation of the modification of the geometry and 
so delays the apparition of the instabilities [41].  Practically, as a general rule, it is 
admitted that superplasticity can occur if m ≥ 0.3. 

 

2.2.4.3  Summary of the influencing factors for the superplastic deformation 

2.2.4.3.1 Temperature 

 
 

Figure 2.14  Elongation as a function of temperature over a temperature range including superplastic 
deformation, for the Ti6Al4V alloy tested at a strain rate of 8.3x10-4. [42]  

 
The temperature must be high enough to allow grain boundary sliding to occur 

but not too high in order to prevent dramatic grain growth. Generally, superplastic 
deformation can appear only above half the melting temperature of the material (Tm) in 
K. For Ti6Al4V the melting point is around 1920 K and superplasticity occurs around 
1020 K. Figure 2.14 illustrates the influence of temperature on superplastic deformation 
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showing the evolution of the elongation as a function of temperature: the more the 
deformation is superplastic, the larger is the elongation.  

 

2.2.4.3.2 Strain rate 
 As seen before, strain rate sensitivity m is an important factor in the theory 

of superplasticity. High m corresponds to high sensitivity of deformation behavior of the 
material to strain rate. Figure 2.15 and 2.16 show the evolution of the flow stress and of 
m as a function of strain rate for Ti6Al4V at the industrial superplastic temperature for 
this alloy.  
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Figure 2.15  Flow stress in function of strain rate (log scale) for Ti6Al4V at 927°C. [42] 
 
This sensitivity of superplasticity to the strain rate can also be explained looking 

at the mechanisms for this type of deformation. The grain boundary sliding known to be 
the main mechanism must be accommodated to keep the integrity of the material. 
Usually, dislocation activity and diffusion take in charge the accommodation. These two 
mechanisms require a low strain rate to be able to follow the grain boundary sliding and 
to avoid the apparition of cavitations. Diffusion is easier at higher temperature and so 
strain rate could be relatively higher.   
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As can be seen from the previous section, the superplastic domain is limited at 
relatively short range of temperatures and strain rates. Outside these arrays, the ductility 
is quite modest and in the order of conventional material behavior [43].  
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Figure 2.16  m in function of strain rate (log scale) for Ti6Al4V at 927°C. This curve corresponds to the 

data shown in figure 2.15. [42] 
 

2.2.4.3.3 Grain size 
The influence of grain size (d) on superplastic deformation and on the more 

classic deformation by dislocation motion is in a certain manner opposite. In fact, a 
decrease in d brings on an increase in flow stress for the deformation by dislocation 
motion and a decrease in flow stress for the deformation by grain boundary sliding. The 
size of the zone to be accommodated during grain boundary sliding is directly dependent 
on grain size. Larger grains go together with larger accommodation zones see figure 2.17. 
The influence of grain size on the superplastic behavior of the Ti6Al4V alloy is presented 
in figure 2.18. So, for most materials a decrease in grain size allows to extend the 
superplastic domain. This means superplasticity can appear at faster strain rates such as in 
the work of T.G Langdon [44], M. Mabuchi and K. Higashi [45] or at lower temperature 
such as in the work of S. N. Patankar et al. [46].  
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The distribution of grain size also plays a great role. Grains with different sizes 
resist different stresses. So a wide grain size distribution generates a non uniform internal 
stress distribution during superplastic flow [47].  Smaller grains support lower stress and 
deform by grain boundary sliding accommodated by diffusion whilst larger grains 
support higher stress and deform by grain boundary sliding accommodated by dislocation 
or only by dislocation motion and so follow the classical power law. For very 
heterogeneous grain size distribution this could lead to a difference of several orders of 
magnitude between the experimental and predicted results. 

 
The influence of grain size modification during deformation will be approached in 

this work. Two different kinds of modification will be considered, the decrease due to 
dynamic recrystallization and the increase caused by dynamic and static grain growth. In 
the range of temperatures and strain rates explored, the static grain growth could be 
neglected. A dramatic grain growth could ruin all the efforts previously made to decrease 
the grain size in order to produce superplastic material. The presence of precipitates at the 
grain boundaries could hinder the growth and in other words stabilizes the grain size.   

 
As a general rule, it must be mentioned that for conventional material 

superplasticity is impossible for grain sizes above 15 µm and becomes difficult above 10 
µm. 

 
 

Figure 2.17 Effect of grain size on grain boundary sliding. [48] 
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Figure 2.18 (a) Stress vs. strain rate plots for four different initial grain sizes obtained by step strain rate 

test. (b) Strain rate sensitivity m given by the slopes of the curves in (a), (c) Stress vs. strain 
rate plots for 6.4 µm grain size material initially  up to a strain of 0.1 and after a strain of 0.45 
at a rate of 2 10-4 s-1, showing hardening contribution due to the deformation exposure. [52] 
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2.2.4.3.4 Cavitation 
Superplastic deformation induces the formation of cavities in most of the 

materials. These initiate at favored locations such as grain boundaries and triple junction 
points. After initiation and growth, the coalescence of cavitaties is the final step before 
rupture of the material. Different solutions have been proposed to decrease the extent of 
cavitation, such as putting the specimen under isostatic pressure during the deformation 
in tension [49-50]. Adequate thermal treatment before testing is another solution. If the 
temperature and the time are well chosen, this will result in a decrease of the size of the 
preexisting cavities and in the dissolution of certain precipitates at the grain boundary. 
[51].  
 

2.3 Microstructural evolution 
 
During tensile tests, starting from an equiaxed microstructure and in the frame of 

temperature and strain rate of this study, two different kinds of microstructural evolutions 
were observed. At lower temperature (below 600°C) and also at higher strain rate (above 
5 10-3 1/s), an elongation of the grains was observed. The extension of this elongation is 
limited because the ductility in these experimental conditions is also limited. At higher 
temperature and lower strain rate, the grains remain equiaxed but the grain size changes 
with strain. Depending on the experimental parameters, both an increase and/or a 
decrease of the initial grain size could be observed. For Ti6Al4V the literature in relation 
with this subject is scarce especially for the lower temperature and the reported results are 
limited to the evolution of the microstructure during uniaxial compression or during hot 
rolling [53-57]. Consequently most results are with respect to the evolution of the mean 
grain size as a function of strain at higher temperature. 

According to the literature, the mean grain size of the Ti6Al4V α/β titanium alloy 
increases during hot deformation in tension [52, 58-59]. This is due to two different 
phenomena: static and dynamic grain growth. Nevertheless, microstructural observations 
during this study will put forward that in certain conditions a decrease in grain size 
occurs see chapter 4.  

 

2.3.1 Static grain growth 

 
Johnson et al. have determined the static grain growth for the temperature range 

800°C-925°C [58]. The grain growth of the α-phase in Ti6Al4V is limited by the 
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presence of the β-phase at the grain boundaries. The authors have experimentally 
determined that grain growth data for the Ti6Al4V alloy follow the classical particle 
stabilized grain growth kinetics with a temperature dependent coefficient and a constant 
exponent:  

 
nKtdd += 0  (2.7) 

 
where d is the grain size,  

d0  the initial grain size,  
K and n are constant and function of solute concentration, interfacial energy and 

atomic diffusion and 
t    the time. 
 
 On the basis of these observations, a growth model by diffusion along the grain 

boundaries is proposed. The results of this work are presented in figure 2.19. 
 

 
Figure 2.19 Average grain size of Ti6Al4V alloy as a function of annealing time at various 

temperatures. [52] 
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2.3.2 Dynamic grain growth 

 
Figure 2.20 Grain growth kinetics at four different tensile strain rates compared with static kinetics for 

an initial grain size of 6.4 µm. [52] 
  

 
Figure 2.21 Grain growth kinetics at two different tensile strain rates compared with static kinetics for 

an initial grain size of 9 and 11.5 µm. [52] 
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Samples slowly deformed at high temperature (above 800°C) present grain 
growth in excess of the growth observed when samples are kept in the furnace at the 
same temperature but without deformation. From figure 2.20 and 2.21, it is clear that 
grain growth is enhanced by the imposed strain rate and that the trend persists at every 
starting grain size [52]. 

 
Work made on other alloys (Pb [60] and Cu-Al-Fe [61]) suggest that the enhanced 

grain growth is due to stress assisted or strain rate assisted grain boundary mobility. 
When grain boundaries slide, offsets are produced at triple junctions. This results in the 
accumulation of damage. Once this damage reaches a sufficient level, migration starts to 
occur and proceeds until the zone of damage has been removed [62]. Plotting data from 
figure 2.20 and 2.21 in a log-log diagram, it can be shown that the evolution of grain size 
as a function of time can be reasonably represented by a relationship of the form: 

 

( )ntdd 100=  (2.8) 

 
where n is in this case a material parameter function of the strain rate.  
 
n increases with the strain rate. 

 Although the grain growth rate rises with the strain rate, the absolute grain size 
for a same strain level is larger at lower strain rates due to longer exposure times than at 
higher strain rates. Since the flow stress of superplastic materials increases with 
increasing grain size, the grain growth during deformation leads to an apparent strain 
hardening.  

The flow stress has been found to change of dependence in grain size from 2d∝σ at 
the low rates and the superplastic temperature to d∝σ  at the higher strain rates. This 
evolution could be related at an evolution of the superplastic accommodating mechanism. 
The Nabarro-Herring model of diffusion through the grain predicts 2d∝σ and the Coble 
model of diffusion by grain boundaries 3d∝σ whereas accommodation by dislocation 
motion predicts 2/1d∝σ [63]. So the change in d dependences as a function of the strain 
rate suggests a change from a diffusional mechanism of accommodation of the 
superplasticity at the lower rates to accommodation by dislocation rearrangement at the 
higher rates [52].  
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2.4 Modelisation 
This chapter will be focused on modelisation of the superplastic deformation. In 

the literature three different ways are considered to model the constitutive behaviour of 
superplastic material: a phenomenological description, equations based on deformation 
mechanisms, micromechanics based model and an atomistic model. 

Phenomenological equations contain a series of variables that are determined 
from a set of experimental results. After this identification procedure the model should be 
able to predict results of tests performed inside the range of experimental conditions. 

The micromechanics approach tries to model deformation and rupture of the 
material starting from continuum mechanics and thermodynamic laws approximating the 
value of the different parameters at the scale of a volume element.  

Finally attempts have been made to model superplastic deformation and more 
particularly grain boundary sliding at the atomic scale [30]. 

This chapter will review the most popular phenomenological laws, equations 
based on deformation mechanisms and introduce some basic principles of 
micromechanical models. Atomistic models are not considered because they fall outside 
of the purpose of this work. Finally, the choice of the Norton-Hoff law as basic equation 
to develop our model is explained and the method used in each domain to establish 
equations is exposed.   
 

2.4.1 Phenomenological models 

2.4.1.1 Power law 
 

The power law is a well accepted phenomenological model. Equation 2.9 is its 
most common expression.  

 
pmn dk εεσ &=  (2.9) 

 

Where p is called the grain size exponent. 
 

Often expression 2.9 can be simplified, neglecting influence of grain size and 
even of deformation. The equation can be simplified as reflected in 2.10 and 2.11. 

 
mnk εεσ &=  (2.10) 

 
mkεσ &=  (2.11) 



 2.38

2.4.1.2 Polynomial form 

 
If only a nice fitting is seeked, neglecting the physical meaning of parameters, a 

common polynomial expression like in 2.12 can be used to modelise the stress-strain 
behavior. 

 

( )∑
=

=
N

i

i
iA

1

lnεσ &  
(2.12) 

 
With N equal to 8, agreement between calculated and experimental curves is 

really good. However, it must be noticed that looking only for good fit regardless of 
physical meanings, all the possible experimental artifacts are hidden in the model. 

2.4.1.3 Multiaxial expression 

 
Power law 2.9 is formulated only for uniaxial deformation. A 3D form can be 

derived, based on von Mises failure criterion. Actually, flow stress depends only on the 
deviatoric part of stress and is independent of the hydrostatic component. Equation 2.13 
is written using the equivalent strain and strain rate.   

 
pmn dk εεσ &=  (2.13) 

with  

 
where  ijσ)  is the deviatoric component of stress. 

2.4.2 Equations based on deformation mechanisms 

 
During the last decades, several laws based on predominating superplastic 

deformation mechanisms, have been formulated for different kind of materials [64]. 
Several examples of such laws are presented in table 2.4. In that table, K1-K8 are 
materials constants, σ0 is the threshold stress, T is the absolute temperature, d is the grain 
size, b is the Burger’s vector, E is Young’s modulus, Q is the activation energy, k is the 
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Boltzmann constant, Dgb, DL, DIPB and Deff,  are grain boundary, lattice, interphase 
boundary and effective diffusion coefficient, respectively. 

 
Table 2.5 Models based on deformation mechanisms. 

 
Name Year Equation Comments 

Ball-Hutchinson 1969 22
1 )()( EDdbK gb σε =&  GBS accommodated by 

dislocation climb 

Langdon 1970 21
2 )()( EDdbK L σε =&  Movement of dislocation 

adjacent to GBs 

Gifkins 1976 22
3 )()( EDdbK gb σε =&  Pile-up at triple points 

(core-mantle) 

Gittus 1977 2
0

2
4 ))(()( EDdbK IPB σσε −=&  Pile-up at interphase 

boundary 

Arieli and 
Mukherjee 

1980 22
5 )()( EDdbK gb σε =&  Climb of individual 

dislocations near GBs 

Ruano and 
Sherby 

1984 2229 )()(104.6 EbDdb L σε ×=&  Phenomenological 
 T=(0.4-0.6)Tm 

Wadsworth and 
white 

1984 2228 )()(106.5 EbDdb gb σε ×=&  Phenomenological 
 T>0.6Tm 

Kaibyshev et al. 1985 2
00

2
6 ))(()exp()( EkTQDdbkTK σσε −−=&  Hardening and recovery of 

dislocations at GBs 

Ashby-Verrall 1973 
2

0
2

7 ))(()( EDdbK eff σσε −=&  

[ ]))(3.3(1 LgbLeff DDdwDD +=  
Rate controlling diffusional 

accommodation 

Padmanabhan 1980 22
8 )()( EDdbK σε =&  D may differ from DL and 

Dgb 
 
The different expressions have almost the same form and are based on the Power 

law. Nevertheless, the number of parameters to be determined (from 2 to 15) differs. It 
can also be noticed that all the equation have a fixed value of the strain rate sensitivity 
coefficient: m=0.5 (see 2.1). The grain size d is never neglected and has an inverse 
proportionality with the flow stress; this means that the grain size exponent p is lower 
than 0. These models can give good correlation between experimental and calculated 
results. However a part of this success must be attributed at the fitting of the different 
parameters. Fixing the strain rate sensitivity coefficient limits the model to a small 
domain of the strain rate / temperature space. Actually m is strongly dependant of 
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temperature and strain rate. The validity of these equations is limited to the superplastic 
domain and sometimes to more limited temperature and strain rate conditions. 

2.4.3 Micromechanics based models 

 
Micromechanics based models start from the comparison of the simplified law 

2.10 with some basic equations for creep. In both cases, only two variables must be 
determined. Going a little bit forward in the comparison, it is observed that the 
deformation rate can be directly determined from the flow stress and vice-versa for the 
two phenomena. This allows using the self consistent approach initially created for the 
modelisation of creep [65].  

The stress redistribution in a polycrystal subjected to a constant stress is very 
heterogeneous. This is mainly due to differences in orientation of the grains. Most 
favorably oriented grains are more intensively deformed than other grains. Stress relieved 
by deformation of some grains must be supported by the others. Stress redistribution is a 
continuous process during deformation and since superplastic accommodation 
mechanisms are function of local stresses, it is important to be able to characterize this 
redistribution. 

To solve this problem, the self-consistent approach considers each grain like an 
inclusion inside a matrix (the aggregate) and observes what happens at the level of the 
inclusion when the matrix is deformed (see figure 2.22). 

 

 
 

Figure 2.22 Development of self-consistent relationship. [65] 
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The existing models relate the macroscopic strain-rate to the strain-rate of the 
accommodation processes. To remember, the two main mechanisms of accommodations 
are diffusion and dislocation creep. Ashby and Verrall [39] have proposed a model for 
both. In this model the superplastic behavior of bulk material is derived from the single-
crystal level. On this micro-continuum scale, dislocation creep has been modeled as being 
caused by dislocation glide on the slip plane. Thus, the behavior of a slip system serves as 
a convenient method to study the micro-macro transition in modeling superplastic 
deformation.  
  This model developed for single phases materials can be generalized to bi-phased alloy 
like Ti6Al4V [66]. This is achieved by incorporating the elastic and inelastic properties 
of the individual phases at the level of slip systems, and invoking self consistent relation 
to account for stress redistribution. Inside the polycrystal a phase A or B is randomly 
assigned to each of the grains the overall fraction of each phase is kept at the desired 
value (see figure 2.23).  
 

 
 

Figure 2.23 Modeling of dual-phase materials using micromechanical approach [66]. 
 

2.4.4 Norton-Hoff 

 
Equations for each deformation domain are established with the aim to be 

implemented by modelers in a finite element code. The use of the Norton-Hoff law with 
slight adaptations if needed to describe superplasticity was recently proposed by our 
colleagues form the ULg’s research team [67]. The Norton-Hoff law is a viscoplastic law 
with 4 parameters and is written as presented in equation (2.14), where p1, p2, p3 and p4 
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are 4 material dependant parameters. This law was developed by Norton [68] and 
generalized to three dimensions by Hoff [69]: 

 
34

1 2exp( ) 3( 3 ) pp p pσ ε ε ε= − &  
(2.14)  

 
In the superplastic domain, the grain size is an important additional parameter. 

We have adapted the original Norton-Hoff law to take this into account. On top of that 
we succeeded to model the tensile stress strain behaviour of the Ti6Al4V alloy in each of 
the aforementioned temperature – strain rate domains using this modified Norton-Hoff 
law.  

The adapted version of the uniaxial Norton-Hoff equation used in the present 
study is shown in equation (2.15), where σy is the yield stress and p5 the grain size 
exponent. 

 
534
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The power law describing superplasticity is equation (2.9). 
 

pmn dk εεσ &=  (2.9) 
 
Comparing equation 2.9 and 2.14, some correspondence is evident: 
 

• p2 corresponds to k and is a scaling factor 
• p3 corresponds to m and is the strain rate sensitivity parameter 
• p4 corresponds to n and is the hardening parameter  
• p5 corresponds to p and is the grain size parameter  
• p1 has no homologue in the classical law but considering equation 2.15, it 

will deal with softening.  
 
Starting from the experimental curves, the following operations were necessary in 

order to calibrate the model in the Excel software. First, the parameters of the Norton 
Hoff law were determined in each of the domains described above, by fitting the equation 
(2.15) to the experimental curves and by minimizing the error by the least squares 
method. Secondly, the evolution of the parameters p1 to p5 as a function of strain rate and 
temperature was studied separately and some expressions relating these evolutions were 
determined. The influences of strain rate and temperature were then combined in one 
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expression. These expressions were then introduced in the main expression of the Norton 
Hoff law, giving a new equation with a new series of parameters only related to the 
material. Once more the new parameters were determined using the minimization of the 
least squares method in the Excel’s solver. 

The yield stress is determined experimentally and is assumed to be equal to the 
flow stress at which the stress-strain curve is no more linear. 
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3 MATERIAL AND METHOD 
 
During this work, several experiments were made to study the hot tensile behavior 

of the Ti6Al4V alloy. After hot tensile testing Light Optical Microscopy (LOM), 
Scanning Electron Microscopy (SEM) were used to study the evolution of the deformed 
microstructure, Electron Backscattered Diffraction (EBSD) analysis was carried out to 
characterise the evolution of the microtexture and X-Ray Diffraction (XRD) analysis to 
study the evolution of the bulk texture. This chapter will briefly describe these techniques 
and the sample preparation they require. 

3.1  Material 
 

The TIMETAL® 6-4 Titanium aero sheet grade of Ti6Al4V from Timet UK Ltd 
was used in the form of a 1 mm thick sheet. This material was hot and cold rolled and 
mill annealed. The datasheet of the material is provided in appendix 1. The chemical 
composition was determined by atomic absorption spectroscopy is[70]: 6.28 % Al, 4.18 
% V, 0.18 % Fe and <0.2 % O.  
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Figure 3.1 Evolution of the α and β-phase proportion measured experimentally by linear intercept as a 

function of the temperature.  
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The β-phase proportion measured by the linear intercept method is around 12 % at 
room temperature and its evolution as a function of the temperature was experimentally 
determined and is given in figure 3.1. The results fit qualitatively well with predictions 
made by Thermocalc (figure 3.2). This software calculates the phase proportions starting 
from the data of phase diagrams. The fact that during the experimental test the 
equilibrium is never totally reach explain that there are some quantitative differences.  

 

 
Figure 3.2 Evolution of the α and β-phase proportion as a function of the temperature simulated by 

Thermocalc. 
 

 
 

Figure 3.3 Ti6Al4V material as received from Timet sample etched with Weck’s reagent (see 3.3.1.4). 
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The microstructure is composed of equiaxed α and β grains, see figure 3.3, the β-

phase is brighter and is situated at the boundary of the α grains. The linear intercept 
method gives a mean size of 9 µm for the α grains and of 3 µm for the β grains.  

 

3.2 Hot tensile test  
 
The realization of hot tensile tests requires a huge series of precautions. As for 

tensile tests at room temperature, the design of the samples and the precision of their 
machining are really important and their size should be small enough in order to 
introduce them in the furnace. The fixation of the sample and the measurement of the 
strain become more difficult at high temperature. Inside the furnace the homogeneity of 
the temperature must be ensured, the environment must be inert, and quenching must be 
possible. This paragraph will deal with all these difficulties and the solution proposed. 

 

3.2.1 Sample 

 
 

Figure 3.4 Geometry and dimensions of sample for hot tensile tests. The dimensions are in mm. 
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3.2.1.1 Design 

The design of the samples must ensure that the deformation will be localized 
within the gauge length. A compromise must also be made about the size of the samples: 
they must be small enough to make sure that the deformed sample stays inside the zone 
of homogeneous temperature but not too small to avoid size effects during the 
measurement.  

 
Due to the superplastic properties of the Ti6Al4V alloy, large strains are expected. 

So the usual geometry of superplastic test coupons was chosen as a basis and adapted to 
our practical conditions: furnace size, fixation system, material price and titanium 
workability. The final sample geometry and dimensions satisfying all these necessities 
are presented in figure 3.4. The samples were cut with the rolling direction of the plate 
perpendicular to the tensile axis. 
 

3.2.1.2 Sample manufacturing 

Ti6Al4V can be readily machined even though:  
1) Titanium, a poor conductor of heat, permits a rapid heat buildup at the cutting 

interface. 
2) Titanium tends to react with the cutting tool by smearing, galling and welding. 
3) Titanium’s low modulus allows the work piece to move away from the cutting 

tool more easily than in the case of ferrous metals [71].  
 
At the beginning, the samples were machined by milling operations but to avoid 

tool heating problems it was necessary to slowly work. Despite this precaution, the 
milling tools wore out too fast, increasing drastically the price per sample. Electric 
Discharge Machining also took too much time in consideration of the number of samples 
needed.  Finally, cutting the samples by high pressure water jet streaming proved to be 
the fastest reliable solution.  
 

3.2.2 Tensile test  

 
Tensile tests were performed on a Zwick T-050 tensile machine equipped with a 

furnace and with the Test Expert software version 8.0. Load cells with a capacity of 5 kN 
or 50 kN were used in function of the maximal stress expected during the test. Some 
important features related to the hot tensile test are considered in the following paragraph. 
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3.2.2.1 Tensile test at constant strain rate 
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Figure 3.5 Evolution of the true strain in function of the test time during a tensile test on Ti6Al4V flat 

specimen at 800°C and a strain rate of 0.0005 1/s. 
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Figure 3.6 Evolution of the true strain in function of the test time during a tensile test on Ti6Al4V flat 

specimen at 800°C and a strain rate of 0.05 1/s. 
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When the material is tested in superplastic conditions, the strain at rupture is 
large. Tensile test with constant crosshead speed leads in this case to a non-negligible 
decreasing strain rate within the specimen gage length, which additionally complicates 
the measurement of their mechanical behavior. To overcome this problem, special test 
software was programmed to adapt the crosshead speed during the test. The tensile test at 
constant strain rate is based on a feedback loop, 4 times per second, the instantaneous 
strain rate is measured and the crosshead velocity is modified to correct the result and to 
stay as close as possible to the initially imposed strain rate. The evolution of true strain as 
a function of time during a tensile test, at the temperature where the maximal strain was 
registered, is presented in figures 3.5 and 3.6 respectively for the slowest and the fastest 
strain rate covered in this work 

The linearity of the curves demonstrates that the software is efficient and that 
correcting the crosshead velocity 4 times per second is enough to realize tensile test at 
constant strain rate in the range of strain rate covered during this study. Working at 
slower strain rates will also be realized with good precision. On the other hand, there is a 
problem when the strain rate is increased. The tensile machine can’t adapt the crosshead 
speed fast enough for tensile tests at strain rates above 0.5 s-1.  

 

3.2.2.2 Strain measurement 

Testing material inside a furnace at high temperature limits the possibilities to 
measure sample deformation during the test. The experimental setup and conditions did 
not allow the use of an extensometer, the absence of view inside the furnace eliminates 
the possibility to make use of interferometry or camera equipment and high temperature 
strain gauges are too expensive considering the number of test to be realized, so sample 
deformation had to be determined from the displacement of the mobile traverse. Taking 
into account the large strain values to be measured and that specimen head didn’t deform, 
the obtained values were precise enough. 

 

3.2.2.3 Fixation of the sample 

The system fixation of the sample must avoid slipping of the samples during the 
test and must also improve the localization of the deformation inside the gauge length. 
The nickel based super alloy used to grip the specimens has high working temperature, 
high resistance to creep, small thermal expansion coefficient and good resistance to 
oxidation. It also resists to thermal shocks because after each test the sample will be 
quenched.   
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3.2.2.4 True stress and true strain curves 

The engineering stress-strain curve is based on the original dimensions of the 
specimen and does not give a true indication of deformation behavior of the material. 
Evaluation of stress and strain based on instantaneous dimensions will be preferable. 
These characteristic quantities are called true stress and true strain. The relations 3.1 to 
3.10 give the different definitions of stress and strain and the relations used to calculate 
the one from the other.  
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And so, 
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Where  L   is the instantaneous gauge length , 
L0   the initial gauge length , 
F   the force applied on the sample , 
A  the instantaneous cross section of the sample, 
A0 the initial cross section of the sample.  
 
In the following chapters, tensile test results will always be presented in the form 

of true stress and true strain. 
Engineering stress s and strain e are only valid up to the point of necking or 

instability of cross section. For superplastic deformation, the sample undergoes an 
essentially diffuse necking along its length, so s and e are assumed in this standard to be 
valid. However at the junction to the clamp sections of the sample the cross section 
reduces from the original value to the final value, over a length of approximately 4% at 
each end. Also, there are small local instabilities of cross section over the gauge length. 
These contribute to an error in the calculated values of ε and σ. In the absence of 
currently available extensometers that could operate in the high temperature environment 
of a superplastic test, ε and σ have to be inferred from crosshead displacement.  By this 
way the evaluation of the Young’s modulus is impossible.  
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Figure 3.7 Young’s modulus of the Ti6Al4V alloy, measured by IET, as a function of temperature. 
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To be able to reconstruct stress-strain curves, the evolution of the stiffness of the 
material was measured by high temperature Impulse Excitation Tests (IET). The impulse 
excitation technique is a nondestructive test method that uses natural frequency, 
dimensions and mass of a test-piece to determine Young's modulus, Shear modulus, 
Poisson's ratio and damping coefficient. At room temperature a difference of 5% has been 
detected between the Young’s modulus measured in the rolling and the transverse 
direction. The evolution of the Young’s modulus in the rolling direction as a function of 
temperature is presented in figure 3.7. The influence of the phase’s proportion on the 
mechanical behaviour of the material is clearly shown on this graph.  

3.2.2.5 Reproducibility 

To study the evolution of the microstructure in function of the strain, a series of 
test interrupted at different strains before rupture had to be done. The curve of these 
interrupted tests fit almost perfectly with the curve of the complete test: a difference of 
maximum 2 MPa was measured. 

3.2.3 Heating system 

 
Different types of furnaces working with the required precision in the range of 

temperature considered, were available at the Department of Civil and Materials 
Engineering of the RMA and at the department “Metaalkunde en Toegepaste 
Materiaalkunde (MTM)” of the Katholieke Universiteit Leuven (KUL). The different 
criteria that must be taken into account to choose the most adequate furnace will be 
covered in the following sections.  

3.2.3.1 Temperature homogeneity 

The homogeneity of the temperature inside the furnace must be as good as 
possible at least in the zone where the sample is situated. For the studied Ti6Al4V alloy, 
above 800°C up to the β-transus (998°C), the α-phase is transformed by an allotropic 
transformation into the β-phase. In this zone of temperature, the phase proportion can 
change rapidly, in the worst case, between 900 and 925°C the rate of the modification is 
almost as high as 1% per 1°C. Knowing that the properties of the two phases are 
drastically different, the mechanical behavior of the alloy will also be completely 
modified by a change of the phase fraction. The future ASTM norm dealing with the 
Standard Test Method for Determining the Superplastic Properties of Metallic Sheet 
Materials recommends that:  for the duration of the test, defined as the time from 
initiation of loading until the termination of test or fracture, the allowed tolerance 
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between indicated and nominal test temperature is +/- 3ºC up to 700ºC and +/- 6ºC above 
700ºC. Increasing the number of independent heating zones can improve the homogeneity 
of the temperature. The most common furnaces are composed of three independent zones 
heated by resistors. The norm is necessary to encourage peoples who want to study the 
superplasticity to produce comparable results. To help diffusing this method, the project 
of norm is presented in appendix 2. 

 

3.2.3.2 Environment  

At high temperature, titanium alloys being reactive metals, will react with oxygen, 
nitrogen, hydrogen and carbon and indeed with most refractories and metals. To illustrate 
this, above 500°C at the surface of the sample an oxide layer grows in a multi-layered, 
porous non-protective scale and cause embrittlement (see figure 3.8). As for welding, 
working at high temperature with titanium alloys will be, to a large extent, the art of 
excluding foreign substances. Working under vacuum, under a static argon atmosphere 
with slight overpressure or with a borosilicate coating on the specimen are the main 
solutions to avoid environmental contamination of the material.  

 

 
 

Figure 3.8 Porous non-protective oxide layer form during a tensile test in air at 925°C and a strain rate 
of  5 10-4 s-1.  

Porous layer 
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3.2.3.3 Quenching 

After the test, if nothing is done to increase cooling speed, the resultant 
microstructure will be far from what was the microstructure during the test at high 
temperature. The cooling speed after the test is therefore an important criterion for the 
furnace choice. Quenching the samples to freeze the high temperature microstructure is 
the best alternative possible. At temperatures above approximately 845° C the β-phase is 
not retained on quenching to room temperature: it transforms to martensite if the quench 
is fast enough or to "Widmanstätten" α plus β if the quench is slower [71]. To illustrate, 
the TTT diagram of a titanium alloy with a composition not so far from Ti6Al4V and 
calculated by JMatPro software is presented in figure 3.9. This alloy contains more β-
stabilizer and so the quenching speed for Ti6Al4V must be faster to avoid the 
transformation of the β-phase into the α-phase. 

 

 
     

Figure 3.9 TTT Diagram of the SP700 titanium alloy  calculated by JmatPro. [72] 
 

3.2.3.4 Heating rate 

The heating rate is a less important criterion. It must be fast enough to avoid grain 
growth during the heating period but considering the rate of static grain growth a certain 
tolerance could be allowed. 
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3.2.4 Comparison of the different furnaces 

 
Table 3.1 summarizes the main characteristics of the different furnaces available 

to perform the hot tensile tests. 
Dealing with all these selected parameters the Instron furnace from the RMA was 

chosen. This furnace has been conceived, enabling an inert gas atmosphere to be utilized 
whilst testing titanium alloys in tension with large strain rates. 

Table 3.1 Summary of the main characteristic of the different furnaces 
 

 
Instron  
(MTM) 

Maytec  
(RMA) 

Instron  
(RMA) 

Homogeneity of 
the temperature 

OK  OK OK 

Environment Vacuum 
Air but the 

oxydation is limited 
by a flow of Ar gas 

Inert gas 

Quenching Impossible Water quenching 

Quenching by 
blowing nitrogen 

under high pressure 
on the specimen 

Heating rate 11°C/min 45°C/min 90°C/min 

Fixation 
Slipping and 

deformation of the 
head of the sample

Slipping and 
limited deformation 
of the head of the 

sample 

No Slipping and very 
limited deformation 
of the head of the 

sample 

 
The furnace is heated by a bank of three zones which offers excellent temperature 

uniformity whilst providing rapid heating and cooling rates, the latest are critical for these 
experiments. The furnace has a split construction (non-concentric) which allows a good 
seal when operating in inert gas mode. A gas inlet and exhaust is provided with an over 
pressure relief valve for safety purposes. Stainless steel bellows are used to ensure that a 
good atmosphere is maintained whilst high strain rates are carried out. Quenching is 
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achieved by injection of high pressure nitrogen inside the furnace. With this method, the 
sample can be cooled from 900°C down to 700°C in 12 seconds and from 700°C to 
600°C in 100 seconds enabling the transformation of the β-phase into α’or α’’-martensite. 
The grips provided to clamp the samples are manufactured from a special Nickel-based 
superalloy and include clamping jaw faces for retention of the specimen. Jaw faces 
feature unique roughened faces to maximize gripping and avoid slippage of the specimen 
during tests. A special Nickel-based superalloy clamping bolt that passes through both the 
faces and the specimen will clamp the specimen between the jaw faces. Figure 3.10 
presents a picture of the furnace mounted on a Zwick-050 tensile machine. 

 

 
 
Figure 3.10 Inert gas purged Instron furnace mounted on the Zwick-050 tensile machine. 
 
The thermal homogeneity of the furnace was monitored by thermocouples welded 

on three different points of the sample: one on each head and the last one on the center of 
the specimen. As presented in figure 3.11 the homogeneity is almost perfect except 
during the heating up period without any major influence on the test results.   

During heating and the whole test, a small overpressure of argon is maintained 
inside the furnace. The samples are heated as fast as possible up to the desired 
temperature, approximately 0.6°C/s.  
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During heating, a very low tension, a few MPa, is applied and maintained on the 
sample to counterbalance the dilatation of the system. The target tension that must be 
maintained during heating by the tensile machine is chosen far from the yield stress of the 
material at the test temperature. The sample is maintained at this temperature during 10 
min to ensure the homogeneity of the temperature around the sample. After that the 
sample is deformed to the desired elongation or to the rupture, quenching by injection of 
high pressurized nitrogen is realized at the end of the test to freeze the microstructure. 
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Figure 3.11 Evolution of the temperature as a function of the time on three different points of the 

specimen during the heating up and the tensile test. 
 

3.3 Microstructural investigation 
 
After mechanical testing of the material, microstructural investigation of the 

deformed samples is needed for unraveling the active mechanisms during deformation. 
Considering the average grain size of the material, LOM and SEM examination were 
sufficient. Sample preparation is the same for both techniques. However, the choice of 
the mounting resin and of the etching solution can differ, because samples must be 
conductive for SEM and the type of contrast is different for both methods.  
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3.3.1 Sample preparation 

 
Titanium alloys are very ductile metals and prone to mechanical deformation. For 

the abrasive processes in metallographic cutting, grinding and polishing, this aspect has 
to be taken into consideration. 

3.3.1.1 Cutting 

Due to its high ductility and bad heat conductivity, titanium produces long chips 
when machined or cut, which makes metallographic cutting with regular aluminum oxide 
cut-off wheels very ineffective. Heat damage can occur easily and therefore special 
silicon carbide cut-off wheels developed by Struers (459CA) have been used.  

3.3.1.2 Mounting 

The choice of the mounting resin is function of the type of microscope. If the 
sample is used for SEM examination without E(nvironmental)SEM possibility, a phenolic 
resin with carbon filler (Polyfast Struers) will be favored because the SEM requires a 
conductive sample.   

For LOM investigations, a common phenolic resin (Multifast Struers) used for 
routine mounting is acceptable. The curing time recommended by the producer has been 
increased by 2 minutes to avoid the loss of planarity during grinding due to an 
uncompleted polymerization of the sample.  

3.3.1.3 Polishing 

Titanium alloys are prone to mechanical deformation and scratching during 
grinding. The three-step method described in Table 3.2 is a procedure, which gives 
excellent, reproducible results.  

3.3.1.4 Etching 

A huge series of etching solutions for titanium alloys are proposed in the 
literature. After a series of tests, only two formulas have been kept. The first, Kroll’s 
reagent, is the most popular and convenient both for SEM and LOM is:  

 
100 ml water 
1-3 ml hydrofluoric acid (HF) 
2-6 ml nitric acid (HNO3). 
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The second one, Weck’s reagent, is only intended for LOM under polarized light with 
Differential Interference Contrast (DIC) and shows color etching, in favorable conditions:   
 
 100 ml water 
     5 g    ammonium bifluoride (NH4FHF) 
 

 
Table 3.2 Three steps method to polish samples for microscopy. 1 Silicon carbide paper 

2Colloidal silica suspension with a grain size of approximately 0.04 µm. 
 

 Step 1 Step 2 Step 3 

Abrasif SiC1 1200 SiC 4000 OP-S2 
96ml OP-S + 2ml H2O2+ 2ml NH4 

Lubricant Water Water Water 

rpm 300 150 150 

Force (N) 20 20 15 

Time (min) 
As long as needed to 

reach planarity 
5 

6  
 + 2 min with only water  

 

3.3.2 Sample examination 

 
SEM examinations have been performed on a Philips XL-30 microscope and 

LOM on a AxioImager ZEISS microscope equipped with a 5 megapixel digital camera 
and using AxioVision 4.6 software. For every micrographs, the plane shown is the sheet 
plane. 

  

3.3.3 Grain size measurement 

 
Grain sizes were determined by the linear intercept method [73]. For each picture, 

measurements were performed in the tensile direction and in the transverse direction. At 
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least 400 grains have been measured for each test condition grain sizes reported are 
average diameters calculated according to the relation 4.11: 

 

                MN
Ld ×= 68.1  (4.11) 

 
With  L the line length 
 M the magnification 
 N the number of intercepts. 
 

As the two phases can be distinguished by the etching, it’s possible to determine 
the grain size for both phases separately. 

 

3.4 Microtexture  
 
The observation of the samples by automated EBSD gives the evolution of the 

microtexture but gives also very precious information about the microstructure. 
Information about the present phases and grain size distribution can be readily obtained. 

3.4.1 Sample preparation 

 
The preparation is easier than that of foils for Transmission Electron Microscopy 

but it remains more demanding than for normal imaging in the SEM.  This is mainly due 
to the fact that the EBSD information comes from a material volume very close to the 
surface. Only backscattered electrons with low energy loss contribute to the signal. If a 
standard preparation procedure is followed (mechanical grinding and polishing), a thin 
plastically deformed layer is formed at the surface creates distortions of the crystal lattice 
and prohibits the possibility to get good patterns. A gentle preparation method will be 
preferred. For most materials electro polishing gives the best results but for Ti6Al4V, the 
method described by Katrakova et al. [74] is chosen. This method is based on the 
classical sample preparation for microstructural investigation but the force and the speed 
of rotation are decreased to avoid keeping residual stresses in the upper layer of the 
sample. The method is summarized in table 3.3 
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Table 3.3 Three steps method for polishing samples prior to EBSD. 
 

 Step 1 Step 2 Step 3 

Abrasif SiC 320 SiC 4000 OP-S 

Lubricant Water Water Water, soap 
rpm 150 150 100 

Force/sample (N) 10 10 7.5 

Time (min) Until plane 20 90 + 2 (only with water) 

3.4.2 EBSD measurements 

 
The EBSD measurements were carried out in a Philips XL30 microscope 

equipped with a phosphorescent screen and a high speed digital camera and were 
analyzed with TSL (EDAX) software (OIM data collection 4 and OIM analysis 4.5). If 
observation of the β-phase is more particularly needed, the use of a SEM with Field 
Emission Gun having a better resolution, is recommended. 

 

3.5 Texture 
 

For the texture measurements, (0002) pole figures (α-phase) and (110) pole 
figures (β-phase) were measured using a SIEMENS D500 diffractometer with 
asymmetric Open Eulerian Cradle and Cu tube (40 kV, 40 mA). Sample preparation is 
the same as for microscopy but without etching. 
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4 TENSILE BEHAVIOUR AND MICROSTRUCTURAL EVOLUTION 
 

Bringing together the results of the mechanical experiments for all temperatures 
(room temperature-1050°C) and strain rates covered in this work (5.10-4 s-1-5.10-2 s-1), it 
is possible to classify the deformation behaviour of the Ti6Al4V alloy into several 
domains. Based on microstructural, microtextural and textural observations, it will be 
shown indeed that these domains are characterized by different deformation mechanisms.  

4.1 Tensile behaviour 
 

All the true stress-true strain curves collected during this study can be classified in 
four different groups based on their shape, corresponding with four different zones in 
temperature-strain rate space. 

• From room temperature up to 650°C at all strain rates  
• From 750°C up to 1050°C at strain rate faster than  5 10-3 s-1 
• From 725°C up to 950°C at strain rate slower than 5 10-3 s-1  
• From 950°C up to 1050°C at strain rate slower than 5 10-3 s-1  

4.1.1 RT-650°C at all strain rates  
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Figure 4.1 True stress-true plastic strain curves of a Ti6Al4V flat specimens tested between RT and 

650°C  and a strain rate of 5 10-4 s-1. 
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Figure 4.2 True stress-true plastic strain curves of a Ti6Al4V flat specimens tested between RT and 

800°C  and a strain rate of 5 10-2 s-1. 
 
Figure 4.1 presents the results of tensile tests carried out between  room 

temperature up to 650°C at strain rate of 5 10-4 s-1 and figure 4.2 the σ-ε curves  also from 
room temperature up to 650°C but at strain rate of 5 10-2 s-1.  

At lower temperature, work hardening is important and the fracture strain is 
relatively limited. With increasing temperature and decreasing strain rate dynamic 
recovery becomes more important, resulting in softening and at the same time ductility 
increases. The influence of strain rate on tensile strength up to 600°C is weak. This 
behavior is classically encountered in cold and warm deformation of materials.  

 

4.1.2 750-1050°C and strain rates above 5 10-3s-1 

 
Figure 4.3 presents the results of tensile tests carried out between  750°C up to 

1050°C at strain rate of 5 10-2 s-1. At 750 and 800°C, severe necking occurs already at 
low strain. Softening observed in figure 4.2 for these temperatures, is therefore probably 
an artifact due to the method used to calculate true stress and true strain. As presented in 
3.2.2.4, the instantaneous cross section of the sample and so the true stress, is not 
measured but calculated from the engineering strain. This way to work is only valid with 
homogenous deformation of the sample. Between 750°C and 800°C the severe 
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localization of the deformation invalid this hypothesis. Actually this means that the real 
instantaneous cross section is smaller than the calculated one and so the real true stress is 
higher than the calculated one.   

Above 800°C, σ-ε curves are of the steady-state type. Such curves indicate that 
the mechanisms of softening are sufficiently fast to balance the rate of work hardening 
and are suggestive of mechanisms like dynamic recrystallization or dynamic recovery 
occurring at very high rate [55]. 
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Figure 4.3 True stress-true plastic strain curves of a Ti6Al4V flat specimens tested between 750°C and 

1050°C  and a strain rate of 5 10-2 s-1. 
 

4.1.3 725-950°C and strain rate slower than 5 10-3s-1 

 
The evolution of the σ-ε curves as a function of temperature is presented in figure 

4.4 for a strain rate of 5 10-4 s-1. Starting from 725°C, a sample deformed slowly in 
tension reaches large elongation (true plastic strain higher than 1.3). The maximum 
elongation is observed at temperatures between 800°C and 850°C and a strain rate of 5 
10-4 s-1. Superplasticity is most surely active and grain boundary sliding can be supposed 
to be dominant. The stress increase, only visible in the tail of the σ-ε curves for the lower 
temperature, isn’t in this case due to real work hardening but probably due to an increase 
in grain size. As mentioned before, in superplasticity, the integrity of the material during 
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superplastic deformation is assured by intervention of grain boundary accommodation 
mechanisms; these mechanisms are known to be intergranular diffusion, grain boundary 
diffusion and dislocation climb [75]. When the grain size increases, the effectiveness of 
those mechanisms will be more difficult because the volume to be accommodated 
becomes larger, thus resulting in an increasing flow stress as can be seen in figure 4.4. 
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Figure 4.4 True stress-true plastic strain curves of Ti6Al4V flat specimens tested between 750°C and 
950°C  and a strain rate of 5 10-4 s-1. 

 
Since the prevalent mechanism active in this domain is grain boundary sliding, 

the influence of strain rate is important. At the higher and the lower temperature the 
superplasticity is only present at the lowest strain rate.  

The influence of the strain rate at 800°C is presented in figure 4.5. The strain-rate 
can determine the mechanism of deformation: deforming too fast can cause for instance 
the suppression of grain boundary sliding. But also if the observations are limited to the 
superplastic domain, the influence of strain rate is observed. The tests at 0.005, 0.001 and 
0.0005 s-1 are all superplastic but the shape of the σ-ε curves is different. Two main 
reasons are at the origin: 

• Firstly and as seen in chapter 3, higher strain rate causes higher grain growth 
rate but the absolute grain size for a same strain level is larger at lower strain 
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rates due to longer exposure times. So, hardening caused by dynamic grain 
growth is more pronounced for the test at 0.0005 s-1.  

• Secondly, strain rate has also an influence on the acting grain boundary 
sliding accommodation mechanism; at higher strain rate dislocation activity is 
preferred while at lower strain rate diffusion is dominant.    
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Figure 4.5 True stress-true plastic strain curves of Ti6Al4V flat specimens tested at 800°C  and at strain 
rates between 5 10-4 s-1 and 5 10-2 s-1. 

 

4.1.4 950-1050°C and strain rates between 5 10-4 s-1 and 5 10-3 s-1 

 
The true stress true strain behavior at different temperatures and a strain rate of 5 

10-4 s-1 is presented in figure 4.6. At 950°C, ductility is still important but decreases 
rapidly with temperature. At 950°C, hardening observed is known to be due to dynamic 
grain growth. The decrease of importance of hardening with temperature can be 
attributed to a modification of the mechanism of deformation. The influence of an 
increase in grain size on classical plastic and superplastic deformations is opposite. When 
grain boundary sliding is the main mechanism, an increase of the grain size will induce 
grain hardening whilst in classical plasticity this will induce a decrease of the flow stress. 
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Figure 4.6 True stress-true plastic strain curves of Ti6Al4V flat specimens tested between 950°C and 

1050°C  and a strain rate of 5 10-4 s-1. 
 

4.2 Microstructural evolution 
 
Starting from the initial microstructure presented in figure 4.7, three factors 

contributing to a modification of the microstructure have been observed: a modification 
of the phase proportion, the shape of the grains and of the grain sizes. Temperature, strain 
rate and strain are the three independent variables influencing these modifications.   

4.2.1 Phase proportion 

Figure 4.7 shows the initial microstructure, etched with the Weck’s reagent. The 
β-phase is the light colored phase present at the grain boundaries. The white phase in 
figure 4.8 is the β-phase. 

The phase proportion is only function of temperature. The evolution of this 
parameter in function of the temperature was already presented in figure 3.1. As one can 
see, the phase proportion is not modified at temperatures beneath 750°C. The β-phase 
proportion rises then from 15 % at 750°C to 65% at 950°C and finally the β-transus 
representing 100 % β, is found around 998°C.   

 

1410.5 −−= sε&



 4.7

 

 
 

Figure 4.7 Ti6Al4V material as received from Timet, sample etched with Weck’s reagent. β-phase is 
the clear phase present mainly at the grain boundaries. 

 

4.2.2 Shape evolution. 
 

Beneath 650°C, microstructures of deformed samples consist of individual grains 
elongated parallel to the macroscopic (tensile) deformation, as shown in figure 4.8 to 
4.10. This kind of microstructures is found for all strain rates. Above this temperature, the 
grains remain equiaxed whatever the temperature, the strain rate and the magnitude of the 
strain. 

 

 
 

Figure 4.8 Microstructure of a Ti6Al4V sample deformed at room temperature at a strain rate of 5 10-3  
s-1 until ε=0.12, the tensile direction is vertical. 
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Figure 4.9 Microstructure of a Ti6Al4V sample deformed at 500°C at a strain rate of 5 10-2 s-1 ε=0.18. 
The tensile direction is horizontal. 

 
 

 
 

Figure 4.10 Microstructure of Ti6Al4V sample deformed at 500°C at a strain rate of 5 10-4 s-1 ε=0.21. 
The tensile direction is horizontal. 
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4.2.3 Grain size 
 

Looking at the details of the evolution of the mean grain size (the maximum error 
on grain size measurement is less than 1 µm) as a function of strain at different 
temperatures but for the same strain rate of 5 10-4 s-1 (see figure 4.11 to 4.17), some 
particularities can be observed. Beneath 650°C, grains elongate and no specific evolution 
of the grain size is pointed out. Above this temperature, a decrease in grain size is 
observed at the early stages of the deformation. This is quite similar to what is observed 
in commercially pure titanium by Zhu et al. [76]; in this case, a reduction in grain size 
was attributed to dynamic recrystallization. The mechanism is supposed to be the same 
for Ti6Al4V and will be discussed in a following paragraph. 

Above 800°C, after the decrease, grain growth due to the high temperature is also 
observed. The higher is the temperature, the faster is the kinetics of grain growth and at 
slow strain rates grain growth becomes even preponderant, minimizing the relative 
importance of the dynamic recrystallization. Finally above 950°C, only grain growth is 
observable. 
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Figure 4.11 Grain size evolution as a function of strain for samples tested at 700°C at a strain rate of  

5 10-4 s-1. The undeformed sample was kept in the furnace for the test duration time without 
being deformed. 

 

The influence of strain on grain growth can be illustrated by thermal treatments. 
At 700°C (figure 4.11) a static anneal on an undeformed sample didn’t show any real 
modification of the grain size. At 925°C (figure 4.16), no decrease is observed and the 
increase in grain size (less than 25 %) is less important when compared with the dynamic 
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evolution observed. This led to the conclusion that the stored deformation energy both 
triggers the recrystallization and accelerates grain growth during the tensile test.  
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Figure 4.12 Grain size evolution as a function of strain for samples tested at 750°C at a strain rate of  

5 10-4 s-1. 
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Figure 4.13 Grain size evolution as a function of strain for samples tested at 800°C at a strain rate of  

5 10-4 s-1. 
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Figure 4.14 Grain size evolution as a function of strain for samples tested at 850°C at a strain rate of  
5 10-4 s-1. 
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Figure 4.15 Grain size evolution as a function of strain for samples tested at 900°C at a strain rate of  
5 10-4 s-1. 
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Figure 4.16 Grain size evolution as a function of strain for samples tested at 925°C at a strain rate of  
5 10-4 s-1. 

 

0

2

4

6

8

10

12

14

16

0 50 100 150 200 250
Engineering Strain (%)

G
ra

in
 si

ze
 (µ

m
) α

Mean

β

 
 

Figure 4.17 Grain size evolution as a function of strain for samples tested at 950°C at a strain rate of  
5 10-4 s-1. 
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Figure 4.18 presents the grain size evolution as a function of strain at a higher 
strain rate 5 10-2 s-1 at 800°C. The decreasing tendency is similar to what was observed at 
same temperature but lower strain rate but no DRX minimum was observed here. During 
investigation of the microstructural evolution at this strain rate, only DRX and no DGG 
were observed: the absence of DGG can be explained by lower exposure time of the 
sample at high temperature.  
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Figure 4.18 Grain size evolution as a function of strain for samples tested at 800°C at a strain rate of  
5 10-2 s-1. 

 
Evolutions of the α and β-phases as a function of strain are different for all test 

conditions. The α-phase is more subject to dynamic recrystallization than β-phase and the 
opposite holds for dynamic grain growth.  This could be explained by the fact that the α-
phase is more rigid and so more prone to energy storage during the deformation. 

 

4.2.4 Discussion per deformation domain 

 
Considering the results from mechanical and microstructural experiments, for all 

the temperatures and strain rates covered by this work, it is possible to classify the 
deformation behaviour of the Ti6Al4V alloy into essentially four main domains.  
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• A first domain extends from room temperature up to about 650°C. Irrespective 

of strain rate, this is the domain of classical cold and warm deformation. 
• A second domain appears at temperatures between 725°C and 950°C and 

strain rates lower than 5.10-3/s. In this domain, the dominant deformation 
mechanism is supposed to be grain boundary sliding. The material shows 
enhanced deformability (superplasticity). 

• A third domain is situated at temperatures above 950°C and low strain rates 
(below 5.10-3/s). Dynamic grain growth is causing disappearance of 
superplasticity; Ashby [77] proposed that dislocation creep is the main 
deformation mechanism. 

• Finally, a fourth domain is situated above 750°C and at high strain rate. In this 
domain, σ-ε curves are of the steady-state type and classical hot deformation 
mechanisms combined with dynamic recrystallization are believed to take 
place. 

 
In the following sections, the mechanism of deformation of each domain will be 

discussed in details. 
 

4.2.5 RT-650°C at all strain rates 

4.2.5.1 Deformation mechanisms 

 
In this domain, deformation by dislocation motion is the main mechanism. At low 

temperature, work hardening is observed. This is caused by dislocations interacting with 
each other and with obstacles, such as particles, foreign atoms, sessile dislocations or 
forest dislocations which all impede their motion through the crystal lattice [78]. The 
evolution of the shape of the σ-ε curves in figure 4.1 and 4.2 implies that softening 
increases with rising temperature and at the same time the hardening gradually decreases. 
The softening is caused by dynamic recovery which is the basic mechanism that leads to 
annihilation of pairs of dislocations during straining. When temperature rises and strain 
rate decreases, the dislocation density decreases because of easier cross slip, climb, and 
unpinning at nodes of the dislocations. Dieter affirms that these deformation mechanisms 
result in a microstructure consisting of elongated grains [79].  This is exactly what was 
observed and presented in figures 4.8 to 4.10.  
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4.2.6 725°-950°C and strain rates between 5 10-4 s-1 and 5 10-3 s-1  

 
In this domain, the main mechanism of deformation is supposed to be grain 

boundary sliding and is influenced by the grain size evolution. Some complementary tests 
were necessary to confirm this supposition.   

4.2.6.1 Texture 

 
 

 

 
 

Figure 4.19 (0002) pole figures for the α-phase (a) undeformed after 10 min at 800°C and deformed at 
800°C at a strain rate of 5 10-4 s-1 (b) after 30 % strain, (c) after 100 % strain and  

(d) after 400 %. 
 
The texture evolution in both α and β phase has been determined. Comparing the 

as received and hot deformed samples, no significant changes in the slightly textured β-
phase were observed. The maximum intensity of the (110) pole figure stay around 5 x 

b) a) 

c) d) 
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random On the other hand, the maximum intensity of the (0002) pole figure of the α-
phase varies significantly as presented in figure 4.19. The intensity drops from 8.21 x 
random for a sample undeformed during 10 min at 800 °C to 3.34 x random after 30 % 
strain, 1.91 x random after 100 % strain and 1.15 x random at fracture strain. The 
decrease in texture with strain is exactly what it is expected with grain boundary sliding. 
The fact that only the texture of the α-phase decreases is also in agreement with the fact 
that α/α interface is more prone to grain boundary sliding [55]. 

 

4.2.6.2 Deformed samples 

 

 
 

Figure 4.20 Photos of samples deformed at 825°C, 5 10-4 s-1  (from left to right 0%, 100%, 200%, 300% 
and 440% of deformation). 

 
The observation of deformed samples gives also some interesting information. 

Figure 4.20 presents the evolution of the sample with the deformation at 825°C and a 
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strain rate of 5 10-4 s-1.The figure 4.21 presents the evolution of the type of fracture as a 
function of temperature for samples deformed at a strain rate of 5 10-4 s-1.  

 
In figure 4.20, the gauge length of the samples is deformed homogenously, the 

strain localization occurs only just before rupture of the sample. Figure 4.21 shows that 
the type of rupture differs in function of temperature. The tests performed at 800 and 
850°C were interrupted because sample length reached the limit of the heated zone. At 
750°C, failure is caused by necking while at 900 and 925°C the rupture is probably due to 
nucleation, growth and coalescence of cavities.  

 

 
 
 

Figure 4.21 Photo of flat specimen tested at different temperatures and a strain rate of 5 10-4 s-1. From left 
to right, initial sample, 750°C, 800°C, 850°C, 900°C and 925°C. 
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4.2.6.3 EBSD 

The results of an EBSD scan, on a sample deformed at 800°C and a strain rate of 
5 10-4 s-1 up to ε = 0.47, is presented in figure 4.22. It is difficult to conclude from this 
figure if dynamic recrystallization (DRX) has occurred or not. No typical recrystallized 
microstructure like necklace could be identified.  

 

 
 

Figure 4.22 EBSD on a sample deformed at 800°C and a strain rate 5 10-4 s-1 until ε = 0.47. The different 
colors represent different crystallographic orientations. 

 

To prove the occurrence of DRX, EBSD scans have been performed in a same 
zone of a sample before and after deformation. The results of these scans are presented in 
figure 4.23 to 4.26. The microstructure before and after deformation is totally different. 
No correspondence of grains before and after deformation could be found with a total 
certitude. Recrystallization seems to have occurred.  

The sample, due to the oxidation during deformation at high temperature, had to 
be repolished after the tensile test. One could think that the figure before and after 
deformation corresponds to different grain layers. In order to have an idea of the depth of 
material polished away on the deformed sample, a micro hardness indentation was made 
in the examined zone. Taking into account the apex of the Vickers penetrator and the 
difference of dimensions of the indentation in the two samples, the thickness of the 
removed layer could be determined at 3.7µm. This is lower than the mean grain size of 
5.5 µm observed after a deformation at 800°C and a strain rate 5 10-4 s-1 up to 60 % 
engineering strain (ε = 0.47). 60 % was chosen as the best compromise between the 
necessities to prevent the oxidation of the sample by decreasing the test duration and to 
ensure a certain decrease in grain size see figure 4.3. These figures tend to prove the 
occurrence of DRX in this alloy when it is deformed at high temperature (above 700°C). 
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Figure 4.23 EBSD on an undeformed marked sample.  
 

  
 

Figure 4.24 EBSD on the same marked sample deformed at 800°C and a strain rate 5 10-4 s-1 until  
ε = 0.47. 
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Figure 4.25 EBSD on an undeformed marked sample.  
 

 
 

Figure 4.26 EBSD on the same marked sample deformed at 800°C and a strain rate 5 10-4 s-1 until  
ε = 0.47. 

Position of 
the tip of 

the 
mark 

Position of 
the tip of 

the 
mark 



 4.21

Observing the sample before and after deformation by optical microscopy, allow 
decreasing the thickness of the layer removed by the second polishing from 3.7 to 2.64 
µm. The same phenomenon is observed by this way. No indubitable correspondences 
could be made between figure 4.27 and 4.28.  

 

 
 

Figure 4.27 Ti6Al4V material as received and marked by micro hardness indentation. 
 

 
 

Figure 4.28 Same Ti6Al4V marked sample deformed at 800°C and a strain rate 5 10-4 s-1 until ε = 0.47. 
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Finally same type of test was performed inside a vacuum furnace, but due to 
equipment limitation, without quenching. As presented in figures 4.29 to 4.32, no 
indubitable grains correspondences could be made before and after deformation. 

 

 
 

Figure 4.29 EBSD on an undeformed marked sample.  
 

 
 

Figure 4.30 EBSD on the same marked sample deformed at 800°C and a strain rate 5 10-4 s-1 until  
ε = 0.47. 
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Figure 4.31 Ti6Al4V material as received and marked by micro hardness indentation. 
 

 
 

Figure 4.32 Same Ti6Al4V marked sample deformed at 800°C and a strain rate 5 10-4 s-1 until ε = 0.47. 
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As can be seen in figure 4.30 and 4.32, the surface of the polished sample doesn’t 
stay smooth, some ditches appear. The localization of these ditches at the grain 
boundaries demonstrates the occurrence of grain boundary sliding.  

 
To exclude the static character of recrystallization of the phenomenon, the same 

kind of test was performed but this time before and after thermal treatment at 800°C 
without deformation. The results are presented in figure 4.33 a and b. The microstructure 
isn’t modified by an annealing of 15 min at 800°C. 15 min corresponds at the time the 
sample stays in the furnace when it is deformed until ε = 0.47. On these two figures the 
complementarities of the EBSD and the optical observation could also be noticed. Optical 
microscopy is faster but EBSD gives more detailed information. 

 
 

 
 
 
Figure 4.33 a) EBSD scan on material as received and b) optical microstructure after an annealing of 15 

min at 800°C. 

4.2.6.4 Deformation mechanism 

 
In summary, in this domain, the deformation is governed by rotation of equiaxed 

grains. Grain size influences this mechanism and is modified by two different 
phenomena: the dynamic grain growth which increases its influence with temperature and 
a phenomenon assimilated to dynamic recrystallization.  

The suppression of grain boundary sliding with raising temperature is caused by 
the grain size evolution. When the temperature rises, dynamic grain growth becomes 

a) b) 
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more pronounced At 925°C the increase of grain size is so important that dynamic 
recrystallization is only observable during the first 20% of strain. 

The phase proportion also influences the deformation. In the literature there are 
some contradictions about the influence of the fraction of β-phase on grain boundary 
sliding J. S. Kim et al. [80], and P.G. Partridge et al. [81], affirm that a repartition of 
50/50 between the two phases is optimal for superplasticity. They pretend that the α/β 
interfaces are more inclined to grain boundary sliding that other types of interfaces. In 
contrast Seshacharyulu et al.[55], affirm that 20 % of β phase is better. According to 
them, the α/α interface is more susceptible to slide. The β phase prevents growth of α 
grains in this case. The stress-strain behavior observed in this domain, is more in 
agreement with Seshacharyulu et al., indeed ductility is maximal around 800°C where the 
β phase proportion is equal to 20 %.  
 

4.2.7 750-1050°C and strain rates above 5 10-3s-1   

 

4.2.7.1 EBSD 

 

 
 

Figure 4.34 EBSD on a sample deformed at 800°C and a strain rate 5 10-2 s-1 until 30% strain. 
 
Figure 4.34 and 4.35 presents the results of EBSD analysis performed on samples 

respectively deformed at 800 and 900°C and a strain rate of  5 10-2 s-1. The grains remain 
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equiaxed during the deformation. The noise present in EBSD figures is in fact the β-
phase as presented in figure 4.35. To be able to get a better resolution on quenched β-
phase, SEM with higher resolution possibilities is necessary. 

 
 

 
 

Figure 4.35 EBSD on a sample deformed at 900°C and a strain rate 5 10-2 s-1 until rupture. Orientation at 
the left hand side and phase contrast at the right hand side. 

 

4.2.7.2 Deformation mechanism 

 
In the range of temperature and strain rate covered by this domain, deformation 

by dislocation motion is supposed to be the main mechanism. The strain rate is too high 
to allow accommodation mechanisms acting fast enough for superplastic deformation. 
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Grain boundary sliding probably still occurs but in a very limited and even negligible 
amount, this could explain the fact that the strain at rupture decrease above 900°C see 
figure 4.3. The preservation of the equiaxed shape of the grains and the decrease in grain 
size are here ensured by a mechanism similar to which was observed at lower strain rate 
and assimilated to DRX.    

The occurrence of DRX is favored by a higher stored energy when the material is 
deformed at higher strain rate. No DGG was observed at these strain rates, surely due to 
lower exposition of the sample at high temperature.  

 

4.2.8 950-1050°C and strain rates between 5 10-4 s-1 and 5 10-3 s-1. 

4.2.8.1 Microstructure 

 
At these temperature, the remaining α-phase stays equiaxed during the 

deformation but grain size increase due to dynamic grain growth.  Quenching after tensile 
tests, transforms the β-phase into the martensitic α’-phase and so to quantify the β-phase 
proportion.  

 

 
 

Figure 4.36 Microstructure of a Ti6Al4V flat sample tested at 950°C and a strain rate of 5 10-4 s-1. The 
tensile direction is horizontal. 
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Figure 4.37 Microstructure of a Ti6Al4V flat sample tested at 1050°C and a strain rate of 5 10-4 s-1. The 
tensile direction is horizontal. 

 
Figure 4.36 shows microstructure of a sample quenched in water after a test at 

950°C at a strain rate of 5 10-4 s-1. The α-phase is the dark equiaxed grains phase and the 
α’ (transformed β-phase) is the lighter lamellas. In figure 4.37, the microstructure of the 
sample is constituted of 100 % α’ phase because the sample was tested above the β-
transus. 

 

4.2.8.2 Deformation mechanism 

 
Above 950°C dynamic grain growth creates grains too large to allow grain 

boundary sliding. The evolution of the β-phase fraction in this domain plays also an 
essential role. At 950°C already 65% of the volume consists of β-phase and at 995°C the 
α-β transformation is complete. The large grain size and the high β-phase content, prevent 
the occurrence of superplasticity. According to Ashby [77] dislocation creep is 
responsible for the deformation. 
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4.3 Deformation map 
 
Figure 4.38 presents the deformation map issued from the compilation of all the 

results presented in this chapter. In chapter 5 a modelisation of the mechanical test will be 
attempted for three of the four domains identified. 

 
 

Figure 4.38 Deformation map for temperatures between RT and 1000°C and for strain rates between 5 
10-4 s-1 and 5 10-2 s-1   (DGG: dynamic grain growth; GBS: grain boundary sliding;  

DRX: dynamic recrystallization). 
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5 MODELISATION 
 
In the present chapter, a modelisation of the stress-strain behaviour, based on the 

Norton-Hoff visco-plastic law will be proposed, for all distinct domains identified in 
temperature-strain rate space determined in chapter 4, except for the high temperature- 
slow strain rates domain. The industrial importance of this last domain is indeed limited.  

As presented in section 3.2.2.4 the equations 3.5 and 3.10 used to calculate 
respectively the true strain and the true stress are no more valid in case of strain 
localization. For this reason, the fitting was only attempted on the part of the true stress-
true strain curves preceding the necking.  

5.1 RT-650°C at all strain rates 

5.1.1 Calculation 

Using the method described in paragraph 2.4 and based on the Norton-Hoff law, 
the expression presented in equation (5.1) was established, where A1… A10 are material 
constants.  
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Comparing equation (5.1) with the modified Norton Hoff law (2.14), the different 

p parameters, corresponding to different physical reality, can be expressed as a function 
of temperature and strain rate as shown in equations (5.2) to (5.5). 
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By a fitting procedure on the experimental results of tensile test carried out at 300, 

400, 500, 600°C and at strain rates of 5 10-2 s-1, 5 10-3 s-1, 5 10-4 s-1, the values of the 
different A-parameters were determined and the results are shown in table 5.1.  
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The evolution of the different parameters as a function of temperature and strain 
rate will be covered in the following paragraphs. Particular attention will be paid to their 
correlation with their physical meaning.  
 

 
Table 5.1 Value of the material constants for the domain RT – 650°C at all strain rates. 
 

A1 0.0000114 

A2 -0.014 

A3 -7.669 

A4 31.282 

A5 5435.461 

A6 3812.452 

A7 5.02E-05 

A8 -0.262 

A9 0.911 

A10 0.017 

 
 
p1 (softening)  

 
Figure 5.1 shows the evolution of p1 as a function of strain rate and temperature. 

As expected, softening increases with raising temperature. In this domain of temperature 
and strain rates, the maximum difference between p1 for different strain rates is equal to 
2. This represents, in the worse case, a variation in flow stress in the order of 5%.  The 
influence of strain rate on the softening component can be considered as weak. 
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p2 (scaling factor) 
 
In this range of temperature and strain rate, p2 is only a function of strain rate and 

the dependency is linear.  
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Figure 5.1 Evolution of the parameter expressing softening in function of temperature and of strain rate.  

 
p3 (strain rate sensitivity) 
 
In this domain p3 is only function of temperature. The dependency is linear, and 

the calculated values are low, as expected for cold and warm deformation (p3 = 0.015 at 
RT and p3 = 0.046 at 650°C).  

 
p4 (n) 
 
 Figure 5.2 shows the evolution of p4 as a function of strain rate and temperature. 

Hardening decreases with increasing temperature and decreasing strain rate.  This 
evolution is in agreement with the model describing the effects of strain rate and 
temperature on strain hardening, developed by Kocks and Mecking [82] for FCC metals 
and qualitatively transposable to HCP and BCC metals because basically the same 
mechanisms act in cubic and in hexagonal metals. 
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p5 (grain size) 
 
Below 600°C grain size is stable; therefore p5 equals 0 in this domain. 
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Figure 5.2 Evolution of parameter expressing hardening as a function of temperature and of strain rate. 

 
 

The fitting is qualitatively and quantitatively good as shown in figure 5.3 and the 
evolution of the different parameters is consistent with the physical meaning of these 
parameters.  

 

5.1.2 Validation of the model 

Two methods have been used to validate the calculated values. The first one is to 
make a additional tensile test at a temperature and a strain rate inside the range of the 
experimental results used for the fitting, to evaluate the difference between experimental 
and the calculated results. The second method is to try to extrapolate the model to 
experimental conditions just outside the range of experimental results used for the fitting. 
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Figure 5.3 Experimental σ-ε charts for tensile test carried out at 300, 400, 500, 600°C and at strain rates of 5 10-2 s-1, 5 10-3 s-1, 5 10-4 s-1 (indicated by 

blue ∆). Results calculated with the Norton-Hoff law are shown with pink ○   and cover nearly completely the experimental curves. 
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5.1.2.1 Interpolation 

 
Figure 5.4 presents the validation by interpolation for a tensile test performed at 

450°C and a strain rate of 7.5 10-3 s-1. The correspondence between the experimental 
results and the curve calculated by equation 5.1 is reasonably good.   
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Figure 5.4 True stress-true plastic strain curves of a Ti6Al4V flat specimens tested at 450°C and strain 

rate of 7.5 10-3 s-1. Results calculated with the Norton-Hoff law are shown in pink. 
 

5.1.2.2 Extrapolation 

 
 As presented in figure 5.5, the established equation can be extrapolated 

reasonably well down to RT but the results are better for the highest strain rate. At 5 10-4 
s-1 and just before necking, the difference between experimental and calculated flow 
stress is approximately 4%. 
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Figure 5.5 True stress-true plastic strain curves of a Ti6Al4V flat specimens tested at RT and strain rates 

of 5 10-4 s-1 and 5 10-2 s-1. Results calculated with the Norton-Hoff law are shown in pink. 
 

5.2 725°-950°C and strain rates between 5 10-4 s-1 and 5 10-3 s-1  

5.2.1 Grain size evolution 

In this domain, grain size is an important parameter. In a first approach, fitting of 
the experimental curves was attempted without contribution of grain size but the results 
were unacceptable. It was thus necessary to collect data relating to grain size evolution as 
function of strain, strain rate and temperature in this domain. Based on a number of 
experimental grain size measurements it was possible to formulate an expression 
describing this evolution. Equation (5.6) represents a good approximation of grain size 
for true strains below 2.  
 

( ) ( ) 1.872.4343.168.870047.036.823.267.21901054.6 23 +−−−+++−×−= − εεεεεε TTTTd &&&     (5.6) 
 

Room temperature 
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Figure 5.6 Grain size evolution as a function of the strain for sample tested at different temperature and 

at strain rate of  0.0005. 
 
The comparisons of experimental and calculated grain sizes are presented in 

figure 5.6 and 5.7. The fitting can be improved by increasing the measurements but in a 
first approximation, equation 5.6 gave sufficient results. 
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Figure 5.7 Grain size evolution as a function of the strain for sample tested at different strain rate and a 

temperature of  850°C. 
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5.2.2 Calculation 

By the same method as described in chapter 5 and using (5.6) to calculate d, the 
expression given by equation (5.7) was identified as the best compromise to model the 
evolution of the true stress-true strain curves as a function of strain rate and temperature, 
with B1… B14 material constants. 
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Table 5.2 Value of the material constants for the superplastic domain. 

 

B1 -0.0025 

B2 2.033 

B3 1264.463 

B4 12485.38 

B5 -3.36006E-05 

B6 0.074 

B7 -39.975 

B8 -327.606 

B9 1.265 

B10 -428.476 

B11 -0.0001156 

B12 0.256236937 

B13 -139.5792125 

B14 -1669.284028 
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After fitting, values for the different B coefficients were obtained as presented in 

table 5.2.  The different p parameters can be calculated following equations (5.8) to 
(5.12) 
 

01 =P  (5.8)  

)²( 43212 ε&BBTBTBP +++=  (5.9)  

)²( 87653 ε&BBTBTBP +++=  (5.10)  

)( 1094 ε&BBP +=  (5.11) 

)²( 141312115 ε&BBTBTBP +++=  (5.12) 

 
p1 (softening)  
In this domain, GBS is active and p1 equals 0. During superplastic deformation, 

GBS goes together with accommodation mechanisms, mainly dislocation glide or 
diffusion. If the activity of dislocation involves the generation of dislocations and hence 
recovery, p1 should be different from 0. Obviously the fitting seems to suggest grain 
boundary diffusion as the principal accommodating mechanism. Similar findings were 
reported in Ref [25]. 
 

p2 (scaling factor) 
The global flow stress decreases as a function of increasing temperature and the 

influence of strain rate is limited. Calculated p2 reflects this evolution.  
 
p3 (strain rate sensitivity) 
The evolution of p3 as a function of strain rate and temperature is presented in 

figure 5.8.  
This evolution is in agreement with the theory of superplasticity. The value of p3 

(m) is larger than 0.3, reaches its maximum where the maximum elongation is observed 
and decreases with increasing strain rate. Moreover the values obtained by fitting are very 
close to those measured experimentally by plotting of flow stress as a function of strain 
rate. The comparison of calculated and experimental results are presented in figure 5.9 for 
a strain rate of 5 10-4 s-1. Experimental results are issued from plotting of flow stress as a 
function of strain rate for different temperature. 
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Figure 5.8 Evolution of the parameter expressing the strain rate sensitivity in function of temperature 

and of strain rate.  
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Figure 5.9 Comparison of calculated and experimental values of strain rate sensitivity. 
 
p4 (hardening) 
p4 is independent of temperature, and slightly rises with increasing strain rate. The 

superplastic character of the deformation is at the origin of this evolution. Grains glide 
along each other without any significant hardening in the grain volume.  Grain boundary 
sliding doesn’t create real work hardening. Normally p4 should be equal to zero but it was 
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mathematically impossible to keep grain hardening only in the p5 term. In fact, p4 forces 
the flow stress to rise almost linearly in function of strain since p4 is fitted almost equal to 
1 (in comparison with the power law, n=1 means a linear elastic material) and p5 will be 
responsible for the curved shape of the hardening observable on the σ-ε curves as 
schematized in figure 5.10. 

 
Figure 5.10 Schema of the influence of n and p on the shape of the σ-ε curve. 

 
p5 (grain size) 
As seen in figure 5.11, p5 undergoes almost the same evolution as p3. The 

influence of grain size is the highest when the superplastic character of the deformation is 
maximum.  
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Figure 5.11 Evolution of the parameter expressing the influence of grain size in function of temperature 

and strain rate.
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Figure 5.12 Experimental σ-ε charts (grey) and fitting (black) with the Norton Hoff law for tensile tests at different temperatures between 750°C and 
925°C and different strain rates between 10-3 s-1 and 5 10-4 s-1.  
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In this domain, the fitting is also qualitatively and quantitatively good as shown in 
figure 5.12 and the evolution of the different parameters is consistent with the physical 
meaning of these parameters except for p4 but this is only due to a mathematical artifact. 
Moreover for p3 the fitted and experimentally determined values are in agreement.  

 

5.2.3 Validation of the model 

The extension of this domain is well defined and there is no real sense in 
attempting to extrapolate the model outside of it because the mechanisms of deformation 
will differ and the fitting will of course break down. So to validate the model, only the 
interpolation is done. The figure 5.13 presents the results of this interpolation. The 
agreement between calculated and experimental results, validates the model. 
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Figure 5.13 True stress-true plastic strain curves of a Ti6Al4V flat specimens tested at 825°C and strain 

rates of 5 10-4 s-1. Results calculated with the Norton-Hoff law are shown in pink. 
 

5.3 750-900°C and strain rates above 5.10-3s-1   

5.3.1 Calculation 

Because of the lack of grain size data, it was decided to attempt the Norton-Hoff 
fitting without taking grain size into account.  This will of course decrease the possibility 
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of physical interpretation of the values of the p parameters. Using the same procedure as 
before, equation (5.13) was determined, where C1… C14 are material constants.  
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Table 5.3 Value of the material constants for the high temperature and high strain rate domain. 
 

C1 614.114 

C2 -1.768 

C3 -183.076 

C4 0.00124 

C5 7.770 

C6 0.232 

C7 -25343.871 

C8 0.496 

C9 -647.611 

C10 0.0014 

C11 -1.389 

C12 4.07013E-05 

C13 0.791 

C14 -0.029 

 
The different C values are presented in table 5.3 Even the microstructural data are 

scarce, the resulting fitting shown in figure 5.14 is not worst than those for the other 
domains. Looking at the evolution of the different pi, it’s clear that softening is rising 
with temperature and is strongly influenced by strain rate. The scaling factor is mainly 
dependent of strain rate, the strain rate sensitivity is only function of temperature and 
remains below 0.3 being the theoretical lower limit for superplasticity. Finally the 
hardening term is slightly influenced by strain rate but almost not by temperature.  
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Figure 5.14 Experimental σ-ε charts (grey) and fitting (black) with the Norton Hoff law for tensile test at 
temperatures between 750°C and 900°C and at strain rates of 10-2 s-1 and 5 10-2 s-1. 

 

5.3.2 Validation 

5.3.2.1 Interpolation 

 
The fitting of the experimental curves by the model proposed for the present 

domain is presented in figure 5.15. The two curves fits reasonably but accuracy could 
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probably be improved, after further research focused on microstructural evolution in the 
domain high temperature high strain rate, taking grain size influence into account.  
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Figure 5.15 True stress-true plastic strain curves of a Ti6Al4V flat specimens tested at 825°C and strain 

rate of 2.5 10-2 s-1. Results calculated with the Norton-Hoff law are shown in pink. 
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Figure 5.16 True stress-true plastic strain curves of a Ti6Al4V flat specimens tested at 650°C and strain 

rate of 5 10-2 s-1. Results calculated with the Norton-Hoff law are shown in pink. 
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5.3.2.2 Extrapolation 

 
The fitting of the whole curve using the high temperature high strain rate equation 

is acceptable. At the end of the deformation presented in figure 5.16, in fact just before 
localization of the deformation, the difference between experimental and calculated 
results is approximately 6 %. This deviation was classified as acceptable  

 

5.4 Transition zones 
 
Two types of transition zone are presented in figure 4.34. Firstly, at higher strain 

rates, the transition between the models for low and high temperature seems to be 
continuous. One model follows the other without gap in the deformation map.  Figure 
5.17 presents the results for the different models for the conditions 650°C and 5 10-2 s-1.  
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Figure 5.17 True stress-true plastic strain curves of a Ti6Al4V flat specimens tested at 650°C and strain 

rates of 5 10-2 s-1. Results calculated with the low temperature all strain rate model are shown 
in pink and results calculated with the high temperature high strain rate model are shown in 

red. 
 
Both models could not fit exactly the experimental curve. At the early stage of the 

deformation the experimental results are in agreement with the high temperature high 
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strain rate model but above a strain of approximately 0.08 the experimental curve will be 
more accurately fitted by the low temperature all strain rates model. 

The white zone in figure 4.38 is the second transition zone. The mechanisms of 
deformation are supposed to be there a combination of the mechanisms acting in the well 
defined domains. The transition between the superplastic domain and the more common 
plastic domain is more difficult to illustrate by an example because the differences 
between the deformation mechanisms are also more complex.  Moreover, the model 
developed for the superplastic region is limited to this region. The different parameters of 
the model reach values which are physically unrealistic when the model is extrapolated 
outside the domain. 
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6  CONCLUSIONS AND FURTHER WORK 
 

6.1 Conclusions 
 

 
 

Figure 6.1 Deformation map for temperatures between RT and 1000°C and for strain rates between 5 
10-4 s-1 and 5 10-2 s-1   (DGG: dynamic grain growth; GBS: grain boundary sliding; DRX: 

dynamic recrystallization).   
 

Figure 6.1, already presented in chapter 4, summarizes the main conclusion of this 
study. Four different domains have been observed in the temperature range between room 
temperature and 1050°C) and for the strain rates between 5.10-4 and 5.10-2 s-1. The 
deformation mechanisms acting in these domains have been identified and confirmed by 
microstructural investigations: 

 
For the temperatures below 650 °C and all strain rates, deformation by dislocation 

motion is the main mechanism. At room temperature, there is classical work hardening 
and the ductility is limited. With increasing temperature a gradual softening appears and 
the post uniform elongation increases. In this domain, microstructural changes (grains 
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elongation) are only caused by tensile deformation. Dynamic recovery becomes more 
prominent with increasing temperature, but no grain size modification is observed. 

At higher temperature and for strain rates below 5 10-3 s-1, the deformation is 
governed by sliding and rotation of equiaxed grains accommodated by mechanisms such 
as diffusion and dislocation motion to ensure the integrity of the material. The grain size 
influences this mechanism and is modified by two different phenomena: a phenomenon 
that can be assimilated to dynamic recrystallization and the dynamic grain growth which 
increases its influence with temperature. An increase of the grain size will increase the 
volume to be accommodated during the sliding of the grains and in consequence, the flow 
stress will rise. The phase proportion also influences the deformation. The α/α grain 
boundary is more susceptible to sliding. The role of the β phase is to prevent the growth 
of α grains. Ductility is maximal around 800°C, where the β phase proportion is equal to 
20 %. 

Above 750°C and for strain rates larger than 5 10-3 s-1, deformation by dislocation 
motion is supposed to be the main mechanism. The strain rate is too high to allow 
accommodation mechanisms acting fast enough for superplastic deformation. Grain 
boundary sliding probably still occurs but to a very limited and even negligible extent. 
Here the preservation of the equiaxed shape of the grains and the decrease in grain size 
are here ensured by a mechanism similar to that observed at lower strain rate and 
assimilated to dynamic recrystallization.    

Above 950°C and for strain rate slower than 5 10-3 s-1, dynamic grain growth 
creates grains too large to allow grain boundary sliding. The evolution of the β-phase 
fraction in this domain plays also an essential role. At 950°C already 65% of the volume 
consists of β-phase and at 995°C the α-β transformation is complete. The large grain size 
and the high β-phase content, prevent the occurrence of superplasticity. Ashby [77] 
proposed that dislocation creep is responsible for the deformation. 

A modified Norton-Hoff law was used to fit the experiments in the three main 
domains. The fitting to the experimental data is rather satisfying and the evolution of the 
p parameters is in agreement with physically based expectations and data from literature:  

Softening 
The softening increases with the temperature except in the superplastic domain 
(grain boundary sliding is more influenced by grain size that by dislocation 
activity) 
Strain rate sensitivity 
The strain rate sensitivity increases with the temperature and presents a maximum 
in the superplastic domain. This maximum corresponds to a maximum 
superplastic elongation. 
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Hardening 
In the superplastic domain, the hardening exponent remains almost constant. As 
mentioned before, grain boundary sliding is more influenced by grain size than by 
dislocation activity. 
Grain size exponent 
In the superplastic domain, the introduction of a grain size related factor was 
necessary in order to obtain acceptable results. In this domain the grain size 
exponent follows the evolution of the strain rate sensitivity. The influence of the 
grain size is indeed the most important when the superplastic properties of the 
deformation is the most intense. 
 

6.2 Further work 
 
Starting from the present work different opportunities could be interesting for 

further exploration of the behavior of the Ti6Al4V alloy: 
 
• Firstly not all the domains observed were intensively explored; 

microstructural investigation could be refined for some of them. Filling the 
gap could naturally be interesting. This will of course influence the accuracy 
of the definition of the different domains and also improve the fit between 
experimental and calculated true stress-true strain curves 

• Another possibility is to study the influence of a slight modification of the 
material (alloy, grain size …) on the fitting.  

• The implementation of the different models proposed in a finite element code 
and comparison between experimental results and 3D modelisation should be 
another fascinating continuation.  

• To improve the physical content of the modelisation, it should be great to 
determine a phenomenological equation for each mechanism, like dislocation, 
glide, diffusion creep, grain boundary sliding… and for each test condition try 
to fit the curves using a combination of these equations. The influence of the 
different mechanisms in the new equation will be determined by weight-
factors.  

• Ti6Al4V is as material used in armoring of military vehicles. So extending the 
domain of investigation to faster strain rate up to the observation of dynamic 
phenomena, and studying other mechanisms of deformation in these cases is 
another way to continue to explore the fascinating world of titanium.  



 6.4

• During this study, the influence of the β-phase and of its proportion on the 
deformation was illustrated. Study more intensively the importance of this 
phase is another challenging theme to continue this work.  
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Item 1   WK7114 
Standard Test Method for 
Determining the Superplastic Properties of Metallic Sheet Materials1  

This standard is issued under the fixed designation X XXXX; the number immediately following the designation 
indicates the year of original adoption or, in the case of revision, the year of last revision. A number in parentheses 
indicates the year of last reapproval. A superscript epsilon (ε) indicates an editorial change since the last revision or 
reapproval.  

 
1.  Scope  

1.1 This test method describes the test procedure for determining the superplastic forming 

properties (SPF) of a metallic sheet material. 

1.2 This test method covers sheet materials with thicknesses of at least 0.5mm but not greater 

than 6mm. It characterizes the material under a uni-axial tensile stress condition. 

Note 1.Most industrial applications of superplastic forming involve a multi-axial stress 

condition in a sheet; however it is more convenient to characterize a material under a uni-

axial tensile stress condition. Tests should be performed in different orientations to the 

rolling direction of the sheet to predict multi-axial stress in a material and to ascertain 

anisotropy. 

1.3 This method has been used successfully between strain rates of 10-5 to 10-1 per second. 

1.4 The values given in SI units are to be considered the standard. 

                                                 
1 This test method is under the jurisdiction of ASTM Committee E28 on Mechanical Testing and is the direct 

responsibility of Subcommittee E28.02 on Ductility and Flexure Testing.  
Current edition approved XXX. XX, XXXX. Published XX XXXX. 

This draft document is not an ASTM International standard; it is under consideration within an ASTM International technical committee but has not received all approvals 
required to become an ASTM International standard.  It shall not be reproduced or circulated or quoted, in whole or part, outside of ASTM International Committee activities 
except with the approval of the Chairman of the Committee having jurisdiction and the President of the Society.  Copyright ASTM International, 100 Barr Harbor Drive, West 
Conshohocken, PA  19428.  All rights reserved. 
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1.5 This standard does not purport to address all of the safety concerns, if any, associated 

with its use. It is the responsibility of the user of this standard to establish appropriate safety and 

health practices and to determine the applicability of regulatory limitations prior to use. 

2.  Referenced Documents  

2.1  ASTM Standards2 

E 6 Standard Terminologies Relating to Methods of Mechanical Testing 

E 21 Standard Test Methods for Elevated Temperature Tension Tests of Metallic Materials 

E 646 Standard Test Method for Tensile Strain Hardening Exponents (n-Values) of Metallic 

Materials 

E 4 Practices for Force verification of Testing Machines  

3.  Terminology 

3.1  Definitions--Definitions such as gage length (L and L0), true stress (σ), true strain (ε), 

normal engineering stress (S), and engineering strain (e) are defined in Terminology E 6. Thus  

ε = ln (L/L0) 

σ = S(1 + e) 

Note 2. Engineering stress S and strain e are only valid up to the point of necking or instability of 

cross section. For superplastic deformation, the coupon undergoes an essentially uniform and 

constant neck along its length, and S and e are assumed in this standard to be valid. However at 

the junction to the clamp sections of the coupon the cross section reduces from the original value 

to the final value, over a length of approximately 4% at each end. Also, there are local small 

                                                 
2For referenced ASTM standards, visit the ASTM website, www.astm.org, or contact ASTM Customer Service at 

service@astm.org.  For Annual Book of ASTM Standards volume information, refer to the standard's Document Summary page 
on the ASTM website. 
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instabilities of cross section over the gauge length. These contribute to an error in the calculated 

values of ε and σ. In the absence of currently available extensometers that could operate in the 

high temperature environment of an SPF test, ε and σ have to be inferred from crosshead 

extension and force.    

 

3.2 Acronyms Specific To This Standard: 

V = Machine crosshead velocity, the velocity of the traveling member of the test machine to 

which one of the coupon clamps is attached 

ε̇   = strain rate, measured as:   V/[L0 (1 + e)] 

Note 3: This is an operational definition of strain rate. 

m = strain rate sensitivity, defined as (ln ∆ σ)/ (ln ∆  ̇ε  ). In practical terms, m =  log 

(σ2/σ1)/log (ε̇  2/ ̇ε  1) under stated test conditions, see 7.2.2 

n = strain-hardening coefficient, defined as (ln ∆ σ)/ (ln ∆ ε  ).In practical terms, n = log 

(σ2/σ1)/log (ε2/ε1) 

3.2.2 The gage length (L) is defined as the instantaneous distance between the shoulders of the 

coupon during the test.  

Note 4: It is assumed no local necking takes place and the cross section of the coupon is 

constant over the entire gage length. For some materials, cavitation inside the material increases 

the volume of the gage section as the test progresses, and the true cross-sectional area has to be 

compensated for any strain. For other materials, the coupon can develop a ribbed or other local 

texture, and in this case, the minimum cross section has to be measured. There is an end effect at 

the junction of the gage section to the clamp section, where during the test the width of the gage 
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section transitions to the original width at the clamp section. This effect is small and can be 

ignored.  

4.  Significance and Use 

4.1 The determination of the superplastic properties of a metallic sheet material is important 

for the observation, development and comparison of superplastic materials. It is also necessary to 

predict the correct forming parameters during an SPF process. SPF tensile testing has peculiar 

characteristics compared to conventional mechanical testing, which distort the true values of 

stress, strain, strain hardening, and strain rate at the very large elongations encountered in an SPF 

pull test, consequently conventional mechanical test methods cannot be used.  This test method 

addresses those characteristics by optimizing the shape of the test coupon and specifying a new 

test procedure.  

4.2  The evaluation of a superplastic material can be divided into two parts. Firstly, the basic 

superplastic-forming (SPF) properties of the material are measured using the four parameters of 

stress, temperature, strain, and strain rate. These are obtained using conversions from the raw 

data of a tensile test. Secondly, derived properties useful to define an SPF material are obtained 

from the basic properties using specific equations. 

Note 5. The derived terms m and n are widely used to describe SPF properties of a material. 

However the terms should be used with caution, as both are dependent on the three 

parameters of strain, strain rate and temperature. Many references in the literature assume 

they are constants, or vary only with one or two of the above parameters. 

4.3 Much of the testing in this method is based on experience with Titanium and Aluminum.  

The use of the method with other metals should be verified. 

5. Apparatus 
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5.1 The accuracy of the testing machine shall be within the permissible variation specified in 

Practices E4.  

5.2 The apparatus shall be calibrated according to appropriate standards or manufacturer 

instructions. The accuracy of the recorded crosshead position should be better than .25mm. The 

machine compliance shall be determined before testing coupons, and the amount of compliance 

subtracted from the crosshead position if it exceeds 1% . 

5.3 The tensile test machine shall be capable of varying the crosshead speed in order to 

maintain a constant strain rate. Step increases in crosshead speed are allowed, a variation of 1% 

from nominal strain rate is permitted. 

5.4 The tensile test machine shall be provided with clamps that hold the test coupon at and 

under the shoulders adjacent to the gage section. The coupon is not to be compressed by the 

clamps, as this will induce superplastic flow out of the clamp area during the test. Clamp design 

should follow that shown in FIG2. 

5.5 The apparatus is provided with a furnace that shall maintain the coupon at a constant 

temperature throughout the test. Test equipment shall meet the requirements of Test Methods E 

21 for temperature measuring, calibration, and standardization. 

  

  

6.  Procedure 

6.1  Test coupons shall be made to the dimensions shown in FIG 1. The coupon width and 

gage thickness t shall be measured at a minimum of four places in the gage section, to a tolerance 

of 1% of reading. 
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6.2   If material oxidation affects the superplastic behavior of the material, the furnace can be 

flooded with argon or other inert gas to reduce the effects of oxidation.  

6.3  Loading shall start as soon as the coolest thermocouple reaches the minimum specified 

temperature range to minimize the effect of grain growth on SPF properties. For the duration of 

the test, defined as the time from initiation of loading until the termination of test or fracture, the 

allowed tolerance between indicated and nominal test temperature is +/- 3ºC up to 700ºC and +/- 

6ºC above 700ºC. 

6.4 After the initial slack is removed from the clamps, the cross-head extension shall be 

"zeroed". At this point, any movement of the crosshead is assumed to be the same as the moving 

clamp on the coupon, and is equivalent to the extension of the coupon. 

Note 6: As the clamp extension rod is pulled out of the furnace, it cools and contracts, 

thereby altering the distance between crosshead and clamp. This error in reading is small 

compared to the coupon length L and can be ignored for most testing. 

6.5 The coupon shall be pulled at a constant strain rate until a predetermined strain value is 

reached or until fracture. If early fracture occurs at the interface between clamp and gauge 

section, then the material is unlikely to be superplastic. 

6.6 Force and crosshead extension shall be recorded at least twice per second to an accuracy 

of ±1 % of the recorded value.  

6.7 At the conclusion of the test, a measurement of height, width and thickness should be 

taken in the clamp area to measure any superplastic flow in that section; this value shall be 

recorded. 

7. Analysis 
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7.1 Basic SPF Properties-Force and extension measurements from the test machine are 

converted to true stress σ [=S(1 + e)] and true strain ε [=ln (L/L0)]. The basic SPF properties of a 

material at a specified strain rate and temperature shall be presented as a graph of true stress 

versus true strain as shown in FIG 3. Several strain rates can be plotted on the same graph.  

Note 7: The usual presentation of stress/strain data records engineering stress on the Y 

axis. This is not relevant for an SPF test due to the significant elongation, and subsequent 

cross section area reduction, of the coupon. The data for the 3 x 10-4 strain rate curve from 

Fig 3 is re-drawn for reference in Fig 4 using engineering stress, and it shows an apparent 

peak stress at a low strain, with subsequent necking. However this is an incorrect inference, 

the true stress continues to rise with increasing strain and unstable necking occurs at a much 

higher strain. 

 

7.2 Derived SPF Properties--The superplastic properties of a material can be described by 

the equation 

σ = k  ̇ε  m εn              (1)  

where m is the strain rate sensitivity coefficient and n is the strain hardening coefficient                                               

7.2.1 At any single strain value,  

                                                          σ = k  ̇ε  m                                                                             (2) 

7.2.2 The m value is determined from a single tension test, in which the strain rate is 

periodically stepped to 20% above nominal, then back to nominal, starting at a true strain of 0.15 

and stepping up and down every 0.1 strain. Such a graph is shown in FIG 5. A number of points 

on either side of the step are taken and lines are extrapolated to the step, thus the two stress levels 

at the point of change are known.  m = log (σ2/σ1)/log (ε̇  2/ ̇ε  1). The value of m varies both with 
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strain and strain rate. Therefore a quoted value of m must include the corresponding temperature, 

strain, and strain rate. 

7.2.3 The default strain rate is that for maximum m, and the default strain is 0.69 (100 % 

engineering strain). Values of m for different strain rates and strains may be quoted in particular 

cases. 

7.2.4 For a constant strain rate, 

                                                     σ = kεn               (3)                                     

7.2.5 The value of n is the slope of the log true stress versus log true strain curve.  n is 

usually constant only over a limited range of strain at any one strain rate . A quoted value of n 

must include the corresponding temperature, strain, and strain rate. Strain softening can be 

present at high strain rates 

8. Precision and Bias 

8.1  Precision and bias information is being researched, and will be inserted into the 

standard by 2009. 

 

9. Report: 

9.1 The report shall include the following 

9.1.1 The material tested , including the heat and lot number 

9.1.2 The temperature and strain rate(s) conditions of the test 

9.1.3 A graph to the format of Fig 3 

10.   Keywords 

9.1 metallic materials; SPF; strain; strain rate; stress; superplastic properties; temperature; m value; 

n value. 
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FIG 1 Dimensions of test coupon 
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FIG 2 Test coupon grip configuration 
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FIG 3 Basic SPF Properties for Fine Grain Ti-6Al-4V Alloy at 775ºC, Transverse Direction 
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Figure 4 Engineering stress / true strain data 
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True stress v. true strain
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FIG 5 Typical stress/strain plot for evaluating ‘m’ value. 

 
 

 
 

 
 


